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PREFACE 


Multiscale  simulation  and  modeling  of  materials  phenomena  have  received  much  attention 
in  many  engineering  and  scientific  disciplines  including  mechanics,  physics  and  materials 
sciences,  with  far  reaching  applications  to  electronic  materials,  polymers  and  biochemical 
systems.  With  rapid  advances  in  computing  power  and  multiscale  simulation  techniques,  the 
hope  of  modeling  material  behavior  beginning  with  atomistic  simulation  and  reaching 
macroscopic  phenomena  is  becoming  a  realistic  goal. 

This  volume  contains  papers  presented  at  Symposium  Z,  "Multiscale  Materials  Modeling," 
at  the  2000  MRS  Fall  Meeting  in  Boston,  Massachusetts.  This  symposium  brought  scientists 
from  various  disciplines  together  to  discuss  the  state-of-the-art  methodologies  for  linking 
different  length  and  time  scales,  and  for  understanding  and  predicting  the  behavior  of  complex 
materials  systems.  The  symposium  was  organized  around  several  major  themes  representing 
current  challenges  in  multiscale  simulation  and  modeling:  length-scale  and  time-scale  problems, 
applications  to  microstructure  evolution,  plastic  deformation  and  fracture,  multiscale  modeling 
schemes,  length  scales  and  size  effects.  We  hope  that  this  volume  will  serve  as  a  useful  tool  for 
the  reader  interested  in  these  recent  achievements. 

The  support  of  the  Army  Research  Office,  the  Office  of  Naval  Research  and  the  National 
Institute  of  Standards  and  Technology-Center  for  Theoretical/Computational  Materials 
Science  is  gratefully  acknowledged.  Thanks  are  due  to  Huajian  Gao  who  assisted  in  the 
preliminary  planning  of  the  symposium. 


Ladislas  P.  Kubin 
Robin  L.  Selinger 
John  L.  Bassani 
Kyeongjae  Cho 
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ABSTRACT 

Plastic  defonnation  in  bcc  metals  at  low  temperatures  and  high-strain  rates  is  controlled  by 
the  motion  of  al2<\  1 1>  screw  dislocations,  and  understanding  the  fundamental  atomistic 
processes  of  this  motion  is  essential  to  develop  predictive  multiscale  models  of  crystal  plasticity. 
The  multiscale  modeling  approach  presented  here  for  bcc  Ta  is  based  on  information  passing, 
where  results  of  simulations  at  the  atomic  scale  are  used  in  simulations  of  plastic  deformation  at 
mesoscopic  length  scales  via  dislocation  dynamics  (DD).  The  relevant  core  properties  of 
a/2<l  1 1>  screw  dislocations  in  Ta  have  been  obtained  using  quantum-based  interatomic 
potentials  derived  from  model  generalized  pseudopotential  theory  and  an  ab-initio  data  base 
together  with  an  accurate  Green ’s-fimction  simulation  method  that  implements  flexible  boundary 
conditions.  In  particular,  the  stress-dependent  activation  enthalpy  for  the  lowest-energy  kink- 
pair  mechanism  has  been  calculated  and  fitted  to  a  revealing  analytic  form.  This  is  the  critical 
quantity  determining  dislocation  mobility  in  the  DD  simulations,  and  the  present  activation 
enthalpy  is  found  to  be  in  good  agreement  with  the  previous  empirical  form  used  to  explain  the 
temperature  dependence  of  the  yield  stress. 


INTRODUCTION 

The  low-temperature  and  high-strain-rate  plastic  deformation  properties  of  bcc  metals  are 
controlled  by  fl/2<l  1 1>  screw-dislocation  behavior  in  the  crystalline  lattice.  In  particular,  the 
motion  of  the  screw  dislocation  is  believed  to  be  associated  with  the  formation  and  expansion  of 
kink  pairs  on  the  screw  dislocation  line.  Thus,  the  accurate  prediction  of  kink-pair  activation 
energetics  is  essential  to  the  understanding  and  determination  of  the  mobility  of  screw 
dislocations  in  these  materials.  In  turn,  an  atomistic-based  dislocation  mobility  model  is  a  key 
ingredient  needed  to  develop  predictive  multiscale  simulations  of  crystal  plasticity  for  bcc 
metals. 

At  higher  length  scales,  the  dislocation  dynamics  (DD)  simulation  approach  has  shown  some 
predictive  power  of  the  macroscopic  plastic  response  of  bcc  single  crystals  based  on  the 
fundamental  mechanisms  of  dislocation  behavior  [1].  However,  the  accuracy  of  DD  simulations 
is  limited  in  part  by  our  understanding  of  the  unit  dislocation  mechanisms  and  in  part  by  the  local 
rules  that  dominate  the  DD  simulation  process.  Therefore,  validating  a  realistic  atomistic 
mobility  model  is  an  important  first  step  in  developing  predictive  DD  simulations  that  intend  to 
use  atomistic  data  generated  by  the  proposed  kink-pair  mechanism.  The  objectives  of  this  study 
are  twofold.  First,  it  provides  a  critical  link  to  allow  data  generated  at  the  atomic  length  scale  to 
be  used  directly  in  mesoscale  DD  simulations.  Second,  the  DD  simulation  results  can  in  turn 
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provide  a  direct  comparison  with  experiment,  which  is  essential  to  the  validation  of  the  atomistic 
modeling. 

In  this  paper,  we  report  a  systematic  study  of  atomistic  kink-pair  modeling  in  Ta  under  an 
applied  shear  stress  up  to  0.4tp,  where  tp  is  the  calculated  Peicrls  stress  to  move  the  straight 
screw  dislocation  at  OK.  Two  distinct  atomistic  approaches  were  applied  to  calculate  the  kink- 
pair  activation  enthalpy  as  a  function  of  applied  stress.  The  results  were  then  fitted  to  an  analytic 
form  that  can  be  directly  used  as  input  into  the  DD  simulations.  The  fitted  activ^ation  enthalpy 
obtained  from  the  present  atomistic  calculations  shows  good  agreement  with  that  previously 
obtained  empirically  and  used  to  simulate  the  observed  temperature  dependence  of  the  yield 
stress  inTa  [1]. 

COMPUTATIONAL  METHODS 

MGPT  interatomic  potentials 

The  present  calculations  in  Ta  have  been  carried  out  using  quantum-based,  multi-ion 
interatomic  potentials  derived  fi-om  model  generalized  pseudopotential  theoiy'  (MGPT)  [2].  This 
approach  is  based  on  the  corresponding  first-principles  generalized  pseudopotentia!  theory  (GPT) 
[3],  which  provides  a  rigorous  real-space  expansion  of  the  total  energy  for  a  bulk  transition  metal 
in  the  form 

=  AC,,„,(n)  +  ^5;’v2(y;n)+7  -L  +  l' VAiiMSl)  ,  (I) 

2  ij  ^  i,j\k  24  jji,j 

where  Rj ....  denote  the  positions  on  the  N  ions  in  the  metal,  is  the  atomic  volume,  and  the 
prime  on  each  sum  over  ion  positions  excludes  all  self-interaction  terms  where  two  indices  are 
equal.  The  leading  volume  term  in  this  expansion,  Evf,/,  as  well  as  the  two-,  three-,  and  four-ion 
interatomic  potentials,  V2,  vj,  and  v^,  are  volume-dependent,  but  structure-independent  quantities 
and  thus  transferable  to  all  bulk  ion  configurations.  The  angular-force,  multi-ion  potentials  vj 
and  V4  reflect  contributions  from  partially- filled  bands  and  arc  generally  important  for  central 
transition  metals.  Within  the  MGPT  framework  [3],  these  potentials  are  systematically 
approximated  by  introducing  canonical  J  bands  and  other  simplifications  to  achieve  short- 
ranged,  analytic  forms,  which  can  then  be  applied  to  both  static  and  dynamic  simulations  with 
the  Green’s  function  techniques  described  below.  To  compensate  for  the  approximations 
introduced  into  the  MGPT,  a  limited  amount  of  parameterization  is  allowed  in  which  the 
coefficients  of  the  modeled  potential  contributions  are  constrained  by  experimental  or  volume- 
dependent  ah-initio  theoretical  data.  The  details  of  this  parameterization  for  Ta,  together  with 
extensive  validation  tests  of  the  potentials,  are  discussed  in  Ref  4. 

Green’s  function  simulation  method 

In  the  present  work,  a  method  for  dynamically  updating  the  boundary  conditions  of  atomistic 
simulations  [5]  has  been  applied  to  the  kink  and  kink-pair  calculations.  This  approach  extends 
the  2D  lattice  Green’s  ftmetion  (GF)  boundary  relaxation  method  originated  by  Sinclair  ct  al.  [6] 
to  3D  simulations,  including  kink  and  kink-pair  formation.  The  boundaty’  conditions  for  2D  and 
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3D  defect  cells  are  evaluated  using  line  [7]  and  point  [8]  force  distributions,  respectively.  In  this 
flexible  boundary  condition  method,  the  simulation  box  is  divided  into  three  regions:  atomistic, 
GF,  and  continuum.  In  the  continuum  region,  the  atomistic  positions  are  initially  determined 
according  to  the  anisotropic  elastic  displacement  field  [7]  for  a  dislocation  line  defect  at  the 
center  of  the  atomistic  region.  Complete  atomistic  relaxation  is  performed  in  the  atomistic 
region  according  to  the  interatomic  forces  generated  from  Eq.  (1).  Forces  develop  in  the  GF 
region  as  relaxation  is  achieved  in  the  atomistic  region  are  then  used  to  relax  atoms  in  all  three 
regions  by  the  2D  or  3D  lattice  and  elastic  GF  solutions  for  line  [5,7]  or  point  [5,8]  forces.  The 
atomistic  and  GF  relaxation  are  iterated  until  all  force  components  on  each  atom  are  sufficiently 
small  (<  70'^  eV/J). 


3D  dislocation  dynamics  simulations 


The  3D  dislocation  dynamics  simulations  are  based  on  a  screw-edge  description  [1],  where 
the  dislocation  lines  are  represented  by  piece-wise  connected  edge  and  screw  segments.  The  slip 
planes  are  { 1 10}  and  the  Schmid  law  is  assumed  to  be  valid.  The  unit  screw  and  edge  segments 
are  defined  as  the  smallest  vectors  in  <1 1 1>  and  <1 12>  directions,  respectively,  in  a  { 1 10}  plane 
and  in  a  simple  cubic  lattice  with  a  lattice  parameter  of  2.^3  nm.  Isotropic  elasticity  is  used  to 
calculate  the  elastic  interactions  between  the  segments.  Dislocation  mobility  for  the  edge  and  the 
screw  is  the  key  input  in  the  DD  simulation  and  their  behavior  is  constrained  by  so-called  ‘local 
rules’  [1,9].  In  particular,  the  screw  dislocations  move  via  a  thermally  activated  kink-pair 
mechanism,  and  the  velocity  takes  the  form  [1]; 


,1,  b.  ,  A//(rT 


(2) 


where  b  is  the  magnitude  of  the  Burgers  vector,  v^the  Debye  frequency,  L  the  screw  dislocation 
length,  Ic  the  critical  activation  length  of  a  kink  pair,  and  AH(r)  is  the  activation  enthalpy  under 
the  local  resolved  shear  stress  T.  The  edge  dislocation  mobility  is  significantly  higher  than  those 
of  screws  [10]  and  the  edges  are  assumed  to  move  infinitely  fast  and  only  stop  at  their 
equilibrium  lattice  positions  or  when  meeting  another  dislocation  line. 

The  activation  enthalpy  AH(t;)  was  previously  extracted  from  experimental  data  [1].  It  was 
fitted  in  the  form 


AH  =  AH(0)  [l-(T/Tp/f  (3) 


proposed  by  Kocks,  Argon  and  Ashby  [10]  with  parameters  AH(0)  =  l.OSeV, p  -  0.75,  q  -  1.17, 
and  Tp  =  248  MPa.  The  critical  activation  kink-pair  length  4  for  the  nucleation  of  a  kink  pair  is 
taken  as  15b.  This  set  of  input  to  the  DD  simulations  has  allowed  us  to  perform  simulations  at 
different  temperatures  and  obtain  yield  stresses  as  a  function  of  temperature  that  agree 
reasonably  well  with  experimental  data  [1]. 


RESULTS  AND  DISCUSSIONS 

The  unstressed  screw  dislocation  core  is  predicted  to  be  doubly  degenerate  and  weakly 
polarized,  leading  to  multiple  possible  kink  pairs  involving  positive-(p)  and  negative-(«) 
polarized  segments  [4],  In  the  low  stress  limit,  when  the  kink  separation  is  very  large  (>  20b), 
the  lowest-energy  configuration  is  found  to  be plnnrp  [4,1 1],  where  /  and  r  denote  left  and  right. 
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respectively.  This  kink  pair  has  calculated  formation  energy  of  0.96eV,  which  is  in  close 
agreement  with  the  empirical  zero-stress  activation  enthalpy  obtained  in  Eq.  (3). 


Figure  1.  Schematic  drawings  of  atomistic  kink-pair  models  at  different  levels  of  applied  shear 
stress  (t)  At  low  stress  levels  (t/Tp  <  0.2),  three  straight  dislocation  arms  that  form  the  kink- 
pair  are  located  at  the  bottom  of  valley,  while  at  higher  stress  levels  (x/Tp  >  0.2)  the  three  arms 
form  a  metastahle  configuration  that  is  balanced  by  the  applied  shear  stress. 


At  finite  separation,  the  left  and  right  kinks  will  elastically  attract  each  other  yielding  an 
interaction  energy  in  addition  to  the  zero-stress  formation  energy.  If  the  kink-kink  separation  X 
is  larger  than  the  kink  width  (~  7b  for  bee  Ta)  [4]  and  the  kink  height  {h  =  2^ 3b  3),  the  total 
formation  energy  E,o,of  a  kink  pair  can  then  be  calculated  by  summing  over  the  atom-to-atom 
energy  difference  between  the  final  equilibrium  configuration  and  a  reference  configuration, 
which  is  a  linear  combination  of  unit  dislocation  disks  with  p  or  n  symmetry  [4].  In  addition, 
during  the  kink  pair  activation  process,  the  energy  required  to  generate  the  kink  pair  is  supplied 
partly  by  thermal  activation  and  partly  by  the  work  done  by  the  applied  shear  stress 

1 10}/<1 1 1>  in  this  case)  needed  to  maintain  the  pair  at  separation  distance  X.  The  activation 
enthalpy  for  such  a  balanced  kink  pair  is  given  by 


AH  =  E,ot  -  Zbht.  (4) 

To  investigate  the  relationships  between  and  A  and  the  applied  stress  r,  we  have 
performed  atomistic  simulations  of  a  kink-pair  under  an  applied  shear  stress  in  a  cylinder  with 
the  radius  of  75^  (for  the  atomistic  region)  and  the  length  of  120b.  For  very  large  separations, 
the  formation  energy  approaches  the  zero-stress  value  of  0.96eV asymptotically.  At  small 
separations,  the  energy  decreases  rapidly  and  the  stress  required  to  stabilize  the  kink  pair 
increases  sharply.  When  the  separation  A  is  smaller  than  the  kink  width,  which  corresponds  to  an 
applied  shear  stress  z>  0.2xp,  the  assumption  of  weakly  interacting  kinks  in  our  atomistic 
simulations  is  breaking  down  in  this  regime  [4].  This  maybe  attributed  to  the  fact  that  the 
assumed  dislocation  configuration  is  in  an  unstable  equilibrium  state.  At  higher  stress  levels,  a 
self-consistent  3D  atomistic  model  of  kink-pair  formation  and  migration  is  therefore  necessary 
(Fig.  1)  [12].  Here  we  report  simulation  results  up  to  an  applied  shear  stress  level  of  0.4 tp.  To 
calculate  the  kink-pair  fonnation  enthalpy  under  such  an  applied  shear  stress,  three  new  steps  are 
taken  in  our  3D  atomistic  simulations:  (1)  A  straight  a/2<  \  1 1>  screw  dislocation  is  constructed 
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and  is  then  fhlly  relaxed  under  a  pre-defined  applied  stress.  This  procedure  provides  the 
necessary  building  block  for  the  3D  kink-pair  model  that  will  be  constructed  in  step  (2).  As  a 
result,  the  straight  screw  dislocation  line  is  lifted  above  the  valley  of  the  Peierls  potential,  and  the 
degree  of  lifting  depends  on  the  magnitude  of  the  applied  shear  stress.  (2)  A  3D  atomistic  kink- 


Figure  2.  Activation  enthalpy  (AH)  as  a  function  of  applied  stress  (t/Tp)  for  bcc  Ta.  Here  two 
dijferent  atomistic  kink-pair  models  are  used  for  these  calculations,  depending  on  whether  r/tp 
<  0.2  or  >  0.2  (Fig.  1).  The  solid  line  is  a  fit  to  the  calculated  results  in  the  form  of  Eq.  (3)  and 
the  error  bars  indicate  the  numerical  uncertainty  in  our  atomistic  simulations. 

pair  model  is  constructed  according  the  reference  configuration  generated  from  step  (1).  Under 
this  construction,  the  separation  X  is  treated  as  a  fixed  parameter  during  the  atomistic  energy 
minimization.  The  total  energy  (£/<,/)  is  then  calculated  by  summing  over  the  atom-to-atom 
energy  difference  between  the  fully  relaxed  3D  configuration  and  the  fundamental  straight  screw 
dislocation  under  the  pre-defined  applied  shear  stress.  (3)  Finally,  the  work  done  by  the  applied 
stress  is  then  estimated  using  a  trapezoid  model  [13]  and  the  response  stress  due  to  the  kink-pair 
formation  at  the  separation  X.  The  calculated  activation  enthalpy  is  displayed  in  Fig.  2.  This 
result  shows  great  improvement  over  using  the  low-stress  kink-pair  model  at  stresses  t/tp  >  0.2, 
as  in  Ref.  [4],  where  the  kink  pair  was  constructed  from  a  relaxed  straight  dislocation  at  zero 
stress  [Fig.  1(a)]. 

The  new  data  was  then  fitted  to  Eq.  (2)  for  the  kink-pair  activation  enthalpy.  In  this  fit  we 
used  AH(0  )  ~  0.96eV,  the  kink-pair  formation  energy  at  zero  stress,  and  Tp^  606  MPa,  the 
calculated  Peierls  stress  in  { 1 10}  plane.  Our  calculated  Tpis  actually  about  2  times  larger  than 
the  best  available  experimental  estimate  (248  MPa)  for  bcc  Ta  [14],  and  the  possible  reasons  for 
this  discrepancy  are  discussed  in  Ref.  4.  This  is  an  issue  for  further  study.  However,  when 
fitting  to  the  scaled  stress  value  x/Xp,  the  fitted  parameters  p  =  0.71  and  q  =  1. 10  are  in  accord 
with  the  parameters  obtained  by  empirical  form,  0.75  and  1.17,  respectively  [1].  Despite  the  fact 
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that  the  atomistic  and  mesoscale  DD  simulations  bear  some  degree  of  uncertainties  of  their  own, 
the  present  attempt  to  link  between  atomistic  simulation  and  3D  DD  simulation  suggests  that  3D 
DD  simulations  can  provide  a  good  validation  tool  between  atomistic  simulations  and 
experiments 

SUMMARY 

In  summary,  we  have  reported  a  systematic  study  of  atomistic  kink-pair  modeling  in  Ta 
under  an  applied  shear  stress  up  to  0.4  tp.  Low-  and  high-stress  atomistic  models  were  used  to 
calculate  the  kink-pair  activation  enthalpy  as  a  function  of  applied  shear  stress.  The  results  were 
then  fitted  to  an  analytic  form  that  provides  critical  input  into  3D  DD  simulations.  Within  the 
accuracy  of  our  atomistic  simulations,  the  fitted  parameters  agree  well  with  the  ones  used  in 
previous  DD  simulations  to  accurately  calculate  the  single-crystal  yield  stress  as  a  function  of 
temperature  [1].  In  the  near  future,  we  plan  to  apply  the  present  approach  over  a  wide  range  of 
pressure-  and  stress-orientation  conditions.  This  will  provide  the  necessary  input  into  the  3D  DD 
simulations  to  predict  the  yield  stress  in  bcc  Ta  at  these  conditions. 
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ABSTRACT 

This  article  presents  an  implementation  of  periodic  boundary  conditions  (PBC)  for 
Dislocation  Dynamics  (DD)  simulations  in  three  dimensions  (3D).  We  discuss  fundamental 
aspects  of  PBC  development,  including  preservation  of  translational  invariance  and  line 
connectivity,  the  choice  of  initial  configurations  compatible  with  PBC  and  a  consistent  treatment 
of  image  stress.  On  the  practical  side,  our  approach  reduces  to  manageable  proportions  the 
computational  burden  of  updating  the  long-range  elastic  interactions  among  dislocation 
segments.  The  timing  data  confirms  feasibility  and  practicality  of  PBC  for  large-scale  DD 
simulations  in  3D. 

INTRODUCTION 

Treatment  of  boundary  conditions  is  an  important  element  of  Dislocation  Dynamics  (DD) 
methodology.  There  are  two  distinct  classes  of  DD  simulations  that  necessitate  different 
approaches  to  boundary  conditions.  When  the  simulation  volume  is  close  to  an  internal  or 
external  interface  (surface,  crack,  grain  or  phase  boundary,  etc.),  it  is  necessary  to  account  for 
stress  variations  associated  with  the  interface.  In  other  cases,  dislocation  behavior  in  the  bulk 
single  crystal,  far  removed  fi-om  any  interfaces,  is  of  interest.  The  first  case  is  generally  difficult 
requiring  the  use  of  sophisticated  numerical  methods  [1,2]  to  calculate  the  elastic  (image)  stress 
associated  with  the  interfaces.  In  the  second  case,  the  material  volume  can  be  regarded  as  a 
small  part  of  an  infinitely  large  single  crystal  justifying  the  use  of  the  relatively  simple  analytical 
solutions  of  the  continuous  theory  of  dislocations  obtained  for  the  infinite  elastically 
homogeneous  solid  [3]. 

Understandably,  in  the  early  stages  of  development,  DD  simulations  focused  on  the  simpler 
case  of  bulk  single  crystals.  Many  years  ago  von  Karman  suggested  a  trick  by  which  a  small 
representative  volume  of  material  is  replicated  by  periodic  continuation  to  make  up  the  infinite 
crystal  and  to  preserve  its  translational  invariance.  Since  then,  this  trick  has  been  routinely 
employed  in  computer  simulations  of  solids.  In  2D,  where  dislocations  appear  as  point  objects 
carrying  tensorial  (Burgers)  charges,  periodic  boundary  conditions  (PBC)  have  been  successfully 
implemented  [4,5].  However  in  3D,  the  models  used  for  DD  simulations  in  the  bulk  remain 
inconsistent  with  the  absence  of  material  interfaces  and  translational  invariance  of  the  infinite 
crystal.  In  fact,  most  simulations  performed  so  far  employ  free  boundaries.  To  simplify  the 
treatment,  the  boundaries  are  allowed  to  exist  only  in  the  sense  that  they  absorb  dislocations  that 
happen  to  approach  the  boundary,  whereas  the  image  stresses  induced  by  the  free  surfaces  are 
simply  ignored  [6].  In  order  to  mitigate  such  undesirable  effects,  a  smaller  spherical  volume  in 
the  center  of  the  simulation  box  is  sometimes  used  to  control  the  loading  conditions  and  to 
monitor  dislocation  behavior  [2].  Unfortunately,  the  spurious  dislocation  loss  can  not  be  fully 
prevented  even  using  such  an  embedded  sphere  approach.  Furthermore,  the  remainder  of  the 
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simulation  volume  (~  80%)  is  wasted  because  its  only  function  is  to  buffer  the  centra!  sphere 
from  the  free  surfaces.  Mirror  reflection  approach  developed  in  [7]  addresses  the  problem  of 
image  stress  but  the  spurious  loss  of  dislocation  to  the  boundaries  remains  an  issue.  Recently, 
free  surface  boundary  conditions  have  been  augmented  with  a  procedure  that  monitors  the  rate  of 
dislocation  loss  to  the  boundaries  and  re-introduces  dislocations  at  random,  to  counter  the  loss 
[2,8].  Although  these  modifications  offer  significant  improvement  over  the  use  of  plain  free 
surface  boundary  conditions,  the  fact  remains:  all  of  them  contain  some  sort  of  boundaries  thus 
violating  the  translation  invariance  and,  except  for  [7],  ignore  or  distort  the  image  stress  fields 
associated  with  the  boundaries. 

At  a  first  glance,  an  extension  of  PBC  to  3D  appears  very  appealing  since,  by  their  very 
nature,  PBC  preserve  translational  invariance  and  balance  dislocation  fluxes  in  and  out  of  the 
box.  Countering  such  warm  feelings  for  the  von  Karmann’s  trick  are  the  warnings  against  the 
use  of  PBC  in  3D  given  in  the  earlier  papers  on  the  DD  methods  [6,9].  Subsequent  publications 
reinforce  the  early  doubts  suggesting  Aat  line  connectivity  can  not  be  preserved  in  3D  PBC  [2,7, 
10].  I’his  contribution  is  intended  to  dispel  the  doubts  and  to  clear  the  PBC  for  use  in  DD 
simulations  in  3D.  In  the  following  we  show  that  consistent  application  of  PBC  in  three 
dimensions  is  not  exactly  trivial,  yet  its  potential  advantages  should  convince  those  in  doubt  that 
PBC  is  a  good  alternative  to  the  other  types  of  boundary  conditions  currently  in  use. 

NUMERICAL  IMPLEMENTATION 

In  this  section  we  consider  three  aspects  of  periodic  boundary'  conditions  relevant  for  practical 
numerical  implementation:  (1)  line  connectivity,  (2)  initial  dislocation  arrangements  compatible 


That  there  is  really  no  problem  maintaining  line 
connectivity  in  PBC  is  illustrated  in  Fig.  1  that 
shows  a  closed  loop  of  arbitrary  shape  partly 
contained  in  the  primary  box.  The  box  is 
periodically  replicated  in  2D  (only  a  few  relevant 
replicas  are  shown  for  clarity).  Periodic  replication 
of  the  loop  demands  that,  every'  time  the  line 
crosses  the  imagined  boundary  of  the  primary  box 
or  any  of  its  replicas,  another  line  enters  the 
primaiy'  box  at  the  periodically  equivalent  position 
on  an  appropriate  face.  By  tracing  the  primary  loop 
along  its  contour  direction,  one  can  “fold"’  the  entire 
line  in  the  primary  box.  To  complete  the  periodic 
continuation,  such  folded  lines  are  replicated  in  all 
other  boxes  as  well.  Alternatively,  the  same  periodic  arrangement  of  loops  and  boxes  can  be 
obtained  without  ever  tracing  and  folding  the  primary  loop,  by  simply  replicating  the  whole  loop 
with  the  same  periodicity  vectors  as  used  for  replicating  the  primary  box  (Fig.  1(b)).  Although 
the  illustration  is  2D,  exactly  the  same  folding  and  replication  procedures  apply  in  3D. 


with  PBC  and  (3)  treatment  of  image  stress. 

Line  connectivity 


Fig.  1  Closed  loops  in  PBC:  in  (a)  the  primary 
loop  (thin  line)  is  folded  in  the  primaiy  box 
(thick  line)  whereas  in  (b)  the  same  result  is 
obtained  by  periodic  loop  replication. 
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The  fact  that  folding  and  replication  are  equivalent  can  be  used  constructively  in  a  numerical 
implementation.  In  particular,  instead  of  tracing  the  events  of  boundary  crossing  within  the 
primary  box,  the  algorithm  can  focus  on  the  unfolded  primary  loop  spanning  many  periodic 
boxes  but  perform  the  arithmetic  manipulations  with  the  vectors  modulo  periodicity  vectors. 
From  this  point  of  view,  there  are  no  boundaries  to  deal  with  in  the  periodic  boundary  conditions, 
since  the  origin  of  periodic  replication  can  be  arbitrarily  shifted  with  respect  to  the  primary  loop. 
Translational  periodicity  of  PBC  is  not  only  physically  realistic  but  also  numerically  convenient. 

That  line  continuity  is  maintained  in  DD  simulations  is  proven  by  simple  induction:  starting 
from  an  initial  configuration  such  as  shown  in  Fig.  1,  line  continuity  is  preserved  in  all 
subsequent  topological  transformations,  e.g.  recombination,  multiplication,  junction  reactions, 
etc. 

Initial  conditions 

One  likely  reason  for  the  persistent  prejudice  against  using  PBC  in  3D  is  not  appreciating  the 
fact  that,  when  it  comes  to  translational  periodicity,  not  all  dislocation  anangements  are  created 
equal.  In  fact,  general  dislocation  configurations  in  the  primary  box  can  not  be  periodically 
continued  in  all  directions  without  breaking  the  lines,  however  similar  they  may  look  to  the  one 
shown  in  Fig.  1.  The  latter  is  compatible  with  PBC  but,  having  been  constructed  by  folding  a 
closed  loop  into  the  primary  box,  is  by  no  means  arbitrary.  In  addition  to  closed  loops,  infinite 
dipoles  can  be  used  to  generate  PBC-compatible  initial  configurations \  In  this  case,  it  is 
necessary  to  make  sure  that  each  line  of  the  dipole  eventually  re-enters  itself  so  that  its  total  span 
(the  vector  connecting  its  two  ends)  is  a  multiple  of  the  periodicity  vectors.  We  have  developed  a 
simple  algorithm  of  self-correcting  random  walk  by  which  a  line  spanning  a  given  multiple  of 
the  periodicity  vectors  can  be  generated  using  a  sequence  of  random  numbers.  Although  the 
class  of  PBC-compatible  initial  configurations  may  appear  rather  narrow,  this  is  not  a  serious 
constraint  for  large-scale  DD  simulations. 

It  is  interesting  to  note  that  all  PBC-compatible  dislocation  configurations  correspond  to  a  net 
zero  integral  over  the  primary  box  of  the  so-called  dislocation  density  or  Nye’s  tensor  [11] 

a  =  -^Jb®tc/.v=^0  ,  (1) 

where  b  is  the  Burgers  vector,  t  is  the  line  tangent  vector,  ds  is  an  element  of  arc  length  along  the 
dislocation  line,  and  L  is  the  total  length  of  dislocation  lines  within  box  volume  V.  For  our 
purposes  the  integral  is  conveniently  reduced  to  a  simpler  form  [12] 

=  0  ,  (2) 

ij  V  I  J  J 

where  x'  and  x"  are  the  positions  of  entry  and  exit  points  of  the  line  segments  and  the  sum 
includes  all  dislocations  inside  the  box. 

Although  the  condition  of  zero  Nye’s  tensor  integral  is  realized  for  all  initial  configmations 
that  are  truly  compatible  with  PBC,  the  compatibility  requirement  can  be  somewhat  relaxed  in 
practical  DD  simulations.  For  example  it  is  possible,  starting  with  a  PBC-compatible 
configuration,  to  add  one  or  several  infinite  dislocations  that  will  introduce  a  small  amount  of 
unbalanced  dislocation  density  in  the  box.  Although  physically  this  would  introduce  a  non-zero 
net  lattice  curvature  that  is  impossible  to  accommodate  in  the  infinite  translationally-invariant 


^  In  a  sense,  an  infinite  dipole  can  be  viewed  as  a  loop  closed  through  infinity. 
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crystal,  this  curvature  can  be  neglected  for  as  long  as  Lhp  <<  /,  where  p  is  the  density  of 
geometrical ly-necessary  dislocations  (GND)  added  to  the  box  and  L  is  the  box  size.  For  a  typical 
box  size  of  10  ji  and  the  GND  density  p  =1 m‘^,  the  dimensionless  ratio  above  is  of  the  order 
of  10'^.  Whichever  initial  aiTangement  of  lines  is  considered,  the  use  of  PBC  will  ensure  that 
Nye’s  tensor  integrated  over  the  box  volume  is  conserved  in  the  course  of  DD  simulations. 

Treatment  of  image  stress 

Fully  consistent  application  of  PBC  requires  that  additional  stress  associated  with  the  periodic 
images  of  dislocation  be  accounted  for.  This  is  the  most  involved  part  of  the  whole 
implementation.  In  DD,  the  lion’s  share  of  computations  goes  to  calculations  of  elastic 
interactions  between  dislocation  segments.  The  unit  element  of  such  calculations  is  the 

evaluation  of  stress  produced  at  a  given  material  point  P 
by  a  dislocation  segment  centered  at  position  S.  Using 
the  analytical  formulae  developed  in  the  continuum 
theory  [3,  13],  such  a  calculation  takes  a  few  hundred 
arithmetic  operations  to  obtain  all  six  components  of 
stress  from  a  general  dislocation  segment  of  finite  length. 
In  PBC,  the  computational  burden  increases  many-fold 
because  stress  from  the  periodic  images  of  the  primary' 
segment  has  to  be  evaluated.  Considering  that  the  overall 
effort  already  scales  as  0(N^),  where  N  is  the  number  of 
dislocation  segments,  the  brute  force  treatment  of  image 
stress  in  PBC  becomes  prohibitive.  Earlier,  one  of  us 
found  a  practical  solution  in  a  similar  situation,  for 
computationally  expedient  evaluation  of  periodic  corrections  to  the  elastic  Green’s  function  in 
2D  [14].  The  idea  was  to  pre-tabulate  the  correction  stress  on  a  regular  grid  within  the 
computational  volume  and  then  use  these  grid  values  for  fast  interpolation.  The  interpolation 
itself  is  based  on  the  minimum  image  convention  which  dictates  that  the  total  stress  due  to  a 
given  segment  and  all  of  its  periodic  images,  is  associated  with  the  replica  of  the  segment  that  is 
nearest  to  the  field  point  (Fig.  2).  Practically,  the  calculation  requires  that  the  box  is  centered  on 
the  field  point,  and  the  look-up  procedure  goes  over  all  segments,  primaiy'  or  replicas,  that  fall 
inside  this  box. 

Extension  of  this  idea  to  DD  simulations  in  3D  encounters  considerable  but  manageable 
difficulties.  The  most  obvious  of  them  is  the  high  dimensionality  of  the  required  look-up  tables. 
To  improve  the  situation  we  created  the  tables  only  for  differential,  or  point-like  dislocation 
segments,  i.e.  such  segments  whose  length  is  considerably  smaller  than  their  distance  to  the  field 
point.  Compared  to  the  case  of  straight  segments  of  finite  length,  the  use  of  point-like  segments 
reduces  the  dimensionality  of  the  tables  from  four  to  three.  Still,  it  appears  one  needs  to  pre¬ 
calculate  54  image  correction  tables,  one  for  each  of  the  six  components  of  stress  generated  by 
nine  components  of  the  tensorial  charge  dlh  ®  t  (here  dl  is  the  length  of  the  differential 
segment).  However,  using  cubic  periodic  boxes  and  taking  advantage  of  the  cubic  symmetry,  the 
number  of  independent  tables  can  be  reduced  from  54  to  eight.  The  same  symmetry  allows 
reduction  of  the  amount  of  computations  by  48  times,  by  considering  only  the  grid  points  in  the 
irreducible  zone  of  the  cube.  This  also  reduces  the  amount  of  memory  required  to  store  the 
tables,  if  this  is  a  limiting  factor.  For  a  given  accuracy  of  interpolation,  the  number  of  grid  points 
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Fig.  2  Periodic  lattice  of  image 
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can  be  reduced  by  making  the  tabulated  functions  as  smooth  as  possible  inside  the  cube.  Since 
the  stress  field  of  the  nearest  image  of  the  segment  diverges  as  1/r^  at  the  origin,  we  exclude  the 
nearest  image  from  the  correction  tables  and  evaluate  its  contribution  analytically  instead.  This 
eliminates  the  singularity  since  all  the  replicas  other  than  minimum  images  lie  outside  the  box  by 
definition. 

The  most  serious  problem  we  had  to  face  was  conditional  convergence  of  the  lattice 
(Madelung)  sums  that  need  to  be  evaluated  for  every  entry  of  the  stress  correction  tables.  In  a 
forthcoming  publication  we  present  a  thorough  discussion  of  this  important  mathematical  aspect 
of  the  continuum  theory  of  dislocations.  Here  we  only  briefly  recount  that  the  naive  lattice 
summation  of  the  stress  terms  associated  with  the  primary  and  replica  segments  is  convergent, 
but  the  end  result  depends  on  the  order  of  summation.  In  general,  such  conditional  sum  gives  rise 
to  an  arbitrary  average  stress  in  the  simulation  cell  which  will  cause  problems  for  DD 
simulations.  The  physically  meaningful  part  of  the  Madelung  sum  is  tlierefore  the  stress  field 
variation  over  the  simulation  cell,  which  converges  absolutely  and  thus  does  not  depend  on  the 
order  of  summation.  We  have  implemented  an  effective  numerical  procedure  MadSum  for 
subtracting  the  spurious  parts  of  the  lattice  sums  and  used  the  remaining  stress  field  variations  as 

Fig.  3  is  an  example  of  one  such  correction 
function  tabulated  on  a  cubic  grid  32  x  32  x  32  in 
the  unit  cube.  Several  features  of  this  function  are 
noteworthy.  First,  the  displayed  function  retains 
periodicity  and  some  symmetries  of  the  cube. 
Second,  except  for  several  symmetry  lines,  the 
function  is  non-zero  on  the  cube  faces.  This 
observation  calls  in  question  the  use  of  a  cut-off 
distance  for  reducing  the  cost  of  computing  the 
interactions  between  dislocation  segments  in  DD 
simulations  in  3D.  Third,  the  correction  function  is 
zero  in  the  center  of  the  cube,  indicating  that 
within  some  radius  (~0.2  of  the  cube  size)  no 
correction  is  needed.  In  the  context  of  large-scale 
DD  simulations,  elastic  interactions  between  the 
segments  beyond  certain  range  are  usually 
evaluated  using  the  multipole  expansion 
techniques.  That  the  correction  functions  are  zero  around  the  cube  center,  suggests  a  procedure 
in  which  only  the  multipole  terms  are  corrected,  whereas  interactions  between  the  segments  at  a 
shorter  range  require  no  correction  at  all.  Comparison  of  the  computational  cost  among  the 
different  ways  of  treating  the  interaction  stress  reveals  that  numerical  interpolation  of  the  image- 
corrected  stress  takes  some  four  times  longer  than  the  analytical  evaluation  of  stress  from  the 
same  number  of  dislocation  segments.  However,  because  the  number  of  multipole  momenta  that 
have  to  be  corrected  is  generally  smaller  than  the  number  of  segments  demanding  “personal 
attention”,  the  total  amount  of  time  spent  on  analytical  (uncoirected)  and  numerical  (image- 
corrected)  stress  evaluation,  are  comparable. 


the  entries  for  the  stress  correction  tables. 


Fig.  3,  Zero-value  iso-surfaces  of  the 
tabulated  stress  correction  term  for  On, 
interpolated  in  the  unit  cube  as  a  function  of 
segment  position.  Note  zero-value  region 
near  the  origin. 
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SUIUMARY 


In  this  short  contribution  wc  intended  to  show  that  there  is  nothing  particularly  nasty  about 
PBC  as  the  boundary  conditions  for  DD  simulations  in  3D.  On  the  other  hand,  with  the  obvious 
advantage  of  retaining  translational  invariance  and  effectively  eliminating  the  boundaries.  PBC 
are  well  positioned  for  3D  simulations  of  single  crystal  plasticity  in  the  bulk.  As  always,  one  has 
to  be  vigilant  and  watch  for  the  artifacts  associated  with  the  small  system  size.  In  particular,  any 
length  scale  emerging  in  the  simulations  that  appears  comparable  to  the  periodic  box  size,  should 
be  treated  with  suspicion.  Interaction  of  dislocations  with  their  ow  n  images  may  be  a  cause  of 
spurious  effects,  e.g.  artificially  enhanced  dislocation  recombination  or  formation  of  strong 
dipoles  immobilizing  the  dislocations.  In  particular,  the  use  of  cubic  boxes  for  the  high 
symmetry  FCC  and  BCC  systems  will  cause  each  slip  plane  to  self-connect  after  two  periodic 
translations.  Although  various  fixes  to  alleviate  such  undesirable  behaviors  can  be  devised,  in 
our  view  there' is  only  one  real  solution.  It  is  to  make  the  system  large  enough  so  that  the  finite 
size  effects  become  insignificant.  For  example,  to  avoid  spurious  reconnection  before  one 
percent  of  plastic  strain  is  accumulated  (assuming  dislocation  density  p  =  lO’^  m'^)  the  cube 
should  be  at  least  20  p  on  the  side.  Obviously,  periodic  boundar)'  conditions  do  not  make  the 
system  infinite.  NoVietheless,  they  hold  considerable  computational  advantages  over  the  other 
types  of  boundary  conditions  currently  employed  for  3D  simulations  of  bulk  crj'stal  plasticity. 
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ABSTRACT 

Repeated  stress-relaxation  experiments  are  used  to  characterize  the  deformation  parameters 
in  3  types  of  single  crystals  (Cu,  Ni3Al  and  Ge)  in  which  different  dislocation  mechanisms  are 
known  to  operate.  Mobile  dislocation  exhaustion  rates  and  the  amplitude  of  the  yield  point  at 
reloading  after  stress-relaxation  are  measured.  These  two  parameters  are  discussed  in  terms  of 
the  work-hardening  coefficient  in  monotonic  tests. 


INTRODUCTION 

Repeated  stress-relaxation  tests  have  already  proved  their  relevance  in  the  determination  of 
thermal  activation  parameters  and  mobile  dislocation  charateristics  [1,2].  The  aim  of  this  paper 
is  to  characterize  by  this  technique  dislocation  exhaustion  in  Cu,  Ni3Al  and  Ge  single  crystals  in 
which  the  plastic  deformation  mechanisms  are  known  to  be  different.  The  conditions  used  in  the 
present  study  are  the  following:  copper  crystals  are  in  symmetrical  orientation  at  low 
temperatures  so  that  athermal  dislocation  interactions  dominate;  Ni3Al  is  strained  in  the 
temperature  range  which  corresponds  to  the  strength  anomaly  where  dislocation  exhaustion  is 
pronounced;  Ge,  which  deforms  by  single  slip  at  temperatures  where  multiplication  processes 
dominate  the  onset  of  deformation,  is  strained  by  a  few  percent  above  the  lower  yield  point  [3]. 


THEORY 

The  repeated  stress-relaxation  technique  has  been  well  developed  over  the  years  [4].  The 
associated  procedure  and  assumptions  for  interpretation  are  briefly  recalled  here.  For  further 
details,  one  can  report  to  former  reviews  [2].  The  Orowan’s  law  is  used,  which  expresses  the 

plastic  strain-rate  in  terms  of  the  mobile  dislocation  velocity  v  and  the  mobile  dislocation 

density  /?„ .  The  velocity  is  assumed  to  be  thermally  activated.  In  the  case  of  logarithmic  stress- 
relaxations,  the  time  dependence  of  stress  is  described  by  : 

T-To  =  At  =  -  —  in(l  + — )  where  Va  and  Cr  are  constant.  ^  ^ 

K  c. 

The  apparent  activation  volume  Va  is  : 
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Va  is  accessible  in  single  stress-relaxation  tests,  strain-rate  change  experiments  in  monotonic 
deformation  or  stress  change  tests  in  creep.  It  is  also  proportional  to  the  reciprocal  of  the  strain- 
rate  sensitivity. 


Figure  1  :  Schematic  representation  of  a 
repeated  stress-relaxation  test.  To  corresponds  to 
the  onset  of  relaxation. 


Figure  1  is  a  schematics  of  a  series  of  two 
stress-relaxations  (corresponding  to  a 
positive  work-hardening  coefficient)  and 
introduces  the  notations  used,  x  and  y  are 
respectively  the  resolved  shear  stress  and 
strain.  Axi  and  AT2  represent  the  stress 
decrease  during  relaxations  1  and  2 
respectively.  Consecutive  relaxations  are 
observed  to  slow  down  in  relation  with 
mobile  dislocation  exhaustion.  Consequently, 
a  small  yield  point  Axr  occurs  during 
constant  strain-rate  reloading  after  the 
transient.  It  corresponds  to  dislocation 
multiplication  or  unlocking  which 
compensates  for  exhaustion  during  the  stress 
relaxation  test.  A  combination  of  the  above 
assumptions  yields  a  power  dependence  of 
pm  as  a  function  of  v  : 

(3) 


Pir/PmO  =  (v/Vo)^ 


where  pmo  and  vo  respectively  correspond  to  the  onset  of  relaxation.  Repeated  stress-relaxations 
provide  Va,  V  and  P  [2].  V  is  the  activation  volume  of  the  dislocation  velocity.  It  provides 
information  about  the  stress  dependence  of  v  and  p  expresses  the  variation  of  pm  during  the 
transient  test. 

In  the  case  of  non  logarithmic  relaxations,  Va  depends  on  Ax  and  on  the  derivatives  of  V 
with  respect  to  stress.  Then,  the  determination  of  V,  when  Vg  is  known,  is  not  as  straightforward. 


EXPERIMENTAL  DETAILS 

Specimen  dimensions  are  8  mm  in  length  and  cross-section  in  the  range  10-16  mm^.  Great 
attention  is  paid  to  the  parallelism  of  the  compression  faces.  Compression  tests  are  performed  on 
a  SCHENCK  RMC  100  machine.  The  control  and  data  acquisition  software  have  been  developed 
especially  for  this  experiment.  An  accurate  measurement  of  stress  during  the  stress-relaxation 
and  the  subsequent  reloading  at  constant  strain-rate  is  performed  (see  additional  details  in  [5]). 


RESULTS  AND  DISCUSSION 


Copper 

<01 1>  oriented  Cu  single  crystals  are  compressed  at  various  temperatures  with  a  3.8x10'^  s'' 
strain-rate.  Figure  2  represents  stress-strain  curves  for  three  different  temperatures  which  start  in 
stage  n  for  this  multiple  slip  orientation.  Within  the  experimental  error,  the  yield  stress  is 
athermal  between  77  K  and  142  K.  Work-hardening  is  athermal  too.  It  increases  as  a  function  of 
Y  at  the  beginning  of  plastic  deformation  at  77  K  and  90  K.  Stress-relaxations  are  analysed  by 

plotting  the  logarithm  of  -  t  (which  is  proportional  to  [1])  as  a  function  of  the  stress  decrease, 

At.  Figure  3  proves  the  logarithmic  nature  of  the  stress-relaxation  at  156  K.  Moreover,  along 
90  K  and  142  K  stress-strain  curves  (figure  2),  repeated  stress-relaxation  tests  are  made,  which 
permit  us  to  measure  the  mobile  dislocation  exhaustion  rate  Apm/pmo  (Apm  =  pm-pmo)  during 
relaxation.  This  parameter  is  plotted  as  a  function  of  stress  in  figure  4. 


Figure  2.  Stress-strain  curves  of  <01 1>  Cu 
single  crystals  at  various  temperatures. 

7=  3.8x10''’  s’’  (stress-relaxation  experiments 
are  performed  where  the  stress-strain 
curves  are  interrupted). 
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Figure  3.  Plot  of  ln(-  T)  versus  Ax  (see  text) 
corresponding  to  a  stress-relaxation 
experiment  of  30  s  duration.  <01 1>  Cu  single 
crystal  T  ~  156  K.  48  MPa.  yp  =  2  %. 

(the  linear  relation  is  the  signature  of  a 
logarithmic  stress-relaxation  [2]) 


As  the  work-hardening  coefficient  0  is  constant  as  a  function  of  stress  along  the  stress-strain 
curve  (T  ==  142  K  in  figure  2),  Apn/pmo  is  constant  too  (figure  4).  As  0  increases  (T  =  90  K  in 
figure  2),  Apm/pmo  increases  too  (figure  4).  In  these  two  situations,  similar  trends  are  noticed 
between  the  work-hardening  coefficient  and  the  mobile  dislocation  exhaustion  rate.  In  addition, 
these  results  show  that  at  90  K,  the  crystal  hardens  progressively  up  to  values  that  are 
characteristic  of  stage  II.  At  142  K,  however,  both  the  work-hardening  coefficient  and  the 
dislocation  exhaustion  rate  are  constant  from  the  onset  of  plastic  deformation.  After  some 
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amount  of  deformation,  the  values  of  both  parameters  do  not  depend  on  temperature  (figures  2 
and  4),  a  feature  typical  of  the  work-hardening  in  stage  II  of  face  centered  cubic  metals. 

NiaAl 

The  <123>  NIbAI  single  crystals  contain  3.3  at%  Hafiiium.  Details  about  their  peculiar 
deformation  properties  are  reported  in  several  publications  [6,7],  They  are  deformed  at  the  strain 

rate  4.8x1  O'"'  s\  As  in  the  case  of  Cu  single  crystals,  the  stress-relaxation  appears  to  be 
logarithmic.  Furthermore,  after  a  series  of  stress-relaxation  tests,  the  mobile  dislocation 
exhaustion  rate  and  the  yield  point  amplitude  Atr  at  reloading  nonnalized  to  stress  exhibit 
parallel  trends,  as  shown  in  figure  5. 

In  the  present  case,  Atr  can  be  interpreted  as  the  stress  increment  necessary  to  multiply 
dislocations  at  the  end  of  the  transient  test  after  the  exhaustion  of  the  mobile  dislocation  density 
by  an  amount  Apm.  The  mechanism  of  exhaustion  by  Kear-Wilsdorf  lock  formation  is  well 
established  in  this  material  [8].  It  is  responsible  for  the  high  values  measured  for  the  work¬ 
hardening  coefficient  and  Ap„/p,!io,  as  compared  to  Cu.  Figure  5  exhibits  two  distinct  exhaustion 
rates  as  a  function  of  stress  below  and  above  360  MPa  re.spectively. 
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Figure  4.  Mobile  dislocation  exhaustion  rate 
Apjpmo  as  a  function  of  stress  along  two 
different  stress-strain  curves  at  respectively  90  K 
and  142  K.  <01 1>  Cu  single  crystal. 

3.8x10'^  s\ 


Figure  5.  ATr  yield  point  amplitude  at 
reloading  after  a  stress-relaxation  series 
normalized  to  stress  and  mobile  dislocation 
exhaustion  rate  Apn/pn,o  after  the  same  series 
of  stress-relaxations  as  a  function  of  stress 
along  a  stress-strain  curve. 

<123>  NifAfHf)  single  crystal. 

T  =  373K.  4.8x10- s^. 


Germanium 

<123>  intrinsic  Ge  single  crystals  are  tested  in  compression  at  a  strain-rate  y^  4.8x10'^  s  ' 
and  stress-relaxation  series  are  carried  out  along  the  stress-strain  curve  shortly  after  the  lower 
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Ax  /X  (10  '’)□ 


yield  point  [3].  Figure  6  represents  ln(-  z)  versus  At  for  a  stress-relaxation,  which  reveals  a  non 
logarithmic  behaviour  at  700  K.  The  stress  variation  during  a  relaxation  of  30  s  duration 
normalized  to  stress  is  much  higher  than  for  Copper  or  Ni3(Al,Hf)  single  crystals. 

The  yield  point  amplitude  at  reloading  after  a  stress-relaxation  series  Atr,  normalized  to 
stress,  and  the  work-hardening  0  along  the  stress-strain  curve  are  represented  in  figure  7. 
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Figure  6.  Plot  of  In(-z)  versus  At 
corresponding  to  a  stress-relaxation  experiment 
ofSOs  duration.  <123>  Ge  single  crystal 
T  =  700  K.  T  ^47  MPa.  Yp  =  30%. 


Figure  7.  Work-hardening  6  and  yield  point 
amplitude  at  reloading  after  a  stress- 
relaxation  series  Atr  normalized  to  stress 
versus  stress  along  the  stress-strain  curve. 
<123>  Ge  single  crystal.  T  =  800  K. 

4.1x10'^  s^. 


The  large  amount  of  relaxed  stress  (up  to  40  %  of  the  onset  stress  over  300  s)  can  be  understood 
in  terms  of  a  large  strain-rate  sensitivity  (or  a  small  Va).  In  addition,  a  good  correlation  is  found 
again  between  Atr/xo  and  the  work-hardening  0  along  the  stress-strain  curve.  A  more  detailed 
description  of  the  deformation  behaviour  of  Ge  is  proposed  elsewhere  [3]. 


CONCLUSION 

From  the  above  results,  the  crystals  considered  in  the  present  study  behave  differently  as  far 
as  stress-relaxation  experiments  are  concerned.  For  the  conditions  imposed  on  the  specimens,  Cu 
and  Ni3Al  exhibit  logarithmic  relaxations  while  Ge  does  not. 

The  above  results  are  summarized  in  table  I.  Mobile  dislocation  exhaustion  is  characterized 
by  the  parameters  ApiVpmo  and  Axr/xo-  Comparing  Cu  and  Ni3(Al,Hf),  the  exhaustion  parameters 
increase  as  the  work-hardening  normalized  to  the  shear  modulus  G  increases  as  well.  Work  is  in 
progress  for  a  fiill  characterization  of  multiplication  and  exhaustion  processes  in  Ge. 
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Table  I.  Exhaustion  parameters  and  work-hardening 


material 

Cu 

Ni3(Al,Hf) 

Ge 

orientation 

<110> 

<123> 

<123> 

testing 

142  K 

373  K 

800  K 

conditions 

stage  11 

yp-3% 

after  the  lower  yield 
point 

relaxations 

logarithmic 

logarithmic 

non  logarithmic 

e/G 

3x10'^ 

3.3x10'^ 

1.2x10-^ 

APn/PinO 

76% 

96% 

AXr/Xo 

=  0 

0.004 

0.06 

These  examples  emphasize  the  fair  agreement  between  mechanical  parameters  measured 
using  transient  and  monotonic  tests.  They  show  that  the  two  parameters  Apn/pno  and  Axr/Xu 
measured  respectively  during  and  after  the  transient  tests  are  accurate  indicators  of  the  net 
dislocation  storage  rate  during  plastic  deformation.  The  latter  is  directly  connected  with  the 
work-hardening.  These  experiments  also  provide  some  information  about  the  mobile  dislocation 
density  Pm  of  the  Orowan  relation,  a  poorly  documented  parameter. 
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ABSTRACT 

A  new  model  for  the  discretisation  of  dislocation  lines  is  presented,  which  is  optimised  for 
mesoscale  simulations  of  dislocation  dynamics.  By  comparison  with  the  existing  "edge-screw" 
model,  the  present  one  provides  a  better  description  of  the  stress  field  close  to  the  dislocation 
lines.  It  simplifies  the  modelling  of  dislocation  reactions  and  accelerates  computations  by 
allowing  to  make  use  of  larger  time  steps.  An  application  to  attractive  junctions  and  forest 
hardening  is  briefly  sketched. 


INTRODUCTION 

Ten  years  ago  the  first  three-dimensional  mesoscopic  simulation  of  dislocation  dynamics 
(DD)  was  proposed  [1].  In  the  latter,  a  simplified  description  of  dislocation  core  properties  was 
combined  with  an  elastic  frame  in  order  to  model  the  dynamics  of  dense  dislocation 
microstructures.  The  most  noticeable  aspect  of  this  model  was  the  geometrical  solution  proposed 
to  discretise  the  dislocation  lines  [2].  Indeed,  for  the  sake  of  computing  efficiency,  it  was 
proposed  to  replace  the  continuous  lines  by  a  succession  of  discrete  segments  with  edge  and 
screw  characters.  This  "edge-screw"  simulation  has  been  successfully  used  to  study  plastic 
deformation  in  different  types  of  crystals,  hence  demonstrating  its  versatility  (see  ref.°[3]  for  a 
short  review).  More  recently,  it  has  been  coupled  with  a  finite  element  code  in  order  to  deal  with 
complex  boundary  value  problems  and/or  complex  loadings  [4-5]. 

Other  three-dimensional  DD  simulations  have  been  developed  in  the  past  years  [6-8].  They 
differ  firom  the  "edge-screw"  model  mainly  in  their  geometrical  formulation.  The  decomposition 
of  a  segment  length  and  character  is  not  performed  on  a  finite  set  but  in  the  continuum,  in  order 
to  reproduce  the  line  curvature  as  closely  as  possible.  In  spite  of  some  technical  complexities, 
this  approach  has  the  ability  of  better  reproducing  the  elastic  field  close  to  the  dislocation  lines. 

Whatever  the  geometrical  model  considered,  the  computations  have  been  restricted  up  to 
now  to  relatively  small  simulated  volumes  ~(15p,m)^  and  plastic  strains  (<1%),  mostly  because 
of  two  critical  issues.  First,  the  CPU  requirement  for  DD  simulations  increases  extremely  fast 
with  the  number  of  interacting  segments  yielded  by  the  discretisation.  The  use  of  algorithmic 
solutions  that  reduce  such  dependence  has  alleviated  but  not  removed  this  difficulty.  Secondly, 
many  degrees  of  freedom  must  be  updated  along  the  moving  lines  and  the  elementary  time  steps 
can  be  fairly  small  in  materials  with  high  dislocation  mobility.  As  a  result,  quasi-continuous 
models  favour  a  reduction  of  the  number  of  segments  per  unit  line  length,  whereas  fully 
discretised  models  favour  larger  time  steps.  Thus,  a  compromise  between  the  two  types  of 
discretisations  should  yield  an  optimum  efficiency. 

A  modified  version  of  the  "edge-screw"  model,  the  "edge-mixed-screw"  model,  is  presented 
here,  which  includes  two  additional  characters  per  slip  system.  The  improvement  thus  obtained 
is  briefly  discussed  and  illustrated  by  validation  tests.  An  application  is  presented  to  the 
treatment  of  dislocation  junctions. 
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DISLOCATION  DISCRETIZATION 


To  presei-ve  the  advantages  of  the  "edge-screw"  model,  the  latter  has  been  modified  by 
adding  new  directions  into  the  finite  base  of  vectors  used  to  discrctise  the  dislocation  lines  and 
their  displacement  steps  [1].  These  mixed  directions,  ^m,  are  defined  as  linear  combinations  of 
the  edge  and  screw  vectors,  i.e.,  ^,„°=°n^s°+“m5e- 

As  illustrated  by  Figure  1,  the  simplest  modification  consists  of  adding  two  60;  directions 
(n,  m  =  ”1)  per  slip  system.  This  solution  was  found  to  give  satisfactory  results  in  several 
respects,  i)  -  It  does  not  involve  drastic  changes  in  the"edge-screw"  model,  ii)  -  It  provides  an 
improved  description  of  the  dislocation  self-stress  field  (cf  Figure  3  of  [9]  for  a  detailed 
discussion),  iii)  -  It  significantly  reduces  the  number  of  segments  required  to  model  a  given 
dislocation  microstructure.  This  last  improvement  is  particularly  important  for  such  frequently 
met  configurations  as  dipoles  of  arbitrary  line  orientation  and  junctions.  For  instance,  as  shown 
in  Figure  2  for  the  case  of  f  c.c.  crystals,  the  possible  directions  of  the  Lomer  locks  are  parallel  to 
either  the  screw  or  mixed  direction  (their  character  being  either  edge  or  mixed)  and  can  be 
modelled  with  very  few  segments. 


Figure  1.  Modelling  a  small  dislocation  loop  hy 
the  "edge-screw"  line  model  (dotted  lines)  and 
the  "edge-mixed-screw"  line  model  (hold  lines). 
The  latter  involves  both  a  reduced  number  of 
segments  and  a  better  description  of  the 
continuous  shape.  The  figure  is  drawn  for  a 
(ill)  slip  plane  in  an  f  c.c.  crystal,  with  a 
Burgers  vector  h  parallel  to  the  [01 1] 
direction. 


i 


a)  b) 

Figure  2.  A  relaxed  junction  between  Ovo 
dislocation  lines  treated  with  (a)  -  the  "edge- 
screw"  model  and  (h)  -  the  "edge-mi.xed-.screw" 
model.  In  (a),  more  than  50  segments  are  needed 
to  obtain  an  accurate  description  of  the  junction 
line,  whereas  2  segments  only  are  sufficient  in 
(b).  Notice  that  the  line  tension  equilibrium  at  the 
triple  nodes  is  better  achieved  at  short  distances 
in  (b)  due  to  the  better  description  of  the  line 
directions. 


In  addition,  the  use  of  edge,  screw  and  -  60;  characters  is  of  interest  for  the  treatment  of  the 
lattice  friction  or  Peierls  stress  when  they  are  significant.  In  such  cases,  dislocations  slip  occurs 
by  a  kink-pair  mechanism  and  results  at  the  mesoscale  in  the  motion  of  straight  and  rigid  lines 
parallel  to  dense  atomic  rows.  This  applies  typically  to  the  screw  line  directions  in  b.c.c.  crystals, 
the  screw  and  -  60i  directions  in  diamond  cubic  crystals  and  the  screw  directions  in  the  {111} 
slip  planes  of  LI  2  alloys. 
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DISLOCATION  DYNAMICS 


The  modifications  brought  into  the  simulation  do  not  affect  the  parts  of  the  code  devoted  to 
the  calculation  of  the  internal  stresses  and  the  integration  of  the  equations  of  motion.  They 
induce  an  increase  of  the  time  spent  in  the  computation  of  the  interaction  stresses  by  about  50%, 
This  extra  computing  time  stems  from  the  relative  increase,  in  the  new  line  model,  of  the  number 
of  non-screw  segments,  whose  stress  field  is  more  complex  than  that  of  screws.  However,  due  to 
the  decrease  in  the  total  number  of  segments,  the  net  result  is  an  overall  decrease  in  computing 
time. 

The  constitutive  rules  that  maintain  the  connectivity  of  the  segments  during  their 
displacement,  as  well  as  the  procedures  for  the  discretisation  of  dislocation  line  curvatures  are 
not  significantly  altered.  The  main  changes  are  due  to  the  fact  that  the  length  of  a  segment  is  now 
modified  during  its  displacement.  This  is  not  the  case  with  the  "edge-screw"  model,  since  the 
segments  always  move  along  a  direction  parallel  to  that  of  their  neighbours.  As  a  result,  the 
algorithm  dealing  with  the  search  of  obstacles  (e.g.,  forest  dislocations,  precipitates,  interfaces, 

)  in  the  swept  area  becomes  more  complex.  Nevertheless,  most  of  the  related  procedures  can 
still  be  tabulated. 


Figure  3.  Simulation  of  the  critical  stress  of  a  Frank-Read  source  in  copper  (in  units  ofpb/L,  where  L 
is  the  length  of  the  source  segment,  of  screw  character,  and  p  the  shear  modulus)  as  a  function  of  the 
time  step.  The  domain  where  a  good  agreement  between  theory  (continuous  line,  after  Foreman  [10]) 
and  simulation  is  obtained  extends  to  larger  time  step  values  with  the  "edge-mixed-screw"  model 
(upwards  triangles)  than  with  the  "edge-screw"  model  (downwards  triangles).  In  the  present  ca.se,  the 
new  line  model  allows  increasing  the  time  step  value  and  speeding  up  the  simulation  by  one  order  of 
magnitude. 

Altogether,  this  part  of  the  simulation  is  significantly  accelerated  not  only  because  of  the 
reduction  in  the  number  of  segments  but  also  due  to  the  increase  in  the  time  step  value.  This  last 
important  result  is  illustrated  by  Figure  3  and  has  two  origins.  First,  the  discretisation  leads  to 
smoother  shapes  and  smaller  fluctuations  in  the  local  line  tension.  Hence,  this  allows  making  use 
of  larger  elementary  displacements.  Secondly,  with  a  smaller  number  of  segments,  the  number  of 
degrees  of  freedom  per  unit  line  length  is  decreased.  As  a  consequence,  the  occurrence  of 
parasite  transversal  wave  modes  along  the  lines  is  strongly  reduced. 
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CONTACT  REACTIONS 


The  "edge-mixed-screw"  model  also  provides  a  better  description  of  the  dislocation  stress 
field  close  to  the  lines.  This  improves  the  quantitative  aspects  of  the  simulations,  particularly 
regarding  the  modelling  of  contact  reactions.  For  instance,  in  the  "edge-screw"  formulation, 
some  local  rules  are  commonly  used  to  help  implementing  the  formation  and  destruction  of 
junctions  [II].  These  phenomenological  rules  are  useful  to  by-pass  a  detailed  description  of  the 
junction  geometry,  as  the  latter  requires,  a  substantial  amount  of  small  segments  (cf  Figure  2) 
and  a  small  time  step  (cf.  Figure  3).  Such  simplifications  are  no  longer  necessary  with  the 
"edge-mixed-screw"  model  and  the  junction  properties  can  be  treated  without  approximation. 

The  problem  of  dealing  with  the  equilibrium  configuration  of  junctions  is  then  reduced  to  a 
simple  question  offeree  balance  at  the  triple  nodes.  The  corresponding  validation  tests  arc  given 
in  the  next  section.  For  the  same  reasons,  the  new  line  model  allows  performing  a  better 
treatment  of  the  short-range  interactions  with  any  type  of  elastic  defect.  Finally,  if  the  use  of  the 
-  60i  mixed  directions  is  well  suited  for  treating  junctions,  different  line  directions  could  be 
preferred  for  dealing  with  other  specific  problems.  For  instance,  when  treating  plastic 
deformation  in  the  vicinity  of  an  interface,  it  could  be  advantageous  to  introduce  segments 
parallel  to  the  latter. 

JUNCTION  PROPERTIES 

From  the  numerous  previous  investigations  carried  out  in  the  early  days  of  dislocation 
theory  (see  e.g.  [12,  13]),  it  was  concluded  that  the  formation  and  destruction  of  junctions 
constitutes  the  major  contribution  to  strain  hardening.  Further,  it  was  showm  that  junctions  arc 
basically  low  energy  configurations  whose  main  properties  can  be  predicted  with  the  help  of 
simple  elastic  arguments  involving  a  simplified  formulation  of  the  line  energy. 


(a)  (>3)  ^,1.-  (c) 


Figure  4.  (a)  -  (c):  Zipping  of  a  junction  in  the  absence  of  applied  stress  and  under  the  effect  of  the 
elastic  interactions  between  the  two  attractive  segments,  (d)  -Jf)  :  Unzipping  of  the  same  configuration 
under  stress.  The  two  interacting  slip  systems  are  1/2[101](J1 1)  and  1/2[11 0](1U ). 
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This  last  result  was  confirmed  by  more  recent  calculations,  both  at  atomic  and  mesoscopic 
scales  [14-16].  Detailed  checks  have  been  performed  on  the  "edge-mixed-screw"  model  and  are 
illutrated  by  Figures  4  and  5.  Figures  4-a  to  -c  show  the  zipping  of  a  junction  under  zero  stress 
from  two  attractive  segments  which  cross  each  other  at  their  mid-point,  The  sequence  of  Figures 
4-d  to  -f  shows  the  unzipping  of  the  same  configuration  under  stress.  From  such  tests,  one  can 
derive  a  mapping  of  the  various  possible  configurations,  of  the  junction  lengths  and  the  critical 
stresses  for  junction  unzipping  as  a  function  of  the  initial  orientation  of  the  segments  [16].  For 
instance,  Figure  5  shows  the  simulated  junction  length  when  the  orientation  of  one  segment  is 
fixed  to  an  angle  4>o  =  -  0.47  rad.  with  respect  to  the  [OT  1  ]  junction  direction,  whereas  the  other 
angle  ([)  is  let  to  vary.  Junctions  of  different  lengths  are  formed  within  a  range  of  values  of  the 
angle  (j).  The  slight  asymmetry  of  this  domain  is  due  to  the  dependence  of  the  self-energy  on 
dislocation  character.  For  large  values  of  (j),  either  repulsive  configurations  or  attractive 
configurations  that  do  not  form  junctions  (crossed-states)  are  obtained.  The  excellent  agreement 
obtained  with  respect  to  a  simple  elastic  model  (see  ref  15  for  detail)  confirms  that  the  "edge- 
mixed-screw"  model  can  realistically  treat  junction  properties. 


Figure^S.  Junction  length  4,  reduced  by  the  initial 
length  of  the  segments  £di„  as  a  function  of  the 
orientation  <j)  of  one  of  the  segments,  the  other  one 
being  fixed.  The  data  points  show  the  simulation 
results.  The  full  line  is  a  prediction  obtained  from  a 
balance  of  energy  involving  a  simplified  line  energy 
model. 


Figure'‘6.  A  multiple  slip  configuration  obtained 
with  a  [100]  stress  axis  in  a  simulated  box  of 
dimension  (15  pmf.  The  junction  lines  are  shown 
in  black  and  the  dislocation  lines  in  grey. 


The  modelling  of  "forest"  hardening  involves  performing  a  global  average  over  the 
strengthening  effect  of  all  the  junctions  present  in  a  model  crystal  (cf  Figure  6).  In  a  mass 
simulation,  the  various  junctions  formed  differ  not  only  by  several  geometrical  parameters 
(Burgers  vector,  slip  plane,  length  and  orientation  of  the  lines,  position  of  the  intersection  point) 
but  also  by  their  frequency  of  occurrence.  For  instance,  one  can  see  from  Figure  5  that  the 
configuration  involving  a  segment  parallel  to  the  incipient  junction  line  (cj)  =  0)  produces  a 
junction  of  maximum  length.  This  configuration  relaxes  a  maximum  of  elastic  energy  and 
exhibits  maximum  stability  under  stress.  However,  it  only  occurs  for  one  particular  geometry. 
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A  global  check  of  the  new  line  model  can  be  performed  by  investigating  from  mass 
simulations  the  well-known  scaling  law  that  relates  the  flow  stress  T  to  the  square  root  of  the 
forest  dislocation  density,  pf :  X  =°a)ibVpf,  where  a  is  a  coefficient  whose  value  is  about  0. 3-0.4 
in  f.c.c.  crystals  [17].  Preliminary  simulation  results  yield  a  value  a  =  0.38  that  falls  within  the 
expected  range.  These  numerical  experiments  deserve  a  careful  discussion,  which  is  postponed 
to  a  further  publication. 


CONCLUSION 

The  "edge-mixed-screw"  line  model  provides  an  interesting  compromise  between  an 
increased  computing  efficiency  and  a  better  description  of  the  dislocation  fields.  Through  a  self- 
consistent  elastic  treatment  of  dislocation  reactions  it  will  allow  quantitative  simulations  of  forest 
and  strain  hardening  to  be  performed. 
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ABSTRACT 

Dislocations  decorated  by  both  clusters  of  self-interstitial  atoms  (SIAs)  and  small  dislocation 
loops,  are  one  of  the  microstructure  features  which  can  play  an  important  role  in  post-irradiated 
deformation  processes.  The  interactions  between  dislocations  and  clusters  are  important  and  are 
usually  treated  within  the  framework  of  isotropic  elasticity  theory.  However,  it  is  still  not  clear 
whether  or  not  these  interactions,  especially  for  small  clusters  at  short  distances,  can  be  treated 
accurately  by  elasticity  theory.  Comparative  studies  by  atomistic  simulation  and  elasticity 
theory  can  clarify  this.  Here  we  present  a  simple  example  of  such  a  study  where  interactions 
between  a  glissile  SIA  cluster  and  an  edge  dislocation  are  studied  in  bcc-Fe  and  fcc-Cu  using 
both  techniques.  In  Fe  we  have  studied  the  interaction  of  a  dislocation  with  Burgers  vector  b  = 
V2<1 1 1>  lying  along  <1 12>  direction  with  a  SIA  cluster  with  the  same  b  situated  at  different 
distances  below  the  extra  half-plane.  In  Cu,  the  dislocation  and  cluster  had  b  =  Y2<\  10>  and  the 
dislocation  line  was  along  the  <1 12>  direction.  Interactions  with  clusters  of  diameter  about  \n?7t 
were  simulated.  Elastic  calculations  were  made  within  the  isotropic  theory  with  parameters 
estimated  from  atomistic  simulation.  The  results  obtained  by  both  teehniques  are  discussed  and 
some  preliminary  conclusions  for  different  cases  are  drawn. 

INTRODUCTION 

In  recent  years,  results  of  atomic-scale  computer  modelling  of  displacement  cascades  in 
metals  (see  [1]  for  reviews)  and  the  theoretical  treatment  known  as  the  production  bias  model  [2] 
have  emphasised  the  significance  of  intracascade  clustering  of  self  interstitial  atoms  (SIAs)  and 
one-dimensional  (1-D)  mass  transport  by  SIA  clusters.  One  of  the  consequences  of  the 
formation  of  glissile  SIA  clusters  is  the  creation  of  a  vacancy  supersaturation,  which  leads  to 
void  swelling.  Another  important  consequence  of  the  1  -D  glide  of  SIA  clusters  is  the  creation  of 
a  specific  microstructural  feature  in  neutron-irradiated  metals,  such  as  decoration  of  dislocations 
by  SIA  loops  [3-8].  According  to  the  cascade-induced  source  hardening  model  [7-9],  the 
increase  in  the  upper  yield  stress  during  neutron  irradiation  occurs  because  most  grown-in 
dislocations  are  locked  due  to  decoration  by  small  SIA  clusters  and  dislocation  loops. 
Dislocation-loop  interactions  [7-8]  and  their  effect  on  dislocation  dynamics  [9]  are  usually 
treated  in  terms  of  elasticity  theory. 

However,  it  is  still  not  clear  whether  or  not  dislocation-loop  and  loop-loop  interactions, 
especially  at  close  distances,  can  be  calculated  with  enough  accuracy  within  the  framework  of 
elasticity  theory.  Clearly,  atomic  scale  simulations  are  necessary  to  eliminate  this  uncertainty. 
Although  in  recent  years  a  large  number  of  atomic  simulations  have  been  carried  out  to 
determine  the  properties  of  SIA  clusters  [10],  only  a  few  studies  have  considered  interactions 
between  clusters  and  other  microstructural  features.  The  interaction  of  small  glissile  SIA 
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clusters  with  a  dissociated  ‘/2<1 10>  dislocation  in  Ni  was  studied  in  [11].  For  the  case  of  non¬ 
parallel  directions  of  the  axis  of  the  SIAs  and  b  of  the  dislocation,  it  was  found  that  the  cluster  is 
absorbed  by  the  Shockley  partials  in  both  static  and  gliding  dislocations.  The  absorbed  cluster 
creates  a  pinning  effect  and  can  be  reoriented  to  the  same  orientation  as  that  of  as  a  result  of 
further  interaction  with  the  gliding  dislocation.  The  interaction  energy  between  a  perfect  SIA 
cluster  and  '/2<1 1 1>  dislocation  in  Fe  was  studied  in  [12]  by  molecular  statics  and  simple 
infinitesimal  approximation  of  isotropic  elasticity.  It  was  concluded  that  short-range  effects 
cannot  be  treated  within  such  an  approach.  Therefore  a  lack  of  data  on  details  of  dislocation- 
cluster  interaction  still  exists.  This  information  is  important  for  further  development  of 
continual  models  for  dislocation  dynamics  for  which  such  details  are  necessary  input  parameters. 
The  present  study  contributes  to  this  effort  by  making  it  possible  to  compare  directly  the  results 
of  atomi.stic  simulations  with  that  of  the  calculations  using  the  isotropic  elasticity  theory.  We 
studied  interactions  between  dislocations  and  SIA  clusters/loops  having  the  same  Burgers 
vector,  as  fomied  by  a  decoration-like  microstructure  in  bcc  and  fee  structures. 

CALCULATIONAL  ME  I  HOD 

Molecular  statics  was  used  to  study  the  cluster-dislocation  interaction  energy  at  a 
temperature  of  zero  Kelvin  in  bcc  and  fee  lattices.  The  crystallites  of  about  a  million  atoms  were 
oriented  along  [110],  [112]  and  [1 1 1]  directions  in  both  cases.  In  both  cases  the  size  along  the 
Burgers  vector,  b,  was  about  1 10  1  ibl  and  approximately  15/?;«  along  the  dislocation  line.  The 
usual  boundary  conditions  for  static  dislocation  studies  were  applied,  i.e.  periodic  along  the 
dislocation  line  direction  and  rigid  along  the  other  two  directions.  The  atoms  in  rigid  boundaries 
were  displaced  according  to  the  elastic  solution  for  the  dislocation.  An  isolated  dislocation  was 
first  introduced  and  relaxed.  A  cluster  with  the  same  Burgers  vector  as  that  of  the  dislocation 
was  then  created  at  a  certain  distance,  r<iio>  (e.g.  along  [1 TO]  direction  for  the  bcc  crystallite)  or 
r<;//>  (e.g.  along  [1 1 1]  direction  for  the  fee  crystallite)  below  the  dislocation  slip  plane,  e.g. 
below  the  extra  half-plane,  and  the  crystallite  was  relaxed  again.  Clusters  of  .37  and  49  SIAs  (of 
effective  loop  radii  1 .3  and  1 .5  nm)  were  studied  in  the  bcc  and  fee  crystallites  respectively.  The 
dislocation-cluster  interaction  energy  was  calculated  using  the  energies  of  a  previously-relaxed 
isolated  dislocation  and  a  cluster.  The  interatomic  interactions  were  described  by  many-body 
potentials  derived  in  [13]  for  a-Fe  and  Cu. 

The  interaction  energy,  »  obtained  in  the  computer  simulation,  was  compared  with  two 
theoretical  approaches  based  on  isotropic  elasticity.  The  first  is  the  simple  infinitesimal  loop 
approximation  evaluated  in  [14]  and,  for  the  case  considered,  the  interaction  energy,  can  be 
written  as 


jib's  1 
2k(  1-v) 


where  S  is  the  loop  area  and  r  is  the  distance  between  the  cluster  centre  and  dislocation  line  and 
p,  and  V  have  usual  meaning  .  In  addition  to  the  assumption  of  isotropic  elastic  behaviour,  eq.(l) 
is  based  on  the  approximation  that  »  S,  so  that  the  loop  size  and  geomctiy  are  ignored. 

The  second  approach  evaluates  the  interaction  energy,  ,  through  the  full  integration  of 
the  dislocation  stress  over  the  planar  surface  enclosed  by  the  loop,  e.g.  hexagon  for  bcc  Fe  and 
rhombus  for  Cu.  The  details  of  the  infinite  dislocation  stress  field  interaction  with  a  dislocation 
segment  can  be  found  in  [15]. 
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RESULTS  AND  DISCUSSION 


Energy  of  a  straight  dislocation. 

In  the  isotropic  elasticity  theory  the  interaction  energy  is  determined  by  the  self-energy 
factor  for  a  straight  edge  dislocation  line  given  by  2  A  =  /Jb^  /  2k(  1-v)  [16]  (see  also  eq.  1 ).  In 
an  anisotropic  crystal  this  factor  does  not  have  a  unique  value  and  depends  on  the  line  direction 
and  b,  and  must  be  obtained  either  by  anisotropic  elasticity  theory  [17]  or  by  atomistic 
simulation  [18].  We  have  applied  the  later  since  it  gives  the  energy  factor  for  the  particular 
interatomic  potential  employed  and  takes  into  account  the  atomic  structure  of  the  dislocation 
core.  The  method  is  based  on  the  evaluation  of  the  strain  energy  Es  \vithin  a  cylinder  containing 
the  dislocation  along  its  axis.  This  energy  can  be  expressed  (per  unit  length  of  the  dislocation 
line)  as  =  A  ln[R(-  /  )-l-  ,  where  Rc  is  the  radius  of  the  cylinder,  Vo  is  the  core  radius  and 

Ec  is  the  core  energy.  The  slope  of  the  plot  of  Es  versus  ln(Rc)  (in  the  region  where  it  is  linear) 
defines  the  factor  /I.  It  is  straightforward  to  obtain  this  parameter  for  the  V2<\  1 1>  dislocation  in 
Fe  but  the  validity  of  this  approach  is  less  obvious  in  Cu  due  to  the  dissociation  of  the  ’/2<1 10> 
dislocation  into  two  Shockley  partials.  Nevertheless  atomistic  simulation  has  shown  that  the 
cylinder  energy  approach  can  be  applied  to  a  dissociated  dislocation  and  the  effective  values  of 
A  and  can  be  estimated.  The  dependence  of  the  cylinder  energy  versus  its  radius  is  presented 
in  Fig.l  for  the  two  dislocations  considered.  Parameters  estimated  are  :  A-'i.99eV/nm,  Vo  = 
0.69nm  and  Ec  =  l.A2>eV/nm  for  the  edge  dislocation  in  Fe  and  A^  2.S2eV/nm,  Vo  =  2.8  l«m  and 
Ec  =  6.54eV/nm  for  the  dissociated  dislocation  in  Cu.  In  the  case  of  Cu  note  the  extended  area 
where  Es  is  very  low  due  to  the  low  stacking  fault  energy  and  the  high  value  of  the  effective  core 
radius  due  to  dissociation.  The  fact  that  beyond  Vo  the  cylinder  strain  energy  is  linear  confirms 
that  the  approximation  of  an  effective  edge  dislocation  can  be  used  for  distances  sufficiently 
away  from  the  partials  {Rc  >  3nm). 


Figure  1  Strain  energy  within  the  cylinder  containing  the 
dislocation  versus  the  cylinder  radius  in  (a)  Fe  and  (b)  Cu. 


Loop-dislocation  interaction. 

The  interaction  energy  of  a  37- 
SIA  cluster  with  an  edge  dislocation 
in  Fe  as  a  function  of  the  separation 
r<tio>  is  presented  in  fig.2.  The 
estimation  of  the  same  energy  by  the 
two  theoretical  approaches  is  also 
shown.  In  fig.2(a)  all  dependencies 
seem  to  be  in  satisfactory  agreement, 
however  in  fig.2(b),  where  E/atIs 
shown  versus  the  reciprocal 
separation  distance,  a  significant 
difference,  especially  at  short 
distances,  can  be  clearly  seen.  Note 
that  the  fitting  of  simulation  data  by 
the  power  function,  Eh^t  =  EoT^, 
yields  an  exponent  S  equal  to  -1.14 
whereas  the  long-range  interactions 
described  within  the  isotropic 
elasticity  follow  the  reciprocal 
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Figure  2  Interaction  energy  between  /2<1 1I>  edge  dislocation  and  3 7  SIA  perfect  cluster  in  hcc 
Fe  (a)  versus  separation  along  <11 0>  direction  and  (b)  versus  the  reciprocal  distance.  Full  line 
-power  function  fitted  to  the  simulation  data  (indicated  in  (a)),  dashed  line  -  full  isotropic 
elasticity  calculation,  dotted  line  -  infinitesimal  loop  approximation  (reciprocal  distance  low). 
The  vertical  arrow  in  (b)  indicates  the  effective  size  of  dislocation  core  obtained  from  Fig.l. 


dependence.  The  difference  is  accentuated  if  the  interaction  force  (for  climb)  between  the  line 
and  loop  is  considered. 

The  results  for  Cu  are  presented  in  Fig. 3.  In  this  case  even  figure  (a)  shows  a  significant 
difference  between  the  results  of  analytical  calculations  and  that  of  atomistic  simulation  over  the 
whole  range  studied.  A  power  function  fitting  of  simulation  data  yields  an  exponent  equal 
to  “0.82  (Fig.  3b).  There  is  also  a  qualitative  difference  in  interaction  forces  between  a  SIA 
cluster  and  a  dislocation  in  Fe  and  a  dissociated  dislocation  in  Cu.  Further  investigation  of  this 
difference  has  shown  that  the  change  in  the  structure  of  the  49  SIA  cluster  in  Cu  due  to  the 
dislocation  stress  field  is  the  main  cause.  In  earlier  simulations  [19],  isolated  small  SIA  clusters 
(<100  SIAs),  similar  to  that  considered  here,  were  found  to  have  the  structure  of  perfect  '/2<1 10> 
dislocation  loops.  Larger  clusters,  which  are  definitely  dislocation  loops,  dissociate  into  two 
loops  of  partials  with  stacking  faults  between.  Such  dissociation  decreases  the  loop  formation 
energy.  In  the  present  study  even  small  cluster,  i.e.  49  SIAs,  shows  features  of  dislocation  loop 
and  can  dissociate  in  the  vicinity  of  a  dislocation.  The  degree  of  dissociation  increases  and, 
therefore  the  cluster/loop  formation  energy  decreases,  at  shorter  distance.  This  phenomenon  is 
responsible  for  the  change  in  the  cluster-dislocation  interaction  versus  distance  behaviour.  It  can 
be  anticipated  therefore  that  the  qualitative  form  of  such  interaction  in  Cu  would  be  dependent 
on  the  cluster  size.  Thus,  very  small  clusters  may  not  dissociate  and  £^7-  (r<iji>)  may  be  similar 
to  that  obtained  for  Fc.  Large  clustcrs/loops,  which  can  dissociate  even  when  isolated,  should 
also  follow  similar  behaviour  possibly  with  a  higher  value  of  interaction  energy.  The  case 
studied  here,  when  the  dissociation  occurs  due  to  the  dislocation  stress  field  and  depends  on  the 
distance  to  dislocation,  is  the  most  complicated  and  cannot  be  treated  simply  in  terms  of 
elasticity  theory. 
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Figure  3  Interaction  energy  between  V2<110>  dissociated  dislocation  and  49  SIA  perfect  cluster 
in  Cu  (a)  versus  separation  along  <11 1>  direction  and  (b)  versus  the  reciprocal  distance.  Full 
line  -  power  function  fitted  to  the  simulation  data  (indicated  in  (a)),  dashed  line  -full  isotropic 
elasticity  calculation,  dotted  line  -  infinitesimal  approximation  (reciprocal  distance  law). 


CONCLUSIONS 

1 .  Atomistic  simulation  and  two  approaches  of  isotropic  elasticity  calculations  were  applied 
to  study  the  interaction  energy  between  an  edge  dislocation  and  a  compact  cluster  of  crowdions 
aligned  parallel  to  the  dislocation  Burgers  vector  in  Fe  and  Cu. 

2.  In  the  case  of  Fe  full  isotropic  elasticity  calculations  give  satisfactory  results  on 
dislocation-loop  interaction  energy  at  distances  larger  than  several  dislocation  core  radii  but 
overestimate  the  interaction  force  at  short  distances.  The  approximation  of  an  infinitesimal  loop 
gives  satisfactory  agreement  on  the  interaction  energy  at  large  distances. 

3.  The  interaction  between  the  dissociated  edge  dislocation  and  a  49-SIA  cluster  in  Cu  is 
complicated  since  the  dislocation  enhances  the  dissociation  of  the  cluster.  This  increases  the 
dislocation-cluster  interaction  energy.  This  interaction  cannot  be  treated  simply  by  elasticity 
theory.  The  possible  effect  of  the  cluster  size  on  the  character  of  dislocation-cluster  interaction 
is  discussed. 
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ABSTRACT 

In  nuclear  power  plants,  Zr-based  cladding  is  corroded  by  the  primary  coolant. 
Concomitantly,  it  undergoes  hydrogen  pick-up  which  induces  modifications  of  its  mechanical 
properties,  especially  creep  and  recrystallization  rates.  Below  600K,  the  deformation  in  hep  Zr  is 
partially  controlled  by  screw  dislocations,  which  due  to  their  intricate  core  structure  have  reduced 
intrinsic  mobility.  Here,  we  address  the  possible  hydrogen  induced  modifications  of  the  core 
structure  of  screw  dislocations.  We  used  first-principle  calculations  based  on  the  density 
functional  theory  to  evaluate  the  interaction  between  hydrogen  and  screw  dislocation  cores  and 
also  to  evaluate  the  hydrogen  induced  modifications  of  the  prismatic  and  basal  gamma  surfaces. 
We  show  that  the  presence  of  hydrogen  results  in  significant  reductions  of  the  stacking  fault 
energies. 

INTRODUCTION 

The  deleterious  effect  of  hydrogen  on  mechanical  properties  of  metallic  alloys  was 
documented  since  the  end  of  the  1 9th  century,  with  an  increasing  interest  for  an  understanding  of 
the  mechanisms  involved  at  the  atomic  scale.  A  first  distinction  of  the  hydrogen  effects  can  be 
made  between  systems  that  undergo  hydrogen-induced  phase  transitions  and  those  that  do  not.  In 
Zr  alloys,  hydrogen  is  known  to  modify  the  mechanical  behaviour  both  in  solid  solution  and  as 
hydride  precipitates  [1]. 

Experimental  and  theoretical  studies  of  hep  Zr  alloys  show  that,  at  temperatures  of 
interest  (i.e.  below  600  K),  the  plastic  behaviour  is  controlled  by  the  mobility  of  screw 
dislocations.  Since  they  have  a  core  spread  in  the  basal  and  prismatic  planes,  their  mobility  is 
low.  Whatever  the  type  of  mechanism  mentioned  (locking-unlocking,  Peierls-like  [2])  to 
explain  the  low-temperature  plastic  deformation,  the  lattice  fnction  that  results  from  the  intricate 
core  structure  seems  to  be  the  key-phenomenon  governing  plasticity.  To  understand  the 
influence  of  hydrogen  on  the  mechanical  behaviour  of  Zr  alloys,  it  is  therefore  necessary  to  know 
the  energies  of  intricate  ionic  and  electronic  configurations  involving  Zr  and  H  atoms.  This 
requires  accurate  atomic-scale  numerical  simulations.  Despite  their  high  computational 
efficiency  for  metals,  empirical  energetic  models  cannot  be  used  as  they  deal  only  implicitly  with 
the  electronic  density  and  consequently  suffer  from  poor  transferability,  specially  in  alloys. 
Electronic  structure  calculations  can  be  performed  at  various  levels,  going  from  simple  quantum 
mechanics  formulations  (diffusion  of  free  electrons  by  a  central  potential)  to  self-consistent  fully 
ab  initio  quantum  mechanics  models,  through  intermediate  tight-binding  models  with  firm 
quantum  mechanics  foundations  but  involving  fitted  parameters  [3]. 

In  this  work,  we  present  ab  initio  calculations  concerning  the  interactions  between  H  and 
screw  dislocation  cores  in  a  Zr.  Among  self-consistent  ab  initio  models,  the  Density-Functional 
Theory  (DFT)  [4]  is  nowadays  largely  used  in  materials  science,  and  can  be  applied  to  the 
present  issue  owing  to  the  enormous  enhancement  of  the  available  computer  power.  The  DFT 
model  was  carefully  checked  in  a  variety  of  H-Zr  configurations  [5].  Despite  the  continuous 
improvements  in  computational  speed,  memory  capacity  and  efficiency  of  the  numerical 
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methods,  the  number  of  transition  metal  atoms  in  a  tractable  system  is  limited  to  about  100. 
Therefore  we  performed  only  a  few  calculations  involving  a  screw  dislocation  core,  and  in  order 
to  get  further  information  about  the  core  structure,  we  studied  the  so-called  Gamma  surface 
introduced  by  Vitek  et  al.  (see  [6]  for  instance  and  references  therein).  We  focussed  on  the 
influence  of  hydrogen  in  solid  solution  on  the  basal  and  prismatic  Gamma  surfaces.  Particular 
attention  was  paid  to  H-induced  modifications  to  the  basal  and  prismatic  stable  stacking  fault 
energy. 

COMPUTATIONAL  PROCEDURE 

Our  calculations  were  performed  using  the  Vienna  ab  initio  simulation  package  (VASP) 
[7].  This  code  implements  the  main  concepts  of  the  DFT  combined  with  very  efficient  numerical 
algorithms  for  the  self  consistent  resolution  of  the  one-electron  effective  hamiltonian.  The 
calculations  were  perfonned  in  a  plane  wave  basis,  using  fully  non  local  Vanderbilt-type 
ultrasoft  pseudopotentials  to  describe  the  electron-ion  interaction  [8].  Exchange  and  correlation 
were  described  by  the  Perdew  and  Zunger  functional  adding  nonlocal  corrections  in  the  form  of 
the  Generalized  Gradient  Approximation  (GGA)  of  Perdew  et  al.  [9].  The  pseudopotentials  used 
were  taken  from  the  VASP  library.  For  Zr,  the  six  4p  electrons  were  considered  as  valence  ones 
together  with  the  two  5s  and  the  two  4d  ones.  A  unique  cut-off  energy  of  225  eV  was  used  for 
all  the  systems.  The  supercell  approach  was  used  to  simulate  perfect  crystals  as  well  as  crystals 
containing  defects.  Brillouin  zone  (BZ)  sampling  was  perfonned  using  the  Monkhorst  and  Pack 
and  related  schemes.  A  convergence  within  2  meV  per  atom  with  respect  to  the  discrete  BZ 
sampling  was  achieved  using  a  k-points  density  close  to  3000  *  Va,  where  Va  is  the  volume  of 
the  simulation  cell.  As  previously  mentioned,  this  model  was  carefully  checked  in  a  variety  of 
Zr-H  configurations  [5].  Using  similar  parameters,  other  authors  working  on  Zr  surface 
relaxations  and  ZrOi  polymorphism,  obtained  results  that  provide  further  validation  to  our  DFT 
approach  [10]. 


RESULTS 

Concerning  the  Zr-H  system,  we  start  by  recalling  results  of  interest  in  the  present 
context  (also  reported  elsewhere  [5]).  As  regards  the  hydrogen  site  occupancy,  the  model  in  the 
GGA  approximation  predicts  the  tetrahedral  site  to  be  more  stable  by  about  60  meV  at  0  K  than 
the  octahedral  one.  This  is  in  agreement  with  experimental  observations  [11]  and  gives  an  insight 
into  the  model  accuracy.  Moreover,  in  6  ZrH  hydride  with  fee  structure,  hydrogen  atoms 
distributed  in  the  tetrahedral  sites  prefer  drastically  (by  0.1 6eV  per  H  atom)  to  adopt  a  planar 
distribution  in  { 1 10}  planes  rather  than  a  diamond-like  structure  (see  Figure  1). 


b) 


Figure  1:  ZrH  hydride  a)  diamond  like 
structure,  b)  most  stable  configuration 


Stacking  fault  energy  calculations  can  be  performed  using  several  geometries.  When 
considering  stable  faults,  it  is  possible  to  use  supercells  with  periodic  boundary  conditions  (PBC) 
along  the  three  directions  implying  the  presence  of  two  faults  in  the  cell.  Alternatively,  triclinic 
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supercells  having  an  xy  plane  parallel  to  the  fault  and  a  z  direction  forming  a  small  angle  with  the 
fault  plane  normal  in  order  to  compensate  the  fault  vector  can  be  used.  In  this  case  there  is  only 
one  fault  per  simulation  cell.  The  most  practical  geometry  is  probably  a  supercell  containing  a 
sufficient  number  of  Zr  planes  surrounded  by  vacuum  along  the  fault  plane  normal.  The  results 
presented  here  were  obtained  using  the  last  type  of  geometry  containing  1 0  Zr  planes  embedded 
in  the  equivalent  of  5  vacuum  planes.  The  Zr  atoms  on  each  side  of  the  fault  were  allowed  to 
relax  only  perpendicularly  to  the  fault  plane  in  order  to  cancel  out  possible  compressive  stresses. 
The  ionic  relaxations  were  stopped  when  the  forces  on  the  atoms  reached  values  below  0.05 
eV/atom.  In  pure  Zr,  the  values  of  the  basal  and  prismatic  static  fault  energies  calculated  in  this 
way  are  within  5%  of  those  calculated  using  full  PBC.  The  results  are  reported  in  table  1  together 
with  those  obtained  by  Legrand  [12]  using  a  tight-binding  model. 

Table  1:  Basal  and  prismatic  fault  energies  and  Legrand ’s  parameter  R^C66  yb(m,/Q4  Jpris.for  two 


different  models:  DFT  (this  work)  and  tight-binding  one  fl2]. 


Calculation  type 

Energy  (mJ/m^ ) 

Fault  plane 

Fault  vector 

Legrand’s  Param. 
R[12] 

Tight  binding 

340 

basal 

a/3  <1  -1  0  0> 

Tight  binding 

150 

prismatic 

a/6  <2  -1  -1  0> 

2.3 

Present  work 

200 

basal 

a/3  <1  -1  0  0> 

Present  work 

144 

prismatic 

a/6  <2  -1  -1  0> 

1.9 

In  Table  1  is  also  reported  the  parameter  R=  Ceo  Ybasai/C44  Ypds  introduced  by  Legrand  to 
characterize  the  slip  type.  Values  of  R  greater  than  one  indieate  that  prismatic  slip  should  be 
favored,  while  values  of  R  less  than  one  are  an  indication  of  basal  slip.  From  Table  1  it  appears 
that  our  results  and  those  of  Legrand  almost  coincide  for  the  prismatic  fault.  However  for  the 
basal  fault  we  obtain  a  value  almost  half  that  predicted  by  the  tight-binding  model.  Despite  this 
discrepancy,  the  calculated  R  values  for  both  models  are  rather  close  because  the 
C44  value  calculated  with  our  model  is  lower  than  the  experimental  one  and  partly  compensate  for 
the  lower  Yba^ai  value. 

7E  (mJ/m^)  7E  (mJ/mY 


Figure  2:calculated  basal  (a)  and  prismatic  (b)  Gamma  surface  for  pure  hep  zirconium. 


Figure  2  a  and  b  represents  the  basal  and  prismatic  Gamma  surface  respectively  for  pure 
Zr  calculated  with  our  model.  To  study  the  influence  of  H  on  the  Gamma  surfaces,  we 
introduced  H  atoms  in  their  most  stable  configuration  between  the  Zr  planes  defining  the  fault  for 
each  geometric  configuration  corresponding  to  a  given  fault  vector.  The  general  consequence  of 
the  presence  of  hydrogen  is  an  overall  decrease  in  the  Gamma  surface  energies,  whatever  the 
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fault  plane  and  the  fault  vector  considered.  Figure  3  plots  a  cut  of  both  the  basal  and  prismatic 
Gamma  surfaces  along  the  Burgers  vector  b=a/3<2  -1  -1  0>,  It  was  obtained  for  a  surface 
coverage  fraction  0  (defined  as  the  number  of  H  atoms  between  the  fault  planes  divided  by  the 
number  of  Zr  atoms  in  one  fault  plane)  equal  to  1  in  both  cases.  Note  that  the  atomic  fraction, 
although  largely  used,  may  be  misleading.  Indeed,  due  to  the  atomic  surface  density  difference, 
0  =  1  repre.sents  one  H  atom  per  9  A-  for  the  basal  fault  and  only  one  H  atom  per  17  A'  for  the 
prismatic  one.  It  clearly  appears  that  the  presence  of  hydrogen  also  induces  a  stable  stacking  fault 
energy  lowering,  the  magnitude  of  which  depends  on  0.  In  Tables  2  and  3,  we  report  the  stable 
basal  and  prismatic  fault  energies  values  for  several  0  values.  For  the  basal  fault,  the  minimum  is 
reached  at  0  =  1,  while  for  the  prismatic  fault  the  corresponding  value  is  2,  which  approximately 
gives  the  same  hydrogen  surface  density. 


Table  2:  Basal  stacking  fault  energy  as  a  function  of  the  H  coverage  in  the  fault. 


Surface  Coverage  Fraction  0 

yb.,ai  (mJ/m^) 

0 

200 

% 

120 

‘/2 

80 

1 

-60 

2 

-14 

Table  3:  Prismatic  fault  energy  as  a  fimction  of  the  H  coverage  in  the  fault. 


Surface  Coverage  Fraction  0 

7priMn  (mJ/m^) 
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144 

1 

67 

2 

-90 

yE  (mJ/m9  IfE  (mJ/nf ) 


(a)  (b) 

Figure  3:  Gamma  surface  energy  cut  along  the  Burgers  vector  in  the  basal  (a)  and  prismatic 
plane  (b),  obtained  for  Q  -1  in  both  cases. 

These  results  indicate  that  H  is  attracted  to  planar  defects.  However,  they  can  not  be 
considered  as  a  direct  evidence  of  the  H  affinity  for  screw  dislocations  cores.  To  assess  this 
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particular  point,  we  performed  a  few  simulations  of  screw  dislocation  cores,  using  an  orthogonal 
cell  containing  64  Zr  atoms  placed  in  adjacent  <2  -1  -1  0>  planes.  Along  this  direction  PBC 
were  applied,  while  along  the  perpendicular  directions  free-surface  conditions  were  adopted  by 
embedding  the  simulation  cell  in  a  3  A  thick  vacuum  ribbon.  As  a  starting  geometry,  we  adopted 
that  predicted  by  continuum  elasticity  (see  Figure  4  a)  and  then  relaxed  all  Zr  atoms  but  those 
close  to  the  cell  boundaries.  An  H  atom  was  introduced  between  the  cell  boundaries  and  the 
dislocation  core,  and  the  energy  of  this  atomic  configuration  was  compared  to  that  corresponding 
to  an  H  atom  placed  inside  the  core  (see  figure  4  b).  The  energy  of  the  last  configuration  is  lower 
by  about  0.2  eV  per  H  atom,  a  value  that  can  be  considered  as  an  estimation  of  the  H  - 
dislocation  core  attractive  interaction  energy. 
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Figure  4:  (a)  Geometrical  screw  dislocation  core  predicted  by  continuum  elastic  theory  and  (b) 
relaxed  core  containing  one  hydrogen  atom.  The  normal  to  the  figure  plane  is  <2  -1  -1  0>. 


DISCUSSION 


Although  the  correlation  between  stacking  fault  energies  and  mechanical  properties  is 
not  straightforward,  our  results  give  however  an  insight  into  the  H-induced  dislocations  mobility 
modifications.  If  as  a  starting  point  one  assumes  that  H  atoms  are  arranged  in  a  prismatic  plane, 
the  corresponding  prismatic  fault  energy  is  lowered.  This  should  favour  a  spread  of  the 
dislocation  core  mainly  in  this  plane,  and  lead  to  two  somehow  contradictory  consequences.  On 
one  hand,  as  suggested  by  the  results  in  Figure  3,  the  lattice  friction  on  the  prismatic  plane  is 
probably  lowered.  Indeed  the  lattice  friction  is  related  to  the  gradient  of  the  Gamma  surface 
along  the  Burgers  vector,  and  this  gradient  is  also  probably  lowered  by  the  presence  of  H. 
Furthermore,  it  is  likely  that  the  increase  of  prismatic  spread  is  concomitant  to  a  reduction  of  the 
basal  spread.  In  this  case,  the  core  structure  with  hydrogen  should  be  more  planar  and  therefore 
undergo  a  lower  Peierls  barrier.  On  the  other  hand,  the  enhanced  planar  dislocation  spread 
probably  hinders  cross  slip,  and  therefore  reduces  the  out  of  plane  dislocation  mobility.  This 
interpretation  accounts  for  a  number  of  experimental  observations,  such  as  the  H  induced 
decrease  of  recovery  rates  in  cold  worked  materials  and  the  increase  of  creep  rates  in  fully 
annealed  samples  containing  hydrogen  in  solid  solution  [1].  In  the  previous  interpretation,  it  is 
implicitly  assumed  that  H  atoms  are  always  located  in  the  lower  energy  sites.  This  assumes  that 
H  atoms  move  fast  enough  to  follow  the  dislocations  cores. 

A  completely  different  scenario  is  also  possible  if  as  a  starting  point,  the  H  atoms  are 
arranged  in  a  basal  plane.  In  this  case  a  similar  behavior  should  be  observed,  with  basal  slip,  but 
this  situation  has  not  been  detected  experimentally  as  far  as  we  know.  One  point  however  makes 
the  above  assumptions  plausible  :  H  atoms  tend  to  adopt  planar  geometric  configurations  in  ZrH 
cubic  hydrides.  The  planar  configuration  in  ZrH  (which  is  the  most  stable)  is  very  close  to  the 
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local  configuration  of  H  and  Zr  atoms  that  can  be  found  in  the  prismatic  fault  plane  with  0  =  2. 
This  indicates  H  atoms  probably  adopt  a  planar  configuration,  at  least  in  the  neighborhood  of  a 
dislocation  core  in  hep  Zr. 

CONCLUSION 

The  influence  of  hydrogen  in  solid  solution  in  zirconium  on  the  screw  dislocation 
structure  has  been  studied  by  means  of  atomic  scale  simulations  using  the  Density  Functional 
Theory  methodology.  Our  results  show  that  there  is  a  strong  attraction  of  hydrogen  to  the  screw 
dislocation  cores  and  that  the  presence  of  hydrogen  strongly  decreases  the  energies  of  the  basal 
and  prismatic  stacking  faults.  These  facts  may  result  in  a  hydrogen  induced  modification  of  the 
screw  dislocations  core  structure,  which  in  turn  may  lead  to  a  dislocation  mobility  change  with 
possible  implications  on  the  macroscopic  mechanical  properties. 
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ABSTRACT 

We  present  a  new  Screened  Bond-Order  Potential  (SBOP)  for  molybdenum  in  which  the 
environmental  dependence  of  two-center  tight-binding  bond  integrals  has  been  implemented  via 
a  recently  developed  analytic  expression.  These  bond  integrals  reproduce  very  well  the 
numerical  ab-intio  values  of  screened  LMTO  bond  integrals.  In  particular,  they  display  the  large 
discontinuity  in  ddrr  between  the  first  and  second  nearest  neighbor  of  the  bcc  lattice  whereas  they 
do  not  show  any  discontinuity  in  dda.  This  dependence  can  be  traced  directly  to  the  angular 
character  of  the  analytic  screening  function  and  is  shown  to  be  critical  for  the  behavior  of  the 
second  nearest  neighbor  force  constants.  The  new  BOP  eliminates  the  problem  of  the  very  soft 
T2  phonon  mode  at  the  N  point  that  is  found  in  most  two-center  tight-binding  models. 
Preliminary  study  of  the  core  structure  of  1/2<1 1 1>  screw  dislocations  performed  using  SBOP 
indicates  that  the  core  is  narrower  and  less  asymmetric  than  structures  found  in  previous  studies, 
in  agreement  with  recent  ab-initio  calculations. 


INTRODUCTION 

Tight-binding  (TB)  methods  are  a  reliable  approach  for  determination  of  total  energies 
for  materials  in  which  covalent  character  of  bonding  plays  an  important  role  [1].  They  comprise 
fundamental  quantum  mechanics,  ensuring  correct  account  of  the  angular  character  of  bonds  [2]. 
Atomistic  calculations  employing  these  methods  are  fast  enough  to  treat  systems  of  particles  that 
are  much  larger  than  those  attainable  in  ab-initio  DFT  based  calculations.  In  recent  years  the 
tight-binding  method  with  the  orthogonal  basis  and  two-center  bond  (hopping)  integrals  has  been 
reformulated  in  terms  of  Bond-Order  Potentials  (BOP)  [3].  This  linear  scaling  TB  scheme  does 
not  require  use  of  periodic  boundary  conditions  and  all  the  calculations  are  performed  in  the  real 
space.  This  is  particularly  expedient  for  studies  of  extended  crystal  defects,  such  as  dislocations. 

The  key  point  in  all  TB  schemes  is  to  develop  a  suitable  parametrization,  which  not  only 
reproduces  experimental  and  theoretical  data  for  ideal  lattice  structures,  but  is  transferable  to 
configurations  not  included  in  the  fitting.  This  is  especially  important  when  the  method  is  to  be 
used  in  studies  of  extended  defects  with  structures  very  different  firom  that  of  ideal  lattices. 
However,  this  is  a  daunting  task  considering  approximations  and  simplifications  implicit  in  the 
TB  scheme.  One  of  the  crucial  approximations,  embodied  in  the  two-center  orthogonal  TB 
method,  is  the  assumption  of  orthogonality  of  the  underlying  basis  set.  This,  of  course,  can  never 
be  exact  since  the  atomic-like  orbitals  centered  at  different  sites  overlap.  Several  studies  have 
shown  that  the  effects  of  non-orthogonality  can  be  to  a  good  approximation  accounted  for  by 
environmental  dependence  of  the  two-center  TB  parameters  [4,  5].  For  this  reason  a  new 
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screened  bond-order  potential  (SBOP)  formalism,  which  includes  non-orthogonality  via  analytic 
concept  of  a  screening  function,  has  recently  been  developed  [6], 

In  this  paper  we  present  a  first  application  of  this  scheme  for  the  case  of  molybdenum  for 
which  it  has  been  found  that  the  transferability  of  the  unscreened  bond  integrals  is  limited.  The 
unscreened  BOP  potentials  were  quite  successflilly  employed  in  modeling  of  both  pure  transition 
metals  [7,  8]  and  certain  alloys,  such  as  TiAl  [9].  However,  several  problems  have  been 
encountered,  in  particular  for  molybdenum.  Specifically,  in  some  parts  the  calculated  phonon 
spectra  deviate  significantly  from  the  experimental  observations;  the  acoustic  phonons  near  the  N 
point  are  too  soft.  Furthermore,  the  vacancy  formation  energy  was  generally  found  to  be  too 
low.  We  will  demonstrate  in  this  paper  that  the  new  scheme  is  able  to  remedy  these  problems 
and  thus  provide  even  more  reliable  predictions  for  complex  configurations  of  atoms. 

In  the  following  section  we  briefly  summarize  the  introduction  of  the  screening  function, 
S,  into  the  BOP  scheme.  We  than  demonstrate  improvements  of  predicted  properties  of 
molybdenum  within  the  screened  model  (SBOP).  Finally,  we  present  calculations  of  y-surfaces 
and  atomic  structures  of  the  1/2<111>  screw  dislocation,  which  we  compare  with  previous 
studies  employing  central-force  potentials  as  well  as  with  recent  ab-initio  calculations. 


THEORY 

The  derivation  of  the  SBOP  formalism  starts  from  the  non-orthogonal  two-center  TB 
representation,  whose  secular  equation  is  given  as 

[H-£„(I  +  0)]=0  (1) 

where  H  and  O  are  the  Hamiltonian  and  overlap  matrices,  respectively;  I  is  the  unit  matrix.  The 
intersite  elements  of  the  Hamiltonian  matrix  are  given  as  usually  in  terms  of  the  radial  bond 
integrals  and  Slater-Koster  angular  functions.  The  elements  of  the  screening  function 
S  =  (I-fO)"'  can  be  obtained  analytically  using  the  same  formalism  as  that  employed  in  the 
original  BOP  theory  [3].  Analytical  expression  for  the  elements  of  the  screening  function 
for  an  orbital  U't  (i,  i'  =  s,  p,  d;  t=  g,  n,  8)  between  atoms  /  and./,  can  be  obtained  by 
inverting  (I  +  O)  using  Green’s  function  method  and  Lanezos  recursion  [101  up  to  the  third  level 
[6].  This  function  reflects  the  fact  that  the  two-center  bond  integral  between  atoms  i  and  j  is 
altered  due  to  the  environment  of  the  i-j  bond,  so  that  its  screened  value  is  given  as 

(2) 

where  is  the  corresponding  unscreened  bond  integral.  The  screening  function  can  be 
expressed  in  terms  of  second  and  third  moments,  //j  and  //j,  of  the  overlap  matrix  O,  interference 
contribution  cj,  defined  in  [6],  and  elements  of  the  overlap  matrix,  ,  namely 

gij  _  "  (ft2)frT  +  (ft.On'T 

This  formula  has  been  derived  in  [6]  assuming  that  the  screening  is  due  to  the  s  valence  electrons 
only,  and  is  exact  up  to  three-member  rings  of  s  valent  atoms;  the  screening  by  more  localized  p 
and  d  valence  electrons  is  much  weaker. 
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In  order  to  increase  computational  efficacy,  we  have  employed  a  simplified  version  of  the 
formula  (3)  in  our  calculations.  Since  the  third  moment  and  are  both  very  small  they  can  be 
neglected  in  the  denominator.  The  simplified  formula  for  the  screening  function  is  then 

s;{-,  =  -(iI,)„.,y[l-2(IE.),r.]  (4) 

Both  cj  and  ji2  are  functions  of  overlap  and  bond  integrals  between  atoms  i,  j  and  their  neighbors 
as  well  as  of  angular  functions  of  Slater-Koster  type  which  depend  on  mutual  positions  of  atoms 
and  orbital  types.  Hence,  this  concept  of  screening  function  introduces  into  the  BOP  scheme 
only  a  small  number  of  additional  parameters.  Specifically,  these  are  dsa  interactions  and  the 
overlap  integrals;  the  latter  have  the  same  scaling  dependence  as  the  corresponding  bond 
integrals  albeit  a  different  magnitude.  All  these  parameters  can  be  extracted  by  analyzing  ab- 
initio  calculations  and  are  not  fitted  to  any  particular  physical  property. 

Figure  1  shows  a  comparison  of  ddo  and  ddrt  bond  integrals  in  bcc  molybdenum 
calculated  by  three  methods:  The  BOP  with  unscreened  bond  integrals,  new  SBOP  and  ab-initio 
screened  LMTO  method.  We  do  not  present  dd8  bond  integrals  since  their  behavior  is  analogous 
to  that  of  ddjt  bond  integrals.  The  important  feature  of  SBOP  is  its  ability  to  reproduce  the 
values  of  ddtt  for  the  second  nearest  neighbors  that,  unlike  dda,  are  environment  dependent.  As 
shown  in  the  following  section,  this  is  crucial  for  certain  phonon  modes. 


Figure  1.  dda  and  ddnbond  integrals  for  molybdenum:  Full  curves:  analytical  unscreened  BOP;  Dashed  curves: 
SBOP;  Symbols:  Ab-initio  screened  LMTO.  (1)  and  (2)  label  first  and  second  nearest  neighbors  of  the  bcc 
structure,  respectively. 


The  SBOP  differs  from  the  original  BOP  only  by  addition  of  the  screening  function  and, 
therefore,  fitting  of  other  parts  of  the  potential  is  done  in  the  same  way  as  in  the  unscreened  case 
[7].  The  remaining  repulsive  contributions,  which  represent  electrostatic  and  orbital-orbital 
interactions,  are  fitted  to  reproduce  the  basic  properties  of  the  ground  state  structure  (lattice 
parameter,  cohesive  energy,  elastic  constants).  Forces  due  to  the  bond  part  can  be  calculated 
using  Hellmann-Feynman  theorem  provided  the  bond  order  is  computed  sufficiently  accurately. 
The  repulsive  parts  are  given  as  analytical  functions  of  distance  between  atoms  and  their 
differentiation  is,  therefore,  straightforward. 
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RESULTS 


We  have  constructed  the  SHOP  for  molybdenum  and  here  we  present  a  brief  compilation 
of  results  documenting  the  validity  and  importance  of  the  implemented  screening  concept.  After 
constructing  the  potentials  we  have  performed  several  tests  contrasting  SBOP  calculations  with 
ab-initio  LDF  based  calculations.  Specifically,  comparison  of  energies  of  competing  structures 
and  calculations  of  deformation  paths  [7,  8].  In  all  cases  the  introduction  of  screening  led  to  the 
improvement  of  the  agreement  between  the  two  types  of  calculations.  An  exception  is  the  A15 
structure  the  energy  of  which  calculated  using  SBOP  deviates  from  that  calculated  ab-initio  more 
than  in  the  unscreened  case.  We  believe  that  this  is  caused  by  dependence  of  unscreened  two- 
center  bond  integral,  in  (2),  on  the  local  atomic  density  or  effective  coordination  about  the 
bond.  Details  of  these  tests  and  values  of  the  potential  parameters  will  be  published  elsewhere. 

The  vacancy  fonnation  energy  was  calculated  using  both  the  unscreened  BOP  and  SBOP. 
The  results  are  2.3eV  and  2.6eV,  respectively.  The  experimental  and  ab-initio  calculated  values 
range  from  2.9  to  3.leV.  It  is  apparent  that  SBOP  leads  to  a  more  accurate  value  than  the 
unscreened  BOP. 

However,  a  major  problem  encountered  in  previous  studies  was  a  too  soft  T2  phonon 
mode  close  to  the  zone  boundary  in  the  [110]  direction,  the  N-point  phonon  [8].  This  problem  is 
common  to  all  TB  methods  and  can  be  traced  to  the  behavior  of  the  second  nearest  neighbor 
force  constants.  When  screening  is  included,  the  energy  associated  with  the  ddn  bond  integral  at 
second  nearest  neighbors  is  decreased,  in  accordance  with  results  of  ab-initio  calculations,  and 
the  frequency  of  the  T2  mode  of  the  N-point  phonon  increases.  This  is  seen  in  Fig.  2,  which 
demonstrates  that  this  increase  is  more  than  three-fold.  It  is  further  seen  from  Fig.  2  that  changes 
of  the  remaining  two  modes,  while  not  so  dramatic,  are  in  the  correct  directions,  towards 
experimental  values. 


r  N 


Figure  2.  Improvements  in  the  phonon  spectra  of  molybdenum  for  [1 10]  direction.  Full  lines  with  symbols  show'  the 
new  SBOP  results,  dashed  lines  correspond  to  unscreened  BOP  and  filled  symbols  are  experimental  date.  The 
arrow  shows  the  major  improvement  in  the  T2  mode. 

It  has  been  generally  accepted  that  the  plastic  behavior  of  bcc  metals  is  governed  by  the 
special  properties  of  1/2<1 1 1>  screw  dislocations,  in  particular  by  their  non-planar  core  structure 
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[11,  12].  A  number  of  atomistic  studies  employing  central-force  potentials  have,  indeed, 
revealed  structures,  spread  into  three  {1 10}  planes  of  the  <1 1 1>  zone  [1 1,  13];  similar  results 
were  obtained  in  calculations  that  included  the  directional  covalent  character  of  bonding  in  bcc 
transition  elements  [14]. 

As  a  prelude  to  dislocation  simulations,  we  have  investigated  the  y-surface  for  the  { 1 10} 
slip  plane  which  provides  some  insight  into  the  shape  and  extension  of  the  dislocation  cores  [12]. 
Tlie  contour  plot  of  the  {110}  y-surface  for  molybdenum  calculated  by  SBOP  is  shown  in  Fig. 
3a.  Qualitatively,  its  shape  is  similar  to  that  obtained  for  the  unscreened  BOP  [8]  but  the 
maximum  energy  is  about  40%  higher  and  thus  the  surface  is  generally  steeper.  This  suggests  a 
narrower  core  since  spreading  of  the  dislocation  into  {110}  plane  becomes  energetically  less 
favorable. 

As  shown  in  previous  studies  [13],  cores  of  screw  dislocations  in  bcc  transition  metals 
always  spread  into  three  {110}  planes  but  may  possess  either  a  three-fold  or  a  six-fold 
symmetry.  In  the  case  of  molybdenum  studies  employing  central  force  potentials  [13]  as  well  as 
MGPT  potentials  including  directional  bonding  [14]  suggest  the  core  with  the  three-fold 
symmetry.  However,  recent  calculations  employing  ab-initio  LDF  based  methods  suggest  cores 
with  six-fold  [15]  or  almost  six-fold  symmetry  [16].  The  differential  displacement  map  [12]  of 
the  core  structure  calculated  the  present  SBOP  is  shown  in  Fig  3b.  This  core  displays  three-fold 
symmetry  but  is  much  narrower  and  closer  to  the  six-fold  symmetry  than  the  cores  found  in 
studies  employing  central  force  and  MGPT  potentials  [14,  13].  This  reflects,  of  course,  the 
steepness  of  the  y-surface  mentioned  above.  However,  more  importantly,  this  structure  is  close 
to  that  found  in  ab-initio  calculations  of  Rao  and  Woodward  [  1 6]  indicating  again  that  the  SBOP 
represents  very  correctly  the  bonding  in  molybdenum  even  in  the  highly  distorted  structures. 
Notwithstanding,  the  present  calculations  are  only  preliminary.  They  have  been  made  using  a 
relatively  small  block  containing  only  200  relaxed  atoms  and  500  atoms  in  the  border  region 
which  interact  with  the  relaxed  atoms.  Furthermore,  investigation  of  the  consequences  of  the 
core  structure  for  plastic  deformation  requires  detailed  study  of  the  effect  of  applied  stresses  on 
the  core  and  eventual  dislocation  motion,  similarly  as  it  was  done  using  central-force  potentials 
[17,  1 8].  These  studies  are  presently  in  progress. 


{1 10}  7-surface 


•  •  • 


(a)  (b) 

Figure  3.  (a)  Contour  plot  of  {110}  y-surface  for  molybdenum;  the  diagonal  arrow  is  pointing  in  the  [111] 
direction,  (b)  Core  structure  of  the  }/2<l  1  l>screw  dislocation  in  Mo;  arrows  show  mutual  displacement  of  atoms 
parallel  to  the  dislocation  line. 
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CONCLUSIONS 


We  have  demonstrated  that  the  recently  developed  concept  of  screening  of  bond  integrals 
which  results  in  their  environmental  dependence  [6]  substantially  improves  their  transferability. 
Constructed  SBOP  for  molybdenum  then  predict  much  less  soft  T2  phonon  in  the  [110]  direction 
than  the  unscreened  model  and  give  vacancy  formation  energies  closer  to  the  experimental 
values.  Results  of  screw  dislocation  core  calculations  are  close  to  those  found  in  recent  ab-initio 
studies  and  while  they  arc  not  principally  different  than  those  obtained  using  simpler  sehemes, 
they  suggest  appreciably  narrower  and  less  asymmetric  cores.  However,  the  implication  for  the 
glide  of  screw  dislocations  requires  study  of  the  effect  of  applied  loads  that  are  presently  in 
progress. 
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ABSTRACT 

A  recent  approach  which  combines  first-principles  and  experimental  data  to  produce 
highly  accurate  and  reliable  interatomic  potentials  is  tested  for  the  case  of  bcc  and  fee  Fe. 
The  Embedded-Atom-like  potential  accurately  reproduces  the  basic  equilibrium  properties 
of  bcc  Fe,  including  elastic  constants,  phonon  properties,  and  vacancy  formation  energies, 
as  well  as  the  correct  relative  stability  of  structures  with  coordination  numbers  ranging 
from  12  to  4.  This  potential  was  used  in  a  simulation  study  of  lattice  trapping  effects 
during  the  cleavage  fracture  of  bcc  Fe.  A  strong  directional  anisotropy  for  crack 
propagation  was  observed  due  to  lattice  trapping  effects.  The  strongest  trapping  effects 
were  observed  for  cleavage  along  the  {110}  planes  and  it  was  found  that  lattice  trapping 
strongly  favors  cleavage  along  the  {100}  planes. 

INTRODUCTION 

Body-centered  cubic  metals  are  difficult  to  describe  using  the  Embedded  Atom  Method 
(EAk/I)!!].  A  possible  work-around  to  this  problem  is  the  addition  of  angular-dependent 
terms[2].  However,  a  recent  paper[3]  describes  a  new  approach  to  the  development  of  EAM 
potentials,  which  includes  fitting  to  a  large  database  of  experimental  and  first-principles 
data,  including  both  the  fee  and  bcc  phases.  This  was  highly  successful  in  describing  defect 
structures  in  the  FCC  metals  A1  and  Ni.  In  the  present  work  we  attempt  to  apply  this 
technique  to  the  case  of  a  bcc  metal,  iron,  that  is  knovrn  to  be  very  difficult  to  describe 
within  the  EAM  framework.  It  is  our  intention  to  treat  the  EAM  as  an  entirely  empirical 
formalism  and  explore  the  possible  accuracy  that  can  be  obtained,  even  if  the  good  fit  is 
not  a  result  of  an  accurate  theoretical  description  of  the  bonding.  We  fit  the  potentials  to 
experimental  data  and  first-principles  calculations,  including  the  magnetic  contribution, 
even  though  such  a  contribution  is  not  included  in  the  EAM  formalism. 

AB  INITIO  CALCULATIONS 

Ab  initio  structural  energies  were  computed  using  the  first-principles,  all-electron, 
general-potential  Linearized  Augmented  Plane  Wave  (LAPW)  method[4,  5] ,  using 
spin-polarization[6,  7],  the  Perde'w-Wang[8]  Generalized  Gradient  Approximation  (GGA), 
and  the  ‘Special”  k-point  set  of  Monkhorst  and  Pack [9].  In  order  to  understand  the 
importance  of  the  magnetic  contribution  in  the  various  phases,  calculations  were  performed 
with  and  without  the  magnetic  contributions  (spin-polarization)  to  the  energy.  The  ab 
initio  lattice  parameters  and  cohesive  energies  were  rescaled[3]  so  that  the  calculated 
equilibrium  bcc  phase  coincides  with  the  experimental  values. 
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Figure  1:  Results  of  ab  initio  calculations  for  the  energies  of  bcc  (left)  and  fee  (right)  Fe. 
The  results  have  been  scaled  to  the  experimental  cohesive  energ\^  as  explained  in  the  text. 

Figure  1  shows  the  results  obtained  for  the  bcc  and  fee  phases,  including  the  energies 
obtained  for  both  the  non-magnetic  and  magnetic  calculations.  Wo  see  that  the  bcc  phase 
is  stabilized  by  the  magnetic  interactions.  Magnetism  is  even  more  significant  in  the  lower 
coordination  diamond  and  simple  cubic  structures.  We  therefore  used  the  spin-polarized 
GGA  energies  in  the  database  for  EAM  potential  development,  effectively  including 
magnetic  effects  in  the  EAM.  Two  interesting  features  need  to  be  pointed  out  in  the  ah 
initio  results.  One  is  the  double  minimum  obtained  for  the  fee  phase.  This  cannot  bo 
reproduced  in  the  EAM  formalism  and  we  have  used  a  best  fit  of  the  data  to  a  parabolic 
curve.  The  other  intincsting  point  is  tliat  the  hep  phase  in  our  calculations  is  predicted  to 
have  a  lower  energy  than  the  fee  phase.  We  did  require  the  potential  to  reproduce  this 
feature  of  the  ab  initio  results. 


PARAMETERIZATION  AND  FITTING  PROCEDURE  FOR  THE 
INTERATOMIC  POTENTIAL 

In  the  present  work  we  apply  a  similar  strategy  to  that  used  in  previous  work  by  Mishin 
et  a/.  [3]  for  the  development  of  the  potential.  The  experimental  part  of  the  database  used 
includes  the  following  physical  properties  of  bcc  Fe:  the  equilibrium  lattice  parameter,  the 
cohesive  energy,  the  elastic  constants,  and  the  vacancy  formation  energy.  These 
experimental  values  coincide  with  those  employed  by  Harrison.  Voter  and  Chen  [10]  and 
Simonelli  et  a/.[ll]  in  the  development  of  their  EAM  potentials  for  Fe. 

Additionally,  our  database  includes  the  experimental  values  of  the  vacancy  migration 
energy  [12],  wdiich  is  underestimated  by  most  EAM  potentials[13].  and  the 
experimentally  measured  phonon  dispersion  relations  [14].  Another  experimental  property 
included  in  the  database  was  the  bcc  surface  energy  As  reliable  estimates  of  the  specific 
energies  of  low-index  surfaces  are  not  available,  wo  only  required  that 
7s(lll)  >  7s(100)  >  7s(110),  with  all  being  slightly  lower  than  the  average  measured  value 
[15].  This  is  very  important  in  the  case  of  Fe,  since  its  cleavage  plane  is  experimentally 
{100}  and  in  the  present  work  we  wanted  to  explore  the  role  of  lattice  trapping  in  this 
choice  of  cleavage  plane.  The  equation  of  state,  i.e.,  the  crystal  energy  as  a  function  of  the 
lattice  parameter,  was  taken  into  account  in  the  form  of  the  universal  empirical  EOS  of 
Rose  et  a^.[16]. 
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Table  I:  Properties  of  Fe  predicted  by  EAM  potentials.  Items  marked  are  fitted  with 
high  weight  and  those  marked  “f”  are  fitted  with  low  weight. _ _ 


Experiment  or  ab  initio 

Present  work 

bcc  uq  (A.)* 

2.87 

2.87 

bcc  Eq  (eV/atom)* 

-4.28 

-4.28 

bcc  B  (10^1  Pa)* 

1.73 

1.73 

bcc  Cii  (10“  Pa)* 

2.52 

2.56 

bcc  ci2  (10“  Pa)* 

1.38 

1.36 

bcc  C44  (10^^  Pa)* 

1.22 

1.13 

bcc  Phonon  frequency  I'hiH)  (THz)^ 

8.50 

8.53 

E(hcp)  (eV/atom)* 

-4.16 

-4.15 

E{sc)  (eV/atom)* 

-3.45 

-3.33 

E'(diamoiid)  (eV/atom)^ 

-2.84 

-2.99 

bcc  vacancy  formation  El  (eV)* 

2.00 

1.95 

bcc  vacancy  migration  E^  (eV)* 

0.90 

0.89 

bcc  El  ([lll]-dumbbell)  (eV) 

7.29 

bcc  El  ([lioj-dumbbcll)  (cV) 

6.29 

bcc  El  ([100]-dumbbell)  (eV) 

6.18 

bcc  (111)  {110}  7us  (mJ/m^): 

1100 

bcc  7s(110)  (mJ/m‘^)l 

2452 

1530 

bcc  7s  (100)  (mJ/m^)‘t' 

2452 

1890 

bcc7s(lll)  (mJ/m^)'^ 

2452 

2027 

Since  we  are  interested  in  studying  structures  far  from  equilibrium,  the  database  also 
includes  first-principles  equations  of  state  for  the  fee  phase  of  iron,  as  w^ell  as  the 
hypothetical  simple  cubic  and  diamond  structures,  all  using  the  spin-polarized  GGA 
functional.  Thus  our  database  contains  information  about  iron  in  environments  with 
coordination  numbers  betw'een  4  and  12. 

The  parameterization  procedure  used  produces  an  exact  fit  for  the  lattice  parameter, 
bulk  modulus  and  cohesive  energy.  For  all  other  properties  we  minimized  the  sum  ot 
relative  squared  deviations  from  the  desired  values  assigning  a  chosen  weight  to  each 
property,  fitting  according  to  the  simplex  algorithm  of  Nelder  and  Mead  [17].  Larger 
weights  were  used  for  the  elastic  constants,  vacancy  formation  energy  and  the  energies  of 
the  hep  and  fee  structures.  The  phonon  frequency,  the  surface  energies,  and  the  energies  of 
the  lower  coordinated  structures  were  included  with  lower  weights.  The  empirical  EOS  of 
Rose  and  co-workers  [16]  was  also  included,  with  a  lower  weight. 

In  Table  I  we  compare  the  data  included  in  the  fitting  database  to  the  values  predicted 
by  the  potentials.  We  see  a  generally  good  fit  of  the  properties  with  the  experimental  and 
ab  initio  data. 

Another  important  quantity  listed  in  Table  I  is  the  unstable  stacking  fault  energy  7us, 
which  was  determined  by  rigidly  shifting  half  of  the  bcc  crystal  above  a  {110}  plane  in  a 
(111)  direction  of  a  typical  Burgers  vector,  and  then  relaxing  the  atomic  displacements 
normal  to  this  plane.  The  unstable  stacking  fault  energy,  7us,  determines  the  activation 
barrier  for  dislocation  nucleation  and  is  a  critical  quantity  influencing  the  ductile/brittle 
behavior  in  the  fracture  of  many  kinds  of  materials  [18].  The  values  of  7us  predicted  by  our 
potentials  are  notably  higher  than  those  predicted  by  other  potentials  [19],  and  are 
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Figure  2:  heft.:  Configuration  of  the  crack  tip  region  for  a  {110} (111)  crack,  showing  an 
atomically  sharp  crack  tip  and  no  dislocation  emission.  Right  Excess  block  energy  versus 
crack  tip  position  for  the  {100} (Oil)  configuration,  showing  negligible  lattice  trapping. 

expected  to  be  more  realistic.  Previous  w'ork[19]  underestimated  7us.  Our  value  of 
1.1  Jjm^  is  more  reliable  because  of  the  ah  initio  data  included  in  the  fit. 

MOLECULAR  STATICS  SIMULATIONS  OF  FRACTURE  BEHAVIOR 

The  crack  is  embedded  in  a  simulation  cell  with  rigid  boundary  conditions  imposed 
along  the  directions  perpendicular  to  the  crack  front  and  periodic  boundary  conditions 
parallel  to  the  crack  front.  In  the  simulation,  the  crack  may:  emit  a  dislocation  on  an 
inclined  slip  plane,  if  one  is  available;  cleave  directly  ahead;  deflect  and  propagate  on  an 
inclined  plane;  or  close. 

The  displacement  fiedd  predictc'd  by  elasticity  theory  [20]  is  used  to  prescribe 
displacements  for  atoms  located  in  the  two  different  areas  in  the  simulation  cell  (free  and 
fixed).  When  applied  to  atoms  located  in  the  free  region  near  the  crack  tip,  the 
displacement  field  serves  to  generate  an  initial  configuration,  which  is  then  relaxed  using  a 
conjugate  gradient  technique.  Atoms  located  far  away  from  the  tip  are  kept  fixed  at 
positions  obtained  by  displacing  atoms  according  to  the  elastic  displacement  field.  Fixing 
atoms  at  the  boundary  of  the  simulation  cell  imposes  a  stress  intensity  on  the  crack. 

A  finite  crack  growing  under  constant  load  would  be  subject  to  an  increasingly  higher 
stress  intensity  factoi’  as  it  grows.  In  our  simulations  this  is  im])osed  through  the  boundary 
conditions,  and  wc  study  the  response  of  the  crack  tip  to  this  increasing  load.  For  the 
simulations  at  the  atomistic  scale,  the  displacements  due  to  a  stress  intensity  field  can  be 
approximated  by  that  of  an  infinite  crack,  representing  crack  lengths  of  macroscopic  sizes. 
Our  simulations  can  be  considered  as  snapshots  of  the  quasi-ecpiilibrium  crack  tip  region  as 
the  macroscopic  crack  grows.  The  simulations  we  report  at  relatively  low  stress  intensities 
correspond  to  the  initial  stages  of  crack  propagation  and  the  ones  at  higher  stress  intensities 
to  later  stages.  The  semi-infinite  crack  is  incrementally  loaded  to  higher  stress  intensities 
and  the  system  is  subsequently  relaxed  for  each  value  of  applied  loading.  The  technique 
cannot  address  high  temperature  or  dynamic  effects  or  propagation  at  high  values  of 
applied  strain  rate  ivhere  the  crack  tip  is  not  permitted  to  attain  a  stable  configuration. 

Wc  observed  no  dislocation  emission  from  the  crack  tip  at  any  of  the  tested  orientations. 
This  is  in  contrast  to  the  results  obtained  with  other  EAM  potentials[21],  such  as  the  one 
developed  by  Simonelli  et  a/.  [11]  According  to  Rice[18],  this  can  be  related  our  predicted 
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unstable  stacking  fault  energj^,  which  is  significantly  higher  than  the  one  predicted  by  the 
Simonelli  potential.  Experimentally,  Fe  fails  in  a  brittle  fashion  at  low  temperatures,  with 
cleavage  fracture  typically  occurring  in  the  {100}planes.  The  {100}  plane  is  not  the  most 
compact  plane  in  the  bcc  structure  and  we  used  the  present  potential  to  study  cleavage  in 
the  {100}  and  {110}  planes. 

To  illustrate  the 

brittle  behavior,  the  left  side  of  Figure  2  shows 
the  crack  tip  configuration  for  a  {110} (111) 
crack  with  no  evidence  of  dislocation 
emission.  This  orientation  is  the  one  that 
is  most  likely  to  present  slip  planes  available 
for  emission  as  it  does  for  the  empirical 
EAM  Simonelli  potential  [11].  We  also  studied 
the  {110}(001),  {110}(110),  {110}(111), 

{100}(011),  and  {100}(001)  configurations 
and  found  no  dislocation  emission. 

We  studied  the  energy  necessary  for  crack 
advance  in  each  of  these  cases  and  obtained  a 
detailed  picture  of  the  lattice  trapping  effects 
in  each  case.  We  found  that  there  is  a  marked 
anisotropy  in  the  lattice  trapping  effects, 
ranging  from  negligible  to  very  significant. 

The  right  side  of  Figm-e  2  shows 
the  energy  related  to  crack  advance  for  the 
{100} (Oil)  case.  This  case  presents  negligible 
lattice  trapping  and  the  slope  of  the  plot  can 
be  related  simply  to  the  surface  energy.  This 
slope  is  3.95  J/m^,  while  twice  the  value  of 
the  {100}  surface  energy  is  3.78  J/m^.  In  this 
simple  case  the  crack  starts  propagating  at  the  Grifffith  stress  intensity.  In  contrast,  the 
{100}(001)  case  presents  significant  lattice  trapping.  Lattice  trapping  in  this  orientation  is 
very  significant,  with  Kj^/Kq  =  2,  We  studied  three  different  orientations  of  the  {110} 
plane  crack  front,  all  of  which  presented  lattice  trapping.  Ranging  from  K  +  /Kq-  1.1  for 
the  {110}(111)  orientation,  to  K^JKg  =  1-8  for  the  {110}(110)  orientation,  to 
K^jKo  =  2.4,  for  the  {110}(001)  case.  The  later  is  shown  in  Figure  3. 

DISCUSSION  AND  SUMMARY 

In  developing  potentials  for  A1  and  Ni[3]  it  was  shown  that  many  EAM  potentials  are 
less  accurate  than  they  could  be  within  the  intrinsic  limitations  of  the  EAM  model.  These 
limits  are  more  serious  for  the  bcc  metals,  but  we  have  used  the  improved  procedure  to 
developed  a  potential  that  is  a  significantly  better  description  of  Fe  than  previous  EAM 
potential  for  this  important  bcc  metal.  The  intrinsic  limitations  of  the  EAM  still  require 
caution  in  the  use  of  this  potential.  The  potential  reproduces  the  basic  features  of  the  first 
principle  calculations.  Nevertheless,  there  are  still  weaknesses,  in  particular  the  areas  of 
describing  the  configuration  of  self  interstitials  and  details  of  crystallographic  dependence 
of  the  surface  properties. 


Figure  3:  Excess  block  energy  versus  crack 
tip  position  for  the  {110}  (001)  configura¬ 
tion,  showing  lattice  trapping. 
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The  potential  predicts  brittle  fracture  of  Fe  in  both  the  {110}  and  {100}  type  planes, 
and  was  used  to  study  the  effects  of  lattice  trapping.  Significant  lattice  trapping  effects 
were  found  for  some  orientations,  particularly  for  the  crack  front  orientation,  whereas  other 
orientations  showed  negligible  effects  of  lattice  trapping.  This  creates  a  marked  anisotropy 
in  the  fracture  behavior  for  cracks  in  the  same  plane  but  with  different  crack  fronts.  The 
results  show  that  the  large  lattice  trapping  effects  favor  cleavage  in  the  {100}  plane  over 
the  {110}  plane.  These  effects  could  result  in  the  observed  cleavage  plane  being  of  the 
{100}  type,  even  if  the  independently  of  which  plane  presents  the  lowest  surface  energy. 
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ABSTRACT 

A  hybrid  quantum  mechanical/molecular  dynamics  simulation  scheme  is  developed  by 
embedding  a  quantum  mechanical  system  described  by  the  real-space  density-functional  theory 
in  a  classical  system  of  atoms  interacting  via  an  empirical  interatomic  potential.  A  novel  scaled 
position  method  for  handshake  atoms  coupling  the  quantum  and  the  classical  systems  is 
introduced.  Hybrid  simulation  run  for  oxidation  of  Si  (100)  surface  is  performed  to  demonstrate 
seamless  coupling  of  the  quantum  and  the  classical  systems. 


INTRODUCTION 

Simulation  of  chemical  reactions  in  materials  such  as  oxidation  and  fracture  requires  that 
inter-atomic  interaction  in  the  reactive  region  needs  to  be  ealculated  by  a  quantum  mechanical 
(QM)  method  that  can  describe  breaking  and  formation  of  bonds.  Heat  produced  by  the  reaction 
should  be  correctly  transferred  to  surrounding  regions.  Large-scale  atomistic  simulations 
described  with  a  reliable  QM  method  are  therefore  required.  There  have  been  growing  interests 
in  developing  hybrid  QM/MD  simulation  schemes,  in  which  a  reactive  region  treated  by  a  QM 
method  is  embedded  in  a  classical  system  of  atoms  interacting  via  an  empirical  interatomic 
potential. 

Various  hybrid  schemes  combining  a  quantum-mechanical  molecular  orbital  method  and  a 
classical  molecular  mechanics  method  have  been  proposed  to  simulate  chemical  processes  in 
solution  [1-4].  Recently  Broughton  et  at.  [5]  developed  a  hybrid  simulation  scheme  for 
materials  simulations.  In  Ref  [5],  a  cracked  silicon  system  is  partitioned  into  three  regions 
corresponding  to  the  semiempirical  tight-binding  (TB)  method,  the  MD  method,  and  the  finite 
element  (FE)  method.  Handshake  Hamiltonians  are  introduced  to  link  the  TB/MD  and  the 
MD/FE  boundaries  [5],  Hybrid  TB/MD/FE  simulation  of  the  system  demonstrated  seamless 
couplings  of  the  methods. 

Accurate  QM  calculations  are  possible  based  on  the  density-functional  theory  (DFT)  [6,7]. 
An  efficient  parallel  implementation  of  the  DFT  calculations  has  been  proposed,  in  which  wave 
functions  and  pseudopotentials  [8]  are  represented  on  uniform  real-space  mesh  points  in 
Cartesian  coordinates  [9].  The  real-space  DFT  calculations  can  be  accelerated  further  [10]  by 
the  multigrid  method  [11].  The  real-space  multigrid-based  DFT  is  effective  for  QM 
atomic-clusters  in  QM/MD  schemes,  since  it  is  free  from  the  periodic  boundary  conditions. 

In  this  paper  we  describe  a  novel  hybrid  QM/MD  scheme  [12]  for  dynamic  simulations  of 
materials  on  parallel  computers  using  a  real-space  multigrid-based  DFT  for  QM  calculations  of 
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atomic  clusters.  The  hybrid  simulation  scheme  is  implemented  on  massively  parallel  computers 
by  first  dividing  compute  nodes  into  the  QM  and  the  MD  calculations,  and  then  using  spatial 
decomposition  in  each  task.  To  partition  the  total  system  into  the  cluster  and  its  environmental 
regions,  we  use  the  modular  approach  by  Svensson  et  al  [2]  and  Eichler  et  al  [3]  that  is  based 
on  a  linear  combination  of  QM  and  MD  potential  energies  and  consequently  requires  minimal 
modification  of  existing  QM  and  MD  codes.  Termination  atoms  are  introduced  in  both 
calculations  for  the  cluster.  Handshake  atoms  linking  the  cluster  and  the  environment  regions 
are  treated  by  a  novel  scaled-position  method,  in  which  different  scaling  parameters  arc  used  in 
those  calculations  to  relate  the  handshake  atoms  to  the  termination  atoms. 


HYBRID  QM/MD  SIMULATION  SCHEME 

Present  hybrid  scheme  allows  us  to  simulate  chemical  reactions  of  the  material  with  external 
atoms  or  molecules  or  in  itself.  An  insulator  material  such  as  ceramics  or  semiconductors 
whose  microscopic  structures  at  equilibrium  arc  known  is  assumed.  Atoms  in  the  total  system 
are  classified  into  three  types:  (i)  cluster  atoms  forming  an  atomic  cluster  to  which  QM 
calculations  apply;  (ii)  environment  atoms  described  by  an  empirical  interatomic  potential;  and 
(iii)  handshake  atoms  at  the  cluster/environment  boundary.  Chemical  reactions  are  assumed  to 
occur  only  within  the  cluster.  Figure  1  show's  an  example  of  the  atomic  classification  in  the 
oxidation  simulation  of  Si  ( 1 00)  surface  (see  below).  In  Fig.  1 ,  the  cluster  atoms  (Si  or  O)  are 
drawn  as  black  spheres,  while  the  environment  atoms  (Si)  as  white  spheres.  The  handshake 
atoms  (Si),  shown  as  gray  spheres  in  Fig.  1,  link  between  the  clu.ster  and  the  environment  atoms. 
Small  black  spheres  in  Fig.  1  represent  virtual  H  atoms  to  terminate  dangling  bonds,  which  will 
be  explained  blow. 


<ioo> 


Figure  1.  Initial  con  figuration  in  the  present  hybrid  simulation.  Black  spheres  represent  the 
clu.ster  atoms  (Si  or  O);  gray,  the  environment  Si  atoms;  small  black,  termination  H  atoms;  gray, 
hand.shake  Si  atoms. 
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Assuming  that  the  system  eomprises  N  atoms  with  masses  {mi)  at  positions  { /;  },  the 
Hamiltionian  of  the  total  system  is  written  as 

e  system)  .  (1) 

Following  the  modular  approaches  [2,3],  we  approximate  that  the  potential  energy,  ,  in  Eq. 
(1)  as  a  sum  of  a  classical  (CL)  potential-energy  of  the  total  system  and  a  difference 

between  QM  and  CL  potential-energies  for  the  QM  cluster: 

E  {r^  e  system)  =  £'cr''"(^  e  system) 

(2) 

^.£.ciuster(-  ^  cluster  +  handshakc)  -  e  cluster  +  handshake) . 

Stabilizing  atomic  configuration  of  the  cluster  cut  from  a  bulk  system  necessitates 
termination  of  its  dangling  bonds  by  H  atoms  [1-5],  We  relate  the  termination  H  atoms  to  the 
handshake  atoms  in  the  calculation  of  in  Eq.  (2)  as  follows.  Let  us  denote  g  cluster 

as  a  bonding  counterpart  of  ij  e  handshake ;  njj) ,  as  the  number  of  different  j  for  each  i.  To 
terminate  a  dangling  bond,  a  termination  H  is  placed  at  x,”  =  /F,  -l-  (1  -  for  each  {ij) 

with  a  control  parameter  ^  [4].  Total  number  of  termination  H  atoms  for  the  cluster  hence 
equals  the  number  of  dangling  bonds,  z.e,,  We  then  regard  as  the  potential 

energy  of  the  cluster  with  termination  H  atoms:  e  cluster;  . 

For  the  calculations  of  in  Eq.  (2),  we  similarly  introduce  classical  atoms  (= 

tennination  atoms)  on  the  cluster  surface  to  minimize  surface  effects  on  atomic  forces  in  the 
cluster.  In  the  present  formulation,  a  handshake  atom  in  the  original  system  corresponds  to  a 
single  tennination  atom.  Position  x,-  of  the  termination  atom  i  is  obtained  by  shifting  its 

original  position  (/[ )  slightly  with  a  parameter  a  depending  on  the  empirical  interatomic 
potential:  x^  =  af.  +  (1  -  ,  where  {•  •  )j  denotes  taking  average  over  different  j.  The 

is  obtained  as  a  classical  potential  energy  of  the  terminated  cluster: 

^duster  _  ^cUBier^-  ^  clustcr;  x,.,(^,) .  Values  of  the  parameters,  (3  and  a,  are  determined  to 

minimize  mean  square  forces  on  the  cluster  atoms  in  the  QM  and  the  CL  calculations, 
respectively. 

For  the  QM  calculations,  we  use  the  real-space  multigrid-based  DFT,  in  which  electronic 
wave-functions  are  represented  on  a  uniform  real-space  mesh  in  Cartesian  coordinates  [9,10]. 
We  use  norm-conserving  pseudopotentials  [8]  with  the  generalized  gradient  approximation  [13]. 
The  second  derivative  of  the  wave  function  in  each  direction,  which  is  related  to  the  kinetic 
energy  operator,  is  calculated  by  the  sixth-order  finite  difference  method  [9].  The  multigrid 
(MG)  method  [10,14]  is  adopted  to  calculate  the  Hartree  potential  corresponding  to  a  given 
density  of  electrons  and  to  obtain  the  Kohn-Sham  wave  functions  [6,14,15]  with  the  Hartree 
potential.  In  each  self-consistency  field  (SCF)  iteration  cycle,  electronic  eigenstates  are 
determined  band-by-band  using  the  conjugate  gradient  (CG)  method  [14,15]. 
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PARALLEL  IMPLEMENTATION 


In  the  present  parallel  implementation,  compute  nodes  arc  grouped  into  MD  and  QM 
[12,16].  Figure  2  shows  a  flowchart  of  parallel  computations.  First  spatial  decomposition  is 
used  to  decompose  the  total  system  into  subdomains,  each  of  which  is  mapped  onto  an  MD 
compute  node.  The  classical  potential  energy,  and  corresponding  atomic  forces  are 

calculated  in  the  MD  nodes  using  the  empirical  interatomic  potential.  Second,  atomic  data  for 
the  cluster  and  the  handshake  atoms  that  are  necessary  to  create  the  H-terminated  cluster  are 
transferred  to  the  QM  nodes.  Third,  the  QM  nodes  perform  DFT  calculations  to  obtain 
and  atomic  forces  for  the  H-terminated  eluster,  while  the  MD  nodes  calculate  and  atomic 

forces  for  the  classical  terminated-cluster  using  the  empirical  interatomic  potential.  The 
real-space  multigrid-based  DFT  code  is  parallelized  by  decomposing  the  mesh  points  to 
subdomains  and  then  distributing  them  into  the  QM  compute  nodes  [14],  The  energy  and  forces 
from  both  QM  and  MD  calculations  are  collected  in  the  MD  nodes.  Finally,  the  total  potential 
energy,  £’p„|  =  and  atomic  forces  are  calculated  in  the  MD  nodes,  which 

in  turn  are  used  for  time  integration  of  the  equations  of  motion  using  the  velocity-Verlet 
algorithm  [18]. 


Figure  2.  A  flowchart  of parallel  computations  in  the  present  hybrid  simulation  code. 


APPLICATION  TO  OXIDATION  OF  Si  (100)  SURFACE 

The  hybrid  QM/MD  simulation  code  is  applied  to  oxidation  of  Si  (100)  surface,  to 
demonstrate  seamless  coupling  of  the  cluster  and  the  environment  atoms.  The  reaction  energy  is 
transferred  to  surrounding  atoms,  and  affects  subsequent  dynamic  processes  significantly.  It  is 
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therefore  important  in  dynamic  simulations  of  oxidation  of  Si  surface  to  include  a  large  number 
of  environmental  Si  atoms  in  addition  to  reacting  atoms. 

We  use  the  Stillinger- Weber  (S  W)  potential  [  1 9]  for  classical  description  of  Si  atoms.  The 
SW  potential  consists  of  two-body  and  three-body  terms  between  nearest-neighbor  atoms.  The 
SW  potential  reproduces  dimer  reconstruction  observed  experimentally  on  (100)  surface  of  Si 
[20].  For  the  hybrid  simulation,  a  slab  with  dimensions  (65.2A,65.2A,34.5A)  in 
((OOl)  ,{010)  ,(l00))  directions  is  cut  from  bulk  Si.  Periodic  boundary  conditions  are  applied  in 
(OOl)  and  (OlO)  directions. 

Value  of  P  for  termination  H  is  chosen  to  0.625  through  comparison  between  Si-H  and  Si-Si 
distances  in  the  DFT  calculations.  We  set  a  =  1 .0  for  termination  Si  in  the  classical  calculations 
since  a  SW  Si  atom  interacts  only  with  its  nearest-neighbors.  We  select  20  Si  atoms  in  the  slab 
as  the  cluster  atoms  (see  Fig.  1).  No  handshake  or  classical  atoms  are  found  within  interaction 
ranges  of  O  in  the  present  settings.  The  inter-atomic  potential  formulas  for  0-0  and  Si-O  pairs 
may  be  arbitrary  in  the  classical  calculations  since  the  MD  potential  energy  terms  for  0-0  and 
Si-0  pairs  in  cancel  with  the  corresponding  terms  in  inEq.  (1). 

Initial  configuration  for  the  hybrid  simulation  of  oxidation  is  obtained  by  placing  an  O2 
molecule  above  a  well-relaxed,  reconstructed  Si  (100)  surface  of  the  slab.  An  O2  molecule 
oriented  along  (lOO)  direction  with  zero  velocity  is  placed  2.0  A  above  the  center  of  the  dimer 
(see  Fig.  1).  Total  number  of  atoms  treated  in  the  DFT  calculations  is  37  that  includes  20  Si 
atoms,  2  O  atoms,  and  15  H  atoms  for  termination. 

We  perform  a  hybrid  QM/MD  simulation  using  9  nodes  on  SGI  Origin  2000;  8  nodes  are 
assigned  to  the  QM  calculations  of  the  cluster.  The  unit  MD  time  step  is  1 .0  fs.  Figure  3 
shows  time  evolution  of  spherically-averaged  local  temperatures  at  50  fs  and  250  fs.  Here 
origin  of  the  system  {i.e.,  r  =  0)  is  set  at  the  center  of  the  dimer  at  the  initial  (z.e.,  the  position 
below  the  lower  O  by  2A).  Radial  depth  of  each  bin  is  Ar  =  3A .  Vertical  lines  in  Fig.  3 
represent  the  cluster  atoms  connecting  to  the  handshake  atoms.  No  apparent  discontinuity  is 
observed  at  the  cluster/environment  boundaries  at  all  times. 


to 

r  (A) 


Figure  3.  Spherically-averaged  temperatures  at  50  fs  and  250 fs  in  the  present  simulation.  The 
r  denotes  the  distance  from  the  center  of  the  Si-Si  dimer  at  the  initial,  which  is  the  closest  to  the 
O2.  Vertical  lines  represent  the  cluster  atoms  at  the  cluster/environment  boundary. 
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SUMMARY 


Wc  have  developed  a  hybrid  QM/MD  simulation  scheme  (Eqs.  1  and  2)  by  embedding  a 
quantum-mechanical  cluster  calculated  by  the  real-space  multigrid-based  DFT  in  a  classical 
system  of  atoms  interacting  via  an  empirical  potential.  We  have  performed  a  hybrid  QM/MD 
simulation  of  oxidation  of  Si  (100)  surface,  which  demonstrates  seamless  coupling  of  the 
quantum  and  the  classical  systems  (Fig.  3). 
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ABSTRACT 

We  report  on  tight-binding  molecular  dynamics  (TBMD)  of  neck  formation  processes 
and  atomistic  and  electronic  diffusivity  at  grain  boundaries  of  nanocrystalline  silicon  carbide. 
The  TBMD  simulations  are  based  on  an  0{N)  algorithm  (the  Fermi-operator  expansion  method) 
for  calculating  electronic  contributions  to  energy  and  forces.  The  code  has  been  fully 
parallelized  on  our  PC-based  parallel  machines.  The  TBMD  simulations  of  collision  of  SiC 
nanospheres  show  that  the  processes  of  neck  formation  depend  strongly  on  contact  angles 
between  the  two  grains.  Atomic  diffusions  are  quite  different  in  the  necks  formed  with 
different  angles.  Also,  the  electronic  transport  property  at  grain  boundary  is  investigated  via  a 
TB  representation  of  an  electronic  diffusivity.  A  preliminary  result  on  the  diffusivity  at  a  1^9 
grain  boundary  of  SiC  indicates  significant  enhancement  of  electron  mobility  along  the  grain 
boundary. 

INTRODUCTION 

Nanophase  ceramics  [1]  have  gained  rapidly  a  great  deal  of  attention  due  to  their  unique 
properties  such  as  larger  fracture  toughness  and  higher  sinterability  than  conventional  ceramics. 
Also  some  of  them  have  shown  superplastic  behavior  at  elevated  temperatures  [2].  High 
chemical  reactivity  and  enhanced  catalytic  behavior,  presumably  due  to  large  surface-to-volume 
ratio  in  the  system,  have  also  been  observed  in  some  nanophase  ceramics  such  as  n-Ti02  [1]. 
Silicon  carbide  (SiC)  is  a  well-known  high-temperature  ceramic,  and  SiC-based  nanophase 
materials  (n-SiC)  are  very  promising  for  both  structural  and  electronic  applications  under 
extreme  conditions,  including  radar/microwave  applications  and  gas/irradiation  sensors  [3]. 
Understanding  the  atomic  organizations  and  the  electronic  properties  of  grain  boundaries  in  n- 
SiC  is  very  important  for  designing  and  optimizing  material  performances  in  these  industrial 
applications.  A  theoretical  investigation  of  these  material  properties  requires  methods  for  multi¬ 
level  descriptions  of  the  physical  hierarchy  in  nanophase  systems - from  local 

electronic/atomic  structures  to  mesoscopic  grain  dynamics.  Recent  efforts  in  developing 
efficient  order-A  methods  for  semi-empirical  tight-binding  molecular  dynamics  [4]  have  made  a 
realistic  quantum/atomistic  simulation  of  nanophase  materials  possible. 

In  this  paper,  we  report  on  tight-binding  molecular-dynamics  (TBMD)  simulations  of 
neck  formation  of  SiC  nanospheres  (diameter  ~  27  A),  and  atomic  and  electronic  diffusivity  at 
grain-boundary  regions.  The  Fermi-operator  expansion  method  (FOEM)  [4,  5]  has  been 
employed  to  calculate  efficiently  the  electronic  part  of  the  energy  and  forces  in  the  TBMD 
simulations,  and  it  has  been  run  on  our  sixteen-node  parallel  PC  cluster.  Using  the  parallel 
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TBMD,  we  investigate  the  processes  of  neck  formation  (a)  between  aligned  nanospheres,  and 
(b)  between  misaligned  nanospheres,  and  atomic  diffusions  at  intergranular  necks  formed  in 
these  simulations.  Electron  mobility  at  a  coincidence  grain  boundary  has  been  evaluated  by  a 
moment-based  calculation  of  electronic  diffusivity. 

TIGHT-BINDING  MOLECULAR  DYNAMICS  FOR  SILICON  CARBIDE 

For  a  system  consisting  of  N  atoms,  the  tight-binding  total  energy  model  is  defined  as 

=  ^kin  +  £bs  + -^rep  ,  (0 

where  £'ki,i  stands  for  the  kinetic  energy  of  ions,  is  the  band-structure  energy  of  valence 
electrons,  and  ^rcp  represents  the  repulsive  term  that  takes  into  account  the  core-core 
interactions  between  ions  and  neglected  contributions  in  to  the  true  electronic  energy,  such 
as  a  correction  for  double  counting  of  electron-electron  interactions.  In  semi-empirical  TB 
methods,  the  repulsive  energy  is  modeled  by  the  sum  of  short-range  2-body  interaction.  The 
band-structure  energy  is  calculated  by  diagonalizing  the  effective  onc-clcctron  Hamiltonian 
matrix.  Each  off-diagonal  element  of  the  TB  Hamiltonian  involves  interactions  betw'een 
valence  electrons  within  the  two-center  hopping  approximation.  The  electronic  contribution  to 
interatomic  forces,  i.e.,  derivatives  of  Ehs  with  respect  to  the  atomic  coordinates,  can  be 
obtained  through  the  Hellmann-Feynman  (HF)  theorem. 

In  semi-empirical  TB  methods,  the  parameterization  of  matrix  elements  in  the  TB 
Hamiltonian  is  an  essential  ingredient  for  TBMD  simulations.  Among  a  number  of  TB  models 
for  SiC  systems  [6],  we  have  chosen  Mercer’s  parameterization  of  the  TB  Hamiltonian  [7], 
which  is  based  on  an  sp^  orthogonal  basis.  It  also  includes  environment-dependent 
contributions  to  the  onsite  energies  through  intra-atomic  terms.  These  terms  give  important 
contributions  to  variation  of  the  electron  transfer  between  Si  and  C  atoms,  especially  for 
inhomogeneous  systems,  although  it  does  not  include  explicitly  the  Coulomb  interaction 
between  ions.  The  original  parameterization  by  Mercer,  however,  involves  some  discrepancies 
with  experimental  data  such  as  the  lattice  constant  and  the  interfacial  energies.  Minor 
modifications  of  the  parameters  have  therefore  been  made  so  that  magnitudes  of  these 
discrepancies  are  reduced  [8]. 

Diagonalization  of  the  TB  Hamiltonian  matrix,  involved  in  conventional  TB  methods, 
takes  the  computational  cost  proportional  to  where  77  is  the  number  of  atoms  in  a  simulation 
cell.  This  quickly  becomes  overwhelming  when  the  system  size  of  simulation  exceeds  a  few 
hundred  atoms,  which  is  too  small  for  realistic  simulations  of  nanophase  materials.  Several 
new  methods  have  been  proposed  recently  to  resolve  this  problem  [4].  Among  them  we  have 
adopted  the  Fermi-operator  expansion  method,  proposed  originally  by  Goedecker  and  Colombo 
[5].  This  algorithm  is  based  on  a  moment  expansion  of  a  pseudo-density  matrix  (the  Fermi 
operator)  of  the  TB  Hamiltonian  by  Chebyshev  polynomials.  Combining  an  appropriate 
truneation  at  a  finite  order  of  the  expansion  and  a  truncation  in  the  multiplication  between  each 
element  of  the  matrix  at  a  physical  cut-off  distance,  the  computational  complexity  in  evaluating 
the  band-structure  energy  and  the  HF  forces  is  reduced  to  that  proportional  to  N. 
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Since  the  truncation  at  the  physical  distance  between  atomic  sites  can  make  the  data 
structures  localized,  a  scalable  parallelization  can  easily  be  achieved  in  the  present  algorithm. 
We  employed  a  spatial  domain-decomposition  technique  for  calculating  matrix-matrix 
multiplication.  In  this  algorithm,  data  transmission  between  neighboring  nodes  is  performed 
only  for  near-boundary  atoms  and  matrix  elements  because  of  the  spatially  localized  nature  of 
the  density  matrix. 

Although  it  has  been  reported  [9]  that  the  method  does  not  surpass  other  0{N)  TB 
methods  such  as  the  bond-order  potential  method  and  the  density-matrix  method  in  the 
efficiency  and  accuracy,  the  present  method  has  advantages  in  its  simplicity  of  the  algorithm 
and,  hence,  in  the  suitability  for  massive  parallelism.  Scalability  of  the  present  algorithm  has 
been  tested  on  massively  paralleled  architectures:  It  has  been  reported  [10]  that  using  thousand- 
node  Cray  T3E  machine  one  can  simulate  very  large  systems  (up  to  million  atoms)  by  the 
present  TBMD  algorithm. 

In  the  present  study,  we  have  performed  the  parallel  TBMD  simulations  on  our  sixteen- 
node  parallel  PC  cluster:  It  consists  of  Dual-Pentium  III  based  personal  computers.  Data 
transmissions  between  nodes  were  done  through  a  network  connected  by  a  gigabit-switching 
hub  (Myrinet).  The  communication  overhead  in  the  TBMD  simulations  was  approximately 
20%  of  the  total  CPU  time. 

COLLISION  BETWEEN  SILICON-CARBIDE  NANOSPHERES 

Dynamics  of  neck  formation  at  high  temperatures  is  an  important  issue  because  it  may 
determine  not  only  mechanical  stability  of  the  grain  boundaries  but  also  carrier  transport 
properties.  We  have  investigated  effects  of  grain  orientation  on  the  neck  formation  processes 
between  SiC  nanospheres  at  1 500  K  via  the  parallel  TBMD  simulations. 

We  used  a  velocity-Verlet  algorithm  [11],  with  the  time  step  of  1  femto-second,  for 
molecular  dynamics  (MD)  simulations.  In  calculations  of  the  band-structure  energy  and  the  HF 
forces  on  each  atom,  the  Chebyshev  order  in  the  moment  calculation  and  the  pseudo-electronic 
temperature  were  set  to  be  50  and  0.1  eV,  respectively.  These  values  give  a  reasonable 
accuracy  (of  the  order  of  10”^  eV/atom  for  the  energy  conservation)  and  numerical  stability  in 
the  course  of  our  simulation. 

Figure  1(a)  shows  xy  projection  of  the  initial  configuration  of  nanocrystallites  ‘aligned’ 
along  a  <100>  direction:  The  nanocrystallites  are  prepared  by  removing  a  spherical  system  with 
a  radius  13. 6 A  from  a  y3-crystalline  bulk  SiC.  The  number  of  atoms  involved  in  the  cluster  is 
1008  (504  Si  atoms  and  504  C  atoms).  Initially  the  system  was  relaxed  by  the  steepest-descent 
method.  Then  the  system  was  heated  to  1500  K  using  the  Nose-Hoover’s  thermostat  chain 
[1 1],  and  was  subsequently  thermalized  for  3000  time  steps. 

Two  configurations  of  the  cluster  at  different  time  steps  in  the  thermalization  process 
were  copied  into  an  MD  cell  with  a  separation  32  A  between  their  centers  of  mass,  and  they 
were  aligned  along  their  <100>  crystal  axis,  as  in  Fig,  1(a).  Subsequently,  thermal  velocities  of 
1500  K  were  added  to  each  cluster  with  directions  opposite  to  each  other,  so  as  to  have  the 
clusters  being  colliding.  Within  2  ps  (pico-seconds),  the  clusters  began  to  make  some  bonds 
between  Si  atoms  on  one  cluster  and  C  on  the  other.  After  collision  (at  6  ps),  as  in  Fig.  1(b),  we 
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find  that  their  orientations  were  changed  slightly  after  collision  and  the  intergranular  neck  has 
some  distorted  bonds.  There  is  however  no  unsaturated  bond  fonncd  in  the  neck  region. 

In  addition  to  the  collision  between  aligned  clusters,  we  have  performed  TBMD 
simulation  of  nanocrystallites  with  a  tilt  angle.  Figure  2(a)  shows  the  initial  configuration  of 
the  ‘misaligned’  clusters.  The  tilt  angle  corresponds  to  a  coincidence  grain  boundary 
({122)2^9)  found  typically  in  experiments  [12].  After  the  same  thermal  process  as  in  the 
previous  case,  the  clusters  were  made  to  collide  with  each  other.  Figure  2(b)  depicts  the 
configuration  after  collision.  In  contrast  with  the  previous  case,  we  find  that  they  changed 
relative  orientation  significantly  by  both  tilting  and  twisting  their  orientations.  The  stnictiire  in 
the  intergranular  neck  formed  in  this  collision  is  rather  disordered. 


(a)  (b) 


Figure  1.  Neck  formation  between  aligned  SiC  nanospheres:  (a)  initial  configuration,  (h) 
configuration  after  collision  (6  ps)  at  T  —  1500  K.  Large  and  smalt  spheres  represent  Si  atom  and  C 
atom,  respectively. 


Figure  2.  Same  as  in  Fig.  1,  but  for  neck  formation  between  misaligned  SiC  nano.ydiercs:  (a)  initial 
configuration,  (b)  confguration  after  collision  (8  ps)  at  T  -  1500  K. 


ATOMIC  DIFFUSION  AT  INTERGRANULAR  NECK 

After  the  collisions  were  completed  between  aligned  and  misaligned  nanocrystallites,  we 
estimated  atomic  self-difftision  constants  through  the  local  mean-square-displacemcnt  analysis. 
At  the  temperature  of  1500  K,  however,  no  significant  diffusion  at  intergranular  neck  regions 
were  found  in  both  cases.  We  therefore  raised  the  temperature  to  2000  K,  and  monitored  the 
atomic  diffusion.  We  then  found  a  significant  increase  of  self-diffusion  constant  (~  10'"  cmVs) 
at  the  grain  boundary  formed  between  misaligned  clusters,  whereas  no  significant  change  was 
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observed  in  the  case  of  aligned  clusters.  The  temperature  dependence  observed  in  the  present 
study  agrees  with  a  recent  work  [13],  whieh  has  found  that  the  onset  of  sintering  in  nanophase 
SiC  occurs  at  temperatures  above  1 600  K. 

ELECTRONIC  DIFFUSIVITY 

We  have  investigated  the  electronic  transport  properties  in  a  coincidence  grain  boundary 
through  an  analysis  of  an  electronic  diffusivity  defined  by 

(2) 

where  X  denotes  a  position  operator  of  an  electron,  and 

=  (3) 

is  a  time-dependent  state  vector  of  the  electron  located  initially  {t  =  0)  at  an  a  orbital  on  ith 
atom.  Evaluation  of  Eq.  (2)  was  done  by  a  method  derived  by  Roche  and  Mayou  [14], 
originally  for  an  efficient  calculation  of  dc  conductivity  in  quasiperiodic  systems.  The  method 
is  based  on  a  moment  expansion  of  the  vector  in  Eq.  (3)  with  orthogonal  polynomials  of  the  TB 
Hamiltonian,  and  it  involves  very  similar  procedure  to  the  Chebyshev  expansion  of  the  density 
matrix  in  our  TBMD  simulation. 

Figure  3  shows  a  preliminary  result  on  tlie  electronic  diffusivity  near  a  {\22}Ih9  non¬ 
polar  grain  boundary;  (a)  an  atomic  configuration  of  the  grain  boundary,  (b)  distribution  of 
relative  diffusivity  of  electrons,  calculated  by  the  formula  described  above.  We  find  a 
significant  increase  of  the  diffusivity  in  the  grain  boundary,  as  compared  with  that  in  the  bulk. 


Figure  3.  (a)  Atomic  configuration  of  a  {}22}X=9  coincidence  grain  boundary,  and  (b)  distribution 
(along  they  direction)  of  relative  electronic  diffusivity. 

CONCLUSIONS 

We  have  performed  large-scale  TBMD  simulations  for  the  neck  formations  between 
nanosphere  of  diameter  ~  2lk.  The  0{N)  algorithm  has  been  implemented  for  efficient 
computation  of  the  band-structure  energy  and  the  electronic  force.  The  code  has  been  fully 
parallelized  on  PC-based  parallel  machines.  We  have  found  that  the  neck  formation  at  1 500  K 


occurs  without  large  change  of  crystallographic  orientation  between  aligned  nanospheres, 
whereas  initially  tilted  nanospheres  form  a  disordered  structure  in  the  intergranular  neck.  The 
atomic  diffusion  at  the  disordered  grain  boundary  increases  significantly  at  2000  K.  A 
preliminary  analysis  on  an  electronic  diffusivity  shows  significant  enhancement  of  the 
diffusivity  at  a  S=9  coincidence  grain  boundary.  An  application  of  the  diffusivity  analysis  to 
the  nanophase  SiC  systems  is  in  progress. 
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ABSTRACT 

A  hybrid  molecular-dynamics/finite-element  simulation  scheme  is  applied  to  describe 
multiscale  phenomena  in  nanodevices.  The  quality  of  both  static  and  dynamic  coupling  between 
atomistic  and  continuum  regions  is  studied.  The  hybrid  scheme  is  used  for  the  Si/Si3N4  interface 
problem  (static  coupling),  and  for  the  projectile  impact  on  Si  problem  (dynamic  coupling). 
Excellent  agreement  is  found  between  hybrid  and  fiill  molecular  dynamics  simulation  results  in 
the  static  case,  and  no  wave  reflections  are  found  at  the  atomistic/continuum  hand-shake  in  the 
dynamic  case.  The  hybrid  scheme  is  thus  validated  a  powerful  and  cost  effective  method  for 
performing  multiscale  simulations  of  nanodevices. 

INTRODUCTION 

Scaling  the  size  of  mechanical  structures  and  electronic  devices  down  to  the  nanometer 
scale,  in  order  to  achieve  enhanced  mechanical  and  electro-optical  properties,  has  been  of  great 
importance  in  recent  years.  In  this  regime,  atomistically-induced  stress  and  strain 
inhomogeneities,  originating  at  surfaces  and  interfaces,  become  increasingly  important  due  to  the 
large  surface-to  volume  ratio  [1-3].  A  theoretical  description  for  rational  design  and  accurate 
lifetime  prediction  of  mechanical  structures  [4,5]  in  this  regime,  that  goes  beyond  the  traditional 
continuum  approach  [3,6,7],  is  thus  necessary  [9,10]. 

Atomistic  simulations  utilizing  the  molecular  dynamics  (MD)  method  through  use  ot 
suitable  interatomic  potentials  can  provide  the  necessary  atomic  level  information  [11],  but 
cannot  reach  the  desired  length  scales  due  to  higli  computational  cost.  A  multiscale  scheme,  that 
will  efficiently  combine  atomistic  and  continuum  simulations,  is  thus  needed.  The  serial 
multiscale  approach  is  to  use  atomistic  simulations  to  re-construct  the  constitutive  equations  for 
continuum  in  regions  where  atomic  resolution  is  required  [12-14].  The  concurrent  multiscale 
approach  is  to  spatially  decompose  the  system  into  an  atomic  and  a  continuum  region,  use 
atomistic  and  continuum  simulations  respectively  for  their  study,  and  establish  a  seamless  hand 
shaking  (HS)  between  the  two  schemes  [15-17],  In  this  work,  we  use  the  concurrent  multiscale 
approach  and  study  the  quality  of  the  hand  shaking  in  the  static  coupling  between  atomistics  and 
continuum  (atomistically-induced  stress  patterns  that  extend  into  the  continuum)  as  well  as  their 
dynamic  coupling  (stress  waves  that  propagate  from  the  atomistics  region  into  the  continuum). 

COMPUTATIONAL  PROCEDURE 

In  the  MD  method,  Newton’s  equations  of  motion  are  integrated  in  time  for  a  A-atom 
system  subjected  to  suitable  interatomic  potentials,  consisting  of  two-  and  three-body  terms: 

+  i  (» 

i  i<J  i.J<k 
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Tn  this  work,  the  materials  we  study  are  crystalline  silicon  and  a-crystallinc  silicon  nitride,  as 
well  as  their  interface.  For  silicon  we  use  the  Stillinger-Weber  (SW)  interatomic  potential  [18]. 
For  silicon  nitride,  the  two-body  terms  account  for  stcric  repulsion,  Coulomb,  and  charge-dipole 
interactions,  while  the  three-body  terms  account  for  covalent  bond  bending  and  stretching  [19]. 
For  interactions  at  the  silicon/silicon  nitride  interface  we  use  a  variation  of  the  silicon  nitride 
potential  in  order  to  account  for  the  correct  charge  transfer  across  the  interface  obtained  from 
self-consistent  LCAO  electronic  structure  calculations  [20]. 

In  the  continuum  region,  we  utilize  the  finite  element  (FE)  method  in  which  the  continuum 
linear  elasticity  equations  are  solved  on  a  computational  grid.  The  displacement  field  is 
discretized  on  the  grid  points  (nodes)  and  interpolated  within  the  grid  cells  (elements).  The 
Hamiltonian  can  then  be  pre-calculated  as  a  fiinction  of  the  nodal  displacements  u 

,  a:-  a., 

"fe=  (2) 

I  ‘J 

where  Nc,Np„  are  the  number  of  elements  and  nodes  per  element  respectively,  and  K,  M  arc  the 
elemental  stiffness  and  mass  matrices  respectively.  In  this  work,  we  use  8-node  brick  and  6-node 
prism  elements  for  the  atomic-size  FE  grid  close  to  the  HS  (see  Fig.l)  and  20-node  brick 
elements  for  larger  elements  far  from  the  HS.  8-  and  6-node  elements  use  linear  interpolation  for 
the  displacement  field,  while  20-node  elements  use  quadratic  interpolation.  We  also  use  the 
lumped  mass  approximation  where  the  mass  is  collapsed  on  the  nodes  instead  being  uniformly 
distributed  {i.e.  M  is  diagonal),  which  is  more  appropriate  for  the  small,  atomic  size  elements 
close  to  the  HS. 


MB 


HS 


Figure  1.  A  2D  schematic  of  the 
hybrid  scheme.  On  the  top  is  the 
MD  region  (spheres  represent 
atoms),  atid  on  the  bottom  is  the  FE 
region  (spheres  and  lines  represent 
nodes  and  element  boundaries).  The 
HS  region  consists  of  the  two  lattice 
planes  h  and  L2,  and  the  line 
between  them  marks  the  HS  surface. 


MD  and  FE  regions  merge  together  in  the  HS  region.  In  both  applications  we  perform  the 
HS  is  in  crystalline  silicon  parallel  to  the  (1 1 1)  plane.  The  FE  grid  is  fine-grained  to  atomic  size 
and  distorted  so  as  to  follow  the  silicon  diamond  lattice,  and  some  portion  of  it  overlaps  with  a 
portion  of  the  MD  region.  These  hybrid  atom/nodes  constitute  the  HS  region.  For  the  case  of 
silicon,  due  to  the  short  range  of  the  SW  interactions,  only  two  (1 1 1)  lattice  biplanes  (denoted  L\ 
and  L2  in  Fig.  1)  are  enough  to  make  up  the  HS.  The  total  Hamiltonian  is  now  defined  as  [17] 


i  -J  ij-  k  I  i.J 


(3) 


where  the  MD  potential  tenns  are  weighted  with  w^j  (h^O  by  1  if  i  and  j  iijk)  are  within  or  below 
Z,/,l/2  if  they  cross  the  HS  surface,  and  0  if  they  are  within  or  above  Z.>.  Similarly,  the  FE  terms 
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are  weighted  with  w/  by  1  if  element  0  is  above  the  HS  surface,  1/2  if  it  crosses  it,  and  1  if  it 
below  it.  This  averaging  scheme  of  the  two  Hamiltonians  at  the  HS  was  proposed  by  Abraham, 
Broughton,  Bernstein  and  Kaxiras  [17],  and  it  smoothly  couples  the  MD  and  FE  regions. 

The  computational  efficiency  of  this  scheme  is  very  large.  Grid  generation  for  the  FE  region 
is  done  in  a  way  so  that  only  a  small  number  (10  to  20)  of  different  elements  is  used  (see  Fig.  1), 
so  we  can  pre-calculate  and  store  their  stiffiiess  matrix  (in  linear  elasticity  the  stiffoess  matrix 
does  not  change  with  time).  The  time  then  spend  on  the  force  computation  for  one  node  is  less 
than  75%  of  that  spend  on  one  atom,  therefore  expanding  the  system  size  with  finite  elements 
comes  practically  for  free.  This  is  shown  in  Fig.  2  where  we  plot  the  computational  efficiency  of 
this  scheme  when  expanding  the  system  size  with  FE  from  Lo  to  L.  Time  stepping  is  done  with 
the  velocity- Verlet  algorithm  and  the  same  time  step  for  both  MD  and  FE  systems.  The  code  was 
parallelized  tlirough  spatial  decomposition  and  run  on  a  166-node  PC-cluster  at  the  Concurrent 
Computing  Laboratory  for  Materials  Simulations  at  LSU. 


Figure  2.  Computational  efficiency  as  a  function 
of  the  length  increase  L/Ln.  Assume  an  initial 
system  of  size  Lo.  If  ?md(L)  is  the  time  spent  on 
the  force  computation  at  each  time  step,  when 
the  enlarged  system  L  is  modeled  solely  by  MD, 
and  TFE/MD(f-)  is  the  corresponding  time  if  the 
initial  system  part  Lo  is  modeled  by  MD  and  the 
rest  L-Lo  is  modeled  by  FE,  then  the 
computational  efficiency  rj  is  defined  as  77=1- 
TFC/MofL)/  rMD(L)- 


RESULTS  AND  DISCUSSION 

The  first  simulation  we  perform  is  to  study  the  quality  of  the  static  coupling  between  MD 
and  FE.  The  system  we  chose  for  this  study  is  a  realistic  application  of  the  interface  problem 
between  dissimilar  materials:  a  25x25x1  nm  Si(lll)  mesa  covered  with  a  25x25x5  nm 
Si3N4(0001)  film,  on  a  50x50x15  Si(l  1 1)  substrate  [11]  (see  Fig.  3). 

The  lattice  mismatch  of  about  1.1%  between  Si  and  Si3N4  at  their  interface  creates 
deformations  and  stress  patterns  that  extend  throughout  the  Si  substrate.  With  our  hybrid  scheme, 
we  model  with  MD  the  Si3N4  film,  the  Si/Si3N4  interface  and  the  top  part  of  the  Si  substrate, 
while  with  FE  we  model  the  rest  of  the  Si  substrate.  The  HS  is  placed  3  nm  below  the  top  of  the 
Si  substrate.  A  second  simulation,  with  the  whole  system  modeled  by  MD,  is  also  performed  for 
comparing  results.  The  simulation  schedule  is  as  follows:  the  system  is  initially  relaxed  at  zero 
temperature,  then  heated  and  thermalized  at  300  K  with  Langevin  dynamics,  and  finally  cooled 
down  back  to  zero  temperature. 

A  vertical  slice  of  this  system,  at  the  end  of  the  hybrid  simulation,  is  depicted  in  Fig.  3. 
Displacements  from  equilibrium  have  been  magnified  so  that  the  deformations  that  take  place  are 
seen  clearly.  There  are  large  deformations  in  the  Si3N4  pixel  and  at  edges  with  the  Si  substrate. 
Si3N4  is  1 .1%  larger  than  Si,  and  so  it  gets  compressed  at  the  Si/Si3N4  interface  (accompanied  by 
a  small  curvature),  while  Si  below  the  interface  gets  expanded  (accompanied  with  large 
compressions  at  the  edges).  Deeper  in  the  Si  substrate,  however,  deformations  remain  relatively 
small,  therefore  linear  elasticity  describes  them  satisfactorily. 


Z9.3.3 


Figure  3.  A  vertical  slice  of  the  Si/Si3N4  nanopixel  on  top  of  the  Si  substrate,  after  the  hybrid  simulation. 
Displacements  from  equilibrium  have  been  magnified  by  a  factor  of  two  in  order  to  picture  more  clearer 
the  deformations  taking  place.  HS  is  3  nm  below  the  top  of  the  Si  substrate. 

Figure  4  compares  the  displacement  and  stress  distributions  for  the  hybrid  FE/MD  and  full 
MD  simulations.  These  are  averaged  over  the  corresponding  unit  cells  and  are  plotted  as  a 
function  of  depth  from  the  top  of  the  Si^N4.  The  lattice  mismatch  is  well  reflected  in  both 
displacement  and  stress  curves.  The  corresponding  effect  is  the  creation  of  a  parabolic  tensile 
stress  well  in  the  Si  substrate,  accompanied  by  compressive  stresses  in  the  larger  Si3N4  pixel. 


ti . ■  . . . . . 
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Figure  4.  (a)  Displacements  from  equilibrium  and  (b)  stresses  as  a  function  of  the  depth  (along  z)  from 
the  top  of  the  nanopixel.  The  directions  denoted  here  arex:  [-21  l],y:  [0-1 1],  z:  [1 1 1].  Displacements  and 
stresses  are  plotted  on  a  vertical  line  that  passes  through  x=0,  y=d/4  and  x=0,  y=0  respectively,  where 
d=25  nm  is  the  pixel  width  and  its  center  is  at.v=y=0.  The  hand  shake  region  (dashed  lines)  is  about  3  nm 
below  the  top  of  the  Si  substrate,  or,  about  4  nm  below  the  Si/Si  1N4  interface  (dotted  line). 
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The  agreement  between  the  hybrid  FE/MD  and  foil  MD  simulations  is  very  good.  Small 
deviations  are  only  found  in  the  stress  curves  in  the  form  of  three  small  "bumps"  in  the  hybrid 
results.  One  is  centered  on  the  HS  and  is  due  to  the  inevitable  differences  between  MD  and  FE. 
The  other  two  are  deeper  in  the  FE  region  and  are  centered  on  the  regions  where  the  FE  grid  is 
coarsened,  i.e.,  where  larger  FE  elements  are  connected  with  smaller  ones.  Overall,  all  features 
and  multiscale  phenomena  involved  in  this  interface  system  are  faithfully  reproduced  by  the 
hybrid  simulation  scheme. 

In  the  second  simulation  we  study  the  quality  of  the  dynamic  coupling  between  MD  and  FE. 
The  system  here  consists  of  a  block  of  silicon,  one-third  of  it  modeled  with  MD  and  two-thirds  of 
it  modeled  by  FE,  and  the  simulation  involves  a  projectile  impact.  The  silicon  block  has 
dimensions  of  11x6x30  nm  with  the  HS  parallel  to  the  (111)  plane  10  nm  below  the  top  Si 
surface.  Periodic  boundary  conditions  are  imposed  on  the  sides.  The  top  Si  surface  in  the  MD 
region  is  free  and  the  nodes  at  the  bottom  Si  surface  in  the  FE  region  are  fixed.  The  projectile  is 
approximated  by  an  infinite-mass  hard  sphere  of  radius  1 .7  nm,  from  which  the  silicon  atoms 
scatter  elastically.  A  harmonic  motion  of  the  projectile  along  the  [1 1 1]  direction  close  to  the  top 
Si  surface  in  the  MD  creates  small-amplitude  waves  in  the  silicon  crystal.  Figure  5  shows 
snapshots  at  three  different  times,  in  which  only  a  thin  slice  is  plotted  for  the  clarity  of 
presentation.  The  gray-scale  denotes  the  absolute  displacement  from  the  equilibrium  positions 
measured  in  A.  The  induced  waves  in  the  MD  region  propagate  through  the  HS  into  the  FE 
region  without  reflection  demonstrating  seamless  dynamic  hand-shaking  between  MD  and  FE. 


Figure  5.  Time  evolution  of  FE  nodes  and  MD  atoms  in  a  hybrid  FE/MD  simulation  of  projectile  impact 
on  a  silicon  crystal.  Absolute  displacement  of  each  particle  from  its  equilibrium  position  is  gray-scale- 
coded.  The  figure  shows  a  thin  slice  of  the  crystal  for  the  clarity  of  presentation, 

CONCLUSIONS 

We  have  investigated  the  quality  of  the  hand-shaking  between  atomistics  and  continuum  in  a 
concurrent  hybrid  FE/MD  simulation  scheme.  The  first  test  involved  Si/Si3N4  nanopixels  on  a  Si 
substrate  where  the  nanopixel  was  modeled  by  MD  and  the  substrate  by  FE.  No  discontinuity  is 
found  along  the  atomistics/continuum  HS  and  comparison  with  standard  foil  MD  simulations 
shows  excellent  agreement.  The  second  test  involves  projectile  impact  on  a  block  of  silicon 
where  part  of  the  block  is  modeled  by  MD  and  the  other  part  of  it  by  FE.  The  impact  occurs  on 
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the  MD  region  and  excited  waves  propagate  seamlessly  through  the  HS  into  the  FF,  region  with 
no  visible  reflections  at  the  HS.  Overall,  the  HS  provides  a  seamless  coupling  between  atomistics 
and  continuum  for  both  static  and  dynamical  problems. 
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ABSTRACT 

Preliminary  ideas  are  presented  on  developing  coupled,  continuum  field  formulations  for 
composition  and  mechanics  with  applications  to  microelectronic  materials.  A  thermody¬ 
namic  basis  is  constructed,  reflecting  atomic-level  transport  mechanisms  and  the  associated 
mechanics.  Formal  arguments  lead  to  constitutive  field  relations,  and  specification  of  balance 
laws  completes  the  coupled  field  description.  Early  numerical  results  are  also  presented. 

INTRODUCTION 

Compositional  phenomena  play  a  prominent  role  in  semiconductor  and  microelectronic 
materials.  Examples  include  (i)  the  self-diffusion  of  metal  atoms  in  interconnect  lines  [1,  2], 
(ii)  transport  of  oxygen  molecules  dining  thermal  oxidation  of  silicon  [3],  (iii)  dopant  diffusion 
in  silicon  [4]  and  (iv)  precipitation  of  separate  phases  in  patterned  structures  [5,  6].  In  each  of 
these  cases,  composition  and  mecha,nics  are,  in  fact,  tightly  coupled.  Models  for  the  coupled 
description  of  composition  and  mechanics  exist  to  a  lesser  (thermal  oxidation  and  dopant 
diffusion)  or  greater  extent  (metal  self-diffusion  and  phase  precipitation).  While  the  richness 
of  the  work  cited  above  (and  references  therein)  is  indisputable,  a  bidirectionally  coupled 
continuum  field  formulation  accounting  for  atomic  mechanisms  of  exchange,  defect  creation 
and  the  associated  stress/strain,  is  not  yet  in  place.  Such  a  formulation  would  enable  one  to 
pose  very  general,  coupled,  initial  and  boundary- value  problems  and  eliminate  simplifying 
assumptions  such  as  regularly  shaped  domains  and  known,  constant  external  stress  states. 
The  development  of  such  a  class  of  formulations  and  the  methods  for  their  computational 
implementation  is  our  goal. 

THERMODYNAMIC  FORMULATION 

To  fix  ideas  we  consider  the  two-dimensional  lattice  of  Figure  1.  It  consists  mostly  of 
atoms  marked  A  in  substitutional  sites  with  B  atoms  (dopants  or  impurities)  and  vacancies, 
V,  at  lower  concentration.  We  also  assume  A  and  B  interstitials,  and  that  all  species  are 
electrically  neutral. 

The  Gibbs  free  energy  density  is  expressed,  pointwise,  as  a  sum  of  the  densities  of  internal 
energy",  e,  work  done,  rCext  and  entropy,  r):  ^  =  e  —  Wext  —  where  9  is  the  absolute 
temperature.  The  Gibbs  free  energy  density  as  defined  by  this  relation  and  Equations  (1-3) 
below  is  the  cornerstone  for  developments  to  follow.  We  have, 

e{£,£z^^0,  ec,  Cz,  v)  =  ^viv)  +  ^ 
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Figure  1:  The  two-dimensional  lattice:  substitutional/interstitial  species  and  vacancies. 


The  first  two  contributions  to  c  come  from  an  entropic  term.  c.,^{7])  and  an  energy  density 
of  formation,  e^Cz,  with  the  index,  Z,  running  over  substitutional  and  interstitial  species, 
whose  concentrations  are  denoted,  Cz-  The  third  term  represents  the  contribution  of  the 
elastic  strain  energy  density  involving  the  fourth  order  elasticity  tensor.  C.  which  can  be 
anisotropic,  and  the  elastic  strain,  =  £  -  ^  ^  1  -  ®  n.  Here,  £  is  the 

total  strain,  £zl  is  the  inelastic,  isotropic  strain  of  relaxation  or  expansion  at  a  point  defect 
(Figure  1,  with  the  index,  Z,  running  over  point  defect  types),  eo^  is  the  isotropic  thermal 
strain  and  Ben  ;S)  JT-  is  the  creep  strain,  due  to  atomic  flux,  and  a(’ting  through  the  rank-one 
tensor,  n  (g>  n,  at  locations  such  as  the  free  surface  in  Figure  1. 

The  incremental  work  density  is  wu'itten  as 

fow  =  cr:  ef  SWCr  +  itr:  l(/v  -  fdnUCz  -  q'VSCr  +  cr-.  fe  (2) 

The  first  term  is  the  work  done  by  the  local  stress,  cr,  in  increasing  the  vacancy  concentration 
{6Cv)  at  the  free  surface.  It  involves  a  non-isotropic  .strain  tensor,  e(V.  The  second  term  is  the 
work  done  by  the  stress  acting  through  an  isotropic  strain  in  creation  of  a  vacancy-interstitial 
pair  or  their  recombination.  The  third  term  is  the  work  done  by  an  applied  electrostatic 
potential  field,  F,  via  vacancy  transport  (the  phenomenon  of  electromigration),  wliere  q*  is 
the  apparent  charge  on  a  vacancy.  The  mechanical  work  done  by  the  stress  acting  through 
the  strain  is  seen  in  the  fourth  term. 

The  entropy  has  thermal  and  configurational  terms.  For  substitutional  (S)  sites.  Ca  + 
Cb  +  Cy  =  Cs,  and  for  interstitial  spaces  (i),  C,-  +  Ca,  +  Cni  =  0^9.  a  being  a  geometric 
factor.  kVom  elementary  statistical  considerations: 


r/(C'z,  9)  =  7)vib(^)  -  k 


(3) 
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COUPLED  FIELD  EQUATIONS 


The  electrochemical  potential  corresponding  to  each  species  is  obtained  as 


I-IZ  =  i-iZo  +  TT 


d(l)  dCy 
,  dCv  dCz  ■ 


The  first  term  is  a  uniform  reference  potential.  The  third  term  arises  from  coupled  mech¬ 
anisms  of  exchange,  defect  creation  and  annihilation  such  as  creation  of  an  A  interstitial- 
vacancy  pair:  6Ca  —  =  —^Gy  —  —SCi.  From  follows  the  flux 


3z  =  - 


DzCz 

kO 


V/iz, 


(5) 


where  Dz  is  the  diffusivity  corresponding  to  species  Z.  The  fluxes  satisfy  continuity  equations 
of  the  type: 

=  -V  •  jz  +  kzi,v{CziCv  -  C^C^).  (6) 

ot 

If  Z  represents  a  substitutional  species,  the  recombination  of  Z  interstitials  (Zi)  and  vacancies 
is  a  source  term,  with  kz^y  being  the  recombination  rate  constant.  For  Z  interstitials,  Zi, 
the  recombination  source  term  has  its  sign  reversed  (a  sink).  In  the  continuity  equation  for 
vacancies  recombination  with  both  types  of  interstitials  (Aj,  Bi)  acts  as  a  sink.  An  additional 
source  term,  — -{Cv~C^)  acts  due  to  the  creation  of  vacancies  at  grain  boundaries  and  free 
surfaces.  The  effective  time  constant  of  this  process  is  ry.  The  construction  of  the  Gibbs 
free  energy  density  ensures  that  the  electrochemical  potentials,  Equation  (4),  reflect  the 
influence  of  the  mechanics.  The  fluxes,  jz,  obtained  from  the  corresponding  electrochemical 
potentials  via  Equation  (5)  are  also  directly  influenced  by  the  mechanics.  The  continuity 
equations  for  various  species  are  coupled  through  the  recombination  terras. 

Formal  thermodynamic  arguments  can  be  advanced  for  the  derivation  of  Equations  (4-5) 
and  extended  to  the  following  general  constitutive  relation  for  stress:  a  =  defde.  Ignoring 
inertia,  the  stress  is  governed  by  the  quasistatic  equilibrium  equation:  V  •  <t  -f-  h  =  0, 
h  being  the  body  force.  The  coupling  of  composition  and  mechanics  that  underlies  the 
thermodynamic  description  ensures  that  the  mechanics  reflects  the  influence  of  composition 
of  various  species.  The  coupled  continuum  field  description  of  the  problem  is  thus  complete. 
Details  of  the  arguments  alluded  to  in  this  section  and  the  previous  one  have  been  presented 
elsewhere  [7]  for  the  more  limited  problem  of  self-diffusion. 


EXAMPLES 


The  formulation,  re.stricted  to  self-diffusion,  is  applied  to  an  electromigration  problem 
in  aluminum.  The  composition  problem  is  posed  in  terms  of  vacancies.  Figure  2  shows  the 
contours  of  vacancy  concentration  in  a  poly  crystalline  line  of  width  l/:im.  Numerical  solutions 
were  obtained  using  finite  element  methods  developed  for  the  present  formulation  [7].  Details 
are  avoided  here.  The  distribution  shown  is  obtained  by  solving  the  initial  boundary  value 
problem  with  an  initial  condition  of  uniform  vacancy  concentration,  Cy  =  Gy,  boundary 
conditions  of  vanishing  normal  flux  of  vacancies,  jy  •  n  ^  on  the  horizontal  boundaries 
and  periodic  boundary  conditions  on  concentration  on  the  vertical  boundaries.  The  vacancy 
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VACANCY  CONCENTRATION 
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Figure  2;  Initial  vacancy  distribution. 

formation  energy,  ey,  has  been  specified  to  be  lower  in  grain  boundaries,  here  modelled 
as  regions  of  finite  width.  As  a  result,  when  transients  disappear,  the  obtained  vacancy 
concentration  is  higher  over  grain  boundaries.  An  electric  field,  JB,  directed  to  the  right  is 
then  imposed,  and  the  vacancies  drift  parallel  to  E.  Due  to  their  higher  diffusivity,  grain 
boundaries  act  as  fast  diffusion  paths.  Focusing  attention  upon  the  grain  boundaries  in 
the  middle  of  the  line,  it  is  argued  that  vacancies  accumulate  at  the  right  end,  where  the 
fast  diffusion  path  terininat(;H  whiU?  depleting  from  the  k'ft  end.  The  result  is  an  increasing 
hydrostatic  tension  at  the  right  end  and  hydrostatic  compression  at  the  left  end  of  the 
diffusion  path  (Figure  3).  While  no  external  tractions  or  non-zero  displacement  boundary 
conditions  are  imposed,  a  local  stress  arises  as  electromigration  proceeds  and  is  coupled  into 
the  composition  problem.  The  stress  equilibrium  problem  is  also  solved,  and  it  is  influenced 
by  the  composition.  The  fully  coupled  problem  is  thus  treated  as  discussed  above.  When 
a  tensile  thermal  stress  is  superimposed  upon  the  line,  the  relatively  higher  tensile  stress  at 
the  locations  on  the  line  where  Cy  is  highest  (numerical  results  not  shown  here)  could  result 
in  void  nucleation  as  discussed  below. 

The  conditions  for  void  nucleation  under  the  proposed  formulation  are  investigated  as 
a  special  case  of  phase  separation.  For  the  latter,  a  ternary  A,B,V  mixture  is  considered 
with  composition-dependent  moduli.  For  simplicity,  we  restrict  ourselves  to  one  dimension. 
Wo  have  Young’s  moduli  for  pure  A  and  B  satisfying  the  relation  Eb  =  0.1  x  Ea-  A 
hypothetically  high  stress,  of  the  order  of  10  GPa  is  considered.  Volume  fractions  =  1.5. 

o3 

Jb  ~  0.5  and  fy  =  0.8  are  assumed  relative  to  the  average  atomic  volume,  D  =  125  A 
and  the  temperature  0  =  300 A".  A  necessary  condition  for  phase  separation  is  a  non-convex 
Gibbs  free  energy  density,  (p  as  a  function  of  composition.  Figure  4a  demonstrates  that  such 
a  structure  is  indeed  a  property  of  0  under  the  assumed  condition.  Furthermore,  a  sufficient 
condition  is  the  existence  of  a  “double-welled”  structure  from  a  second  local  rnirninurn  in 
({).  Such  an  additional  local  minimum  is  observed  corresi)onding  to  altnost  i)ure  B  and 
is  revealed  upon  clo.scr  examination  of  0  in  the  limit  of  high  Cb  (Figure  4b).  Thus,  the 
formulation  proposed  hero  does  posses  the  ingredients  for  phas(?  sej)aration.  The  r(4evance 
of  this  investigation  to  void  nucleation  is  that  examination  of  the  Gibbs  free  energy  density 
for  a  binary  A,V  mixture  (self-diffusion)  reveals  a  similar  non-convexity  for  0.75  <  /\^  <  1. 
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HYDROSTATIC  STRESS 
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Figure  3:  (a)  Hydrostatic  stress,  (b)  Evolution  of  hydrostatic  stress. 


A  miriiinurn  observed  at  high  high  vacancy  concentration  in  this  case  corresponds  to  the 
conditions  for  void  nucleation. 

CONCLUSIONS 

The  approach  presented  here  forms  the  basis  for  a  broad  effort  to  study  and  model  the  cou¬ 
pling  of  composition  and  mechanics  in  microelectronic  and  semiconductor  materials.  While 
promising  early  results  are  available,  much  remains  to  be  done.  The  problem  of  dopant 
diffusion,  even  without  the  influence  of  mechanics  is  rich  and  complex  in  its  own  right.  The 
same  holds  for  self-diffusion  and  phase  precipitation,  including  the  influences  of  surface  ener¬ 
gies,  moving  grain  and  phase  boundaries,  grain  growth  and  microstructure  evolution.  In  the 
case  of  thermal  oxidation,  it  is  hoped  that  the  approach  advocated  here  will  help  to  improve 
process  models  currently  in  use. 
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Figure  4:  (a)  Non-convex  Gibbs  free  energy  density,  (b)  Existence  of  a  second  local  minimum. 
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ABSTRACT 

Recent  theoretical  calculations  and  atomistic  computer  simulations  have  shown  that 
one-dimensional  (ID)  glissile  clusters  of  self-interstitial  atoms  (SIAs)  play  an  important  role 
in  the  evolution  of  the  microstructure  in  metals  and  alloys  under  cascade  damage  conditions. 
Theoretical  treatments  based  on  the  production  bias  model  (PBM)and  cascade-induced  source 
hardening  clarify  many  features  of  materials  behaviour  under  irradiation  by  considering  ID 
glissile  SIA  clusters.  However,  further  progress  in  understanding  irradiation  phenomena 
demands  a  detailed  knowledge  of  different  reactions  where  glissile  SIA  clusters  take  part. 

The  latest  version  of  the  PBM  has  demonstrated  that  there  is  a  significant  lack  of  knowledge 
on  mechanisms  such  as  the  interaction  between  mobile  clusters  and  other  microstructure 
components,  changes  on  glide  directions  or  the  reduction  of  cluster  mobility.  Some  aspects  of 
interactions  have  been  recently  studied  and  the  formation  of  immobile  complexes  of  glissile 
clusters  in  the  bulk  and  near  dislocations  has  been  shown.  However,  in  addition  to  the  cluster 
-  clusters  and  cluster  -  dislocation  interactions,  the  interactions  of  clusters  with  point  defects 
should  be  considered.  Here  we  present  the  first  results  on  interaction  between  a  SIA  cluster 
and  vacancy  in  bcc-iron.  The  interactions  were  studied  by  both  atomistic  simulations  and 
elasticity  theory.  Some  qualitative  differences  between  the  results  obtained  by  these  two 
methods  were  found,  thereby  demonstrating  the  need  for  the  atomistic  approach.  It  is  shown 
that  the  interaction  with  vacancies  can  reduce  and,  in  some  cases,  suppress  the  mobility  of 
SIA  clusters.  The  results  are  discussed  in  the  light  of  both  experimental  data  and  theoretical 
predictions. 


INTRODUCTION 

During  the  last  years  a  significant  attention  was  paid  to  clusters  of  self-interstitial  atoms 
formed  in  metals  irradiated  with  energetic  particles.  The  main  reason  is  the  recognition  of  the 
important  role  of  SIA  clusters  in  the  evolution  of  the  microstructure  under  irradiation.  The 
successful  application  of  PBM  [1]  and  its  further  development  [2]  in  the  explanation  of  many 
peculiarities  of  radiation  induced  microstructures  such  as  the  mechanism  of  void  lattice 
formation,  swelling  inhomogeneity  near  grain  boundaries,  rafts  of  dislocation  loops  and 
decoration  of  dislocations  by  interstitial  clusters  and  dislocation  loops  [3-9]  suggested  to 
perform  extensive  studies  of  properties  of  SIA  clusters  in  different  metals.  Thus,  the  structure 
and  mobility  properties  of  SIA  clusters  were  studied  in  bcc,  fee  and  hep  lattices  and  the 
results  have  corroborated  fast  one-dimensional  mobility  in  all  structures,  thereby  confirming 
the  basic  suggestion  of  PBM  [1].  However,  the  later  version  of  PBM  [2]  has  shown  that  there 
is  a  significant  lack  of  knowledge  on  the  mechanisms  of  interaction  between  mobile  clusters 
and  other  microstructure  components,  the  change  in  cluster  glide  directions  and  the  reduction 
in  clusters  mobility.  Some  aspects  of  interactions  have  been  recently  studied  [11]  and 
formation  of  immobile  complexes  of  glissile  clusters  in  bulk  and  near  dislocations  has  been 
demonstrated.  However,  in  addition  to  cluster-cluster  and  cluster-dislocation  interaction 
another  type  of  reaction,  namely  with  point  defects,  has  to  be  considered.  Traditionally, 
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‘point  defect  -  cluster’  interactions  are  treated  like  ‘point  defect  -  dislocation’  interactions; 
clusters  are  considered  as  dislocation  loops  and  a  conventional  elastic  bias  factor  is  used 
[12,13].  An  important  feature  of  cluster  -  point  defect  interactions,  as  they  appear  in  rate 
theory  calculations,  is  related  to  the  total  balance  of  defects  in  the  system.  For  example,  when 
a  vacancy  interacts  with  a  cluster  of  N  SlAs  it  is  supposed  that  the  result  will  be  another 
cluster  of  N-I  SIAs.  This  is  based  on  the  supposition  that  vacancy-SIA  cluster  reaction  is  of 
annihilation  type.  Qualitatively  the  same  description  is  used  for  SIA  -  vacancy  cluster 
interaction.  The  results  of  an  intensive  atomistic  study  of  SIA  cluster  properties  allows  us  to 
expect  that  the  mentioned  phenomena  could  be  not  as  simple  as  described  above.  This 
encouraged  us  to  launch  a  special  study  aiming  to  clarify  features  of  point  defects  interactions 
with  clusters  and  small  dislocation  loops.  In  this  paper  wc  present  some  results  related  to  the 
interaction  between  glissile  SIA  clusters  and  vacancies  in  bcc-iron.  The  choice  of  bcc-Fe  for 
this  study  is  based  on  several  reasons.  Some  are  related  to  the  peculiarities  of  experimental 
results  such  as  the  low  density  of  the  observed  matrix  defects,  the  low  swelling  and  a  recent 
positron  annihilation  observation  showing  that  a  significant  number  of  vacancies  is  stored  in 
the  bulk  of  neutron-irradiated  iron  in  the  form  of  tiny  clusters  invisible  by  electron 
microscopy  [14].  Others  are  related  to  the  faet  that  glissile  SIA  clusters  in  iron  are  commonly 
observed  in  cascades  studies  and  their  properties  are  well  studied  by  atomistic  simulation  and, 
then,  a  wide  range  of  static  and  dynamic  properties  is  available  for  comparison  [10]. 


CALCULATION  MODEL 
Atomistic  simulation 

The  interaction  between  vacancy  and  SIA  cluster  in  bcc  crystallite  was  studied  by 
molecular  static  technique  using  an  interatomic  potential  for  alpha-iron  constructed  within  the 
Finnis-Sinclair  many-body  approach  [15].  Interstitial  planar  clusters  were  initially  created  in 
the  central  (1 1 1)  plane  of  a  rectangular  crystallite  oriented  along  [110],  [1 12]  and  [1 1 1] 
directions.  Usual  fixed  boundary  conditions  were  applied.  The  system  was  relaxed  using  a 
combination  of  conjugate  gradients  and  quasi-dynamics  methods.  A  previous  study  has 
shown  that  the  most  stable  clusters  are  hexagons  with  sides  along  <1 12>  directions,  which  is 
equivalent  to  the  most  stable  edge  dislocation  ’/2[1 1 1]<1 12>  [16].  Thus,  hexagonal  clusters  in 
the  form  of  <1 1 1>  crowdions  distributed  over  three  adjacent  (111)  planes  represent  perfect 
dislocation  loops  with  Burgers  vector  '/2[1 1 1].  Such  hexagons  containing  19,  61,  91  and  127 
SLAs  were  simulated  in  a  crystallite  containing  about  400,000  mobile  atoms. 

Once  a  SIA  cluster  was  created  and  relaxed,  a  vacancy  was  placed  in  a  certain  position 
in  the  cluster  vicinity  and  the  crystallite  was  relaxed  again.  After  relaxation  the  crystallite 
energy  was  calculated  and  the  configuration  was  analysed.  The  SIA  cluster  -  vacancy 
interaction  energy  was  estimated  through  previously  calculated  formation  energies  of  both  an 
individual  cluster  and  a  vacancy.  The  vacancy  positions  studied  are  in  rows  of  sites  along  the 
Burgers  vector  direction.  Three  types  of  rows  crossing  the  cluster  habit  plane  in  the  hexagon 
centre,  vertex  and  centre  of  the  <1 12>  edge  were  considered.  Some  positions  within  the 
cluster  perimeter  were  also  investigated. 

For  some  clusters  we  also  performed  molecular  dynamics  (MD)  simulations  at 
temperature  T=260K.  This  was  done  in  a  crystallite  consisting  of  about  95,000  atoms  with 
periodic  boundary  conditions,  a  period  of  time  of  about  5ns,  e.g.  approximately  4,000,000 
time  steps.  The  aim  of  this  simulation  is  to  compare  the  mobility  of  SIA  clusters  with  and 
without  vacancies  by  comparing  the  atomic  displacements.  Note  that  all  SIA  clusters 
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considered  here  were  studied  earlier  and  being  isolated  they  performed  a  fast  thermally- 
activated  one-dimensional  glide  along  the  Burgers  vector  direction  e.g.  <1 1 1>  [10]. 


Continuum  calculations 

A  simple  continuum  model  based  on  the  isotropic  elasticity  theory  was  used  to  describe 
the  interaction  energy  (Ey  )  between  a  vacancy  at  the  position  r  =  {X,Y,Z)  in  the  stress 
field  of  an  extended  defect : 


E;.(r)  =  P(r)SVy(P)  (1) 

where  P{r)  is  the  hydrostatic  pressure  and  SVy(r)  is  the  vacancy  dilatation  volume  which,  in 
general,  is  a  function  of  the  vacancy  position.  This  expression  is  commonly  used  in  the 
approximation  that  a  vacancy  is  an  isotropic  defect  with  a  constant  volume  equal  to  that  in  the 
bulk.  The  vacancy  dilatation  volume  in  the  bulk  of  a  perfect  crystallite  SVy  =0. is 
equilibrium  atomic  volume)  was  estimated  using  the  force  dipole  method  described  in  [17] 
and  this  value  was  used  in  eq.  1 .  Two  approaches  were  used  to  estimate  the  pressure 
distribution  near  the  SIA  cluster.  The  first  evaluates  the  hydrostatic  pressure  in  the  terms  of 
the  isotropic  elasticity  through  the  trace  of  the  dislocation  loop  stress  tensor  <J,y(F) : 


P(r)  =  -ii(7jr)  +  a^,^Xr)  +  cyJr)) 


(2) 


The  components  of  the  stress  field  created  by  the  dislocation  loop  can  be  easily  evaluated 
adding  the  contribution  of  the  dislocation  segments  forming  the  loop  e.g.  in  the  present  case  6 
segments  along  <1 12>  directions  [18].  The  dislocation  line  energy  and  core  radius  used  here 
were  obtained  in  [1 1]  for  the  1/2<1 1 1>{  1 10}  edge  dislocation  simulated  with  the  same 
potential.  In  the  second  approach,  the  pressure  near  the  SIA  cluster  was  directly  calculated 
by  atomistic  simulation  using  the  virial  theorem  : 


P(r)  = 


1 

6NQo 


bl 


(3) 


where  N  is  the  number  of  atoms  in  the  simulated  crystallite,  )  is  the  interatomic  potential 
and  r^J  is  the  radius-vector  between  the  and  f'  atoms. 


RESULTS 

The  results  for  clusters  of  19  and  127  SIAs  interacting  with  a  vacancy  along  rows 
through  either  the  cluster  centre  or  the  middle  of  the  edge  are  presented  in  Fig.  1  and  2.  In 
general  the  comparison  of  the  atomistic  simulation  results  with  the  theoretical  estimations  is 
rather  poor  since  the  theory  significantly  underestimates  the  interaction  energy.  Though  the 
estimation  based  on  the  pressure  obtained  from  simulation  shows  a  slightly  better  picture,  the 
interaction  energy  is  still  significantly  lower  than  that  estimated  from  simulation.  Few 
reasons  can  be  presented  to  explain  this  difference.  The  first  is  the  inaccuracy  of  the  theory 
calculating  stress  field  and,  therefore,  the  pressure  near  such  small  dislocation  loops  which 


Z9.8.3 


Figure  1.  Vacancy  interaction  energy  versus  distance  to  the  19  and  127  SlAs  cluster  habit  plane  along 
the  line  through  the  cluster  centre.  Note  the  difference  in  energy'  scale  for  19  and  127  SIAs  clusters. 


causes  poor  results  of  theoretical  estimations.  The  second  is  the  inaccuracy  of  using  the 
vacancy  dilatation  volume  calculated  for  bulk  perfect  crystallite.  This  is  the  reason  of  the 
disagreement  when  the  pressure  obtained  from  simulation  of  individual  SIA  clusters  is  used  in 
eq.l.  Actually,  the  pressure  increases  significantly  near  the  clusters  and  this  should  affect  the 
local  dilatation  volume  of  the  vacancy,  which  should  be  increased.  This  can  be  only  taken 
into  account  in  full  atomistic  simulations.  Finally,  the  approach  on  the  basis  of  eq.l  is  in 
general  poor  and  more  accurate  approaches  must  be  used  to  evaluate  the  interaction  energy 
near  clusters  e.g.  in  regions  with  a  high  stress  field  gradient.  The  fact  that  the  difference 
between  the  theory  and  simulation  results  for  the  centre  is  much  lower  for  the  larger  cluster, 
where  the  stresses  are  lower,  is  consistent  with  all  the  reasons  presented. 

Besides  the  different  values  of  the  interaction  energy,  more  significant  qualitative 
differences  between  simulation  and  theory  appear  for  a  vacancy  near  the  edge  of  SIA  clusters. 
This  difference  is  related  to  the  annihilation  of  a  vacancy  by  the  SIAs  belonging  to  the  cluster 
edge  observed  in  simulations.  The  regions  where  annihilation  occurs  are  indicated  in  Fig. 2. 
This  annihilation  was  observed  only  for  vacancy  positions  above  (or  below)  the  cluster  edge. 


Figure  2.  Vacancy  interaction  energy’  versus  distance  to  the  1 9  and  127  SIAs  cluster  habit  plane  along 
the  line  through  the  centre  of  cluster  edge.  Regions  where  vacancy  annihilated  are  indicated. 
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Next  positions  towards  the  cluster  centre  were  not  annihilated.  The  annihilation  region  is 
larger  for  smaller  clusters,  which  reflect  the  higher  value  of  the  pressure.  The  limit  case  of  the 
large  loop  is  the  straight  dislocation  where  only  the  vacancy  in  the  nearest  lattice  site  was 
observed  to  be  annihilated  from  simulations  with  the  same  Fe  potential  [19]. 

Vagiancies  interacting  with  STAs  within  the  cluster/loop  perimeter  do  not  annihilate  but 
affect  very  much  to  the  dynamic  properties  of  SIA  clusters.  The  main  effect  is  a  significant 
reduction  of  clusters  mobility.  At  low  temperature,  the  vacancies  are  immobile  and  they  can 
completely  suppress  the  cluster  motion.  An  example  is  presented  in  Fig.3  where  the  temporal 
evolution  of  the  atomic  square  displacements  (SD)  along  the  <1 1 1>  direction  for  both  a 
regular  isolated  cluster  of  91  <1 1 1>  crowdions  and  the  same  cluster  with  a  vacancy  in  the 
next  to  the  cluster  centre  site  is  shown.  It  can  be  seen  that  the  motion  of  a  cluster  without  a 
vacancy  causes  significant  SD  whereas  that  with  a  vacancy  does  not  produce  displacements. 


Figure  3.  Temporal  evolution  of  atomic  squared  displacements  obtained  by  MD  simulation 
of  an  isolated  9iSIAs  cluster  and  the  same  cluster  with  vacancy  in  the  next  to  the  centre  site. 


CONCLUSIONS 

Vacancy  interaction  with  SIA  cluster  was  studied  by  atomistic  simulation  and  two 
theoretical  approaches  based  on  the  interaction  of  a  dilatation  centre  with  a  stress  field  from 
an  extended  defect  within  the  isotropic  elasticity  theory.  It  is  found  that  the  theoretical 
approaches  underestimate  the  interaction  energy  and  the  disagreement  between  theory  and 
simulation  increases  for  small  clusters  and  near  the  cluster  edge. 

Vacancies  can  annihilate  only  with  the  cluster  edge  and  the  annihilation  distance  in  the 
direction  perpendicular  to  the  cluster  habit  plane  increases  for  small  clusters,  e.g.  up  to  about 
5a  for  19SIAs  cluster. 

Vacancies  inside  the  cluster  perimeter  do  not  annihilate  but  strongly  affect  to  the 
dynamic  properties  of  SIA  clusters  reducing  or,  even,  preventing  their  mobility. 

It  is  concluded  that,  in  general,  the  isotropic  elasticity  theory  cannot  describe  accurately 
the  point  defect  -  cluster  interactions  especially  for  the  case  of  small  clusters.  Instead, 
atomistic  simulation  should  be  used. 
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ABSTRACT 

We  calculate  the  electronic  structure  of  AE9  tilt  grain  boundary  with  substitutional  Na 
impurity  atoms  by  first  principles  pseudopotential  method.  Results  show  that  by  Na 
segregation  A1  grain  boundary  expands  and  the  valence  charge  density  decreases 
significantly  along  the  boundary.  There  is  no  stronger  bond  than  metallic  bond  in  the 
boundary  even  with  Na  impurity.  We  therefore  conclude  that  the  mechanism  of  Na-promoted 
A1  grain  boundary  embrittlement  should  be  one  kind  of  ‘decohesion  model’. 

Introduction 

It  seems  that  theoreticaly  there  are  two  kinds  of  mechanism  of  impurity-promoted 
embrittlement  of  metal  grain  boundaries.  One  is  called  ‘decohesion  model’.  In  this  model, 
the  metal-impurity  or  metal-metal  cohesion  is  weakened  by  impurity  segregation  in  metal 
grain  boundary  and  thus  induces  embrittlement.  A  typical  one  is  presented  by  Losch[l], 
which  indicates  that  the  metal-metal  bonds  neighboring  to  the  impurity-metal  bonds  are 
weakened  by  the  embrittling  element  in  group  IV-VI.  Supporting  calculations  are  carried  out 
by  Briant  and  Messmer[2-3]  on  a  nickel  cluster  with  sulfur  impurity,  and  a  iron  cluster  with 
phosphors  impurity,  respectively.  The  other  is  ‘bond  mobility  model’  proposed  by 
Haydock[4].  In  this  model  segregated  non-metallic  impurities  at  the  metal  grain  boundary 
bind  with  the  neighboring  metal  atoms.  This  increases  the  covalent  character  of  the  bonds 
and  reduces  their  mobility.  Under  stress,  the  bonds  between  grains  cannot  slide  smoothly 
and  thus  stress  concentration  is  generated.  Goodwin  et  al.  [5-6]  carried  out  the  supercell 
calculation  based  on  the  density  functional  theory  (DFT)  on  the  embrittlement  by  Ge  and  As 
impurities  in  the  host  Al[ll  1],  supporting  ‘bond  mobility  model’. 

Until  now  the  embrittling  elements  seemed  to  be  limited  to  group  III -IV,  However, 
recently  it  has  been  experimentally  found  that  elements  in  group  I  and  II  have  also  the 
embrittling  effect  on  Al  alloys.  For  example,  it  was  reported  that  as  for  Al-Mg  alloy,  Na 
atoms  tend  to  segregate  on  Al  boundary  thus  induces  the  embrittlement[7].  In  this  paper  we 
therefore  carry  out  the  supercell  calculation  to  investigate  the  effects  of  Na  segregation  on  Al 
grain  boundary. 

Because  of  the  limited  computational  ability,  we  don’t  consider  the  lattice  vibration  and 
only  carry  out  the  calculations  at  absolute  0  K.  Hence  the  calculation  results  probably  can’t 
compare  directly  with  the  experimental  ones.  However,  our  results  still  will  be  very  helpful 
to  understand  the  effects  of  segregated  Na  impurities. 


COMPUTATIONAL  METHOD 

The  unit  cell  is  constructed  as  shown  in  figure  1.  There  include  84  atoms  in  the  unit  cell. 
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A1  S  9(2-2 1)/[1 10]  tilt  grain  boundary  is 
formed  by  rotating  grain  by  38.94°  along 
the  [110]  axis,  and  (2-21)  is  set  as 
boundary  plane.  The  coincidence  site 
lattice  (CSL)  unit  cell  on  the  boundary 
plane  is  defined  by  ^212  a)[  1-1-4]  and 
v2/2  ao[110].  The  size  in  the  [110] 
direction  is  set  twice  that  of  the  CSL,  i.e., 
v2  ao,  in  order  to  isolate  4  impurity 
atoms  and  keep  symmetry.  In  the  [2-21] 
direction  two  symmetric  grain 
boundaries  are  introduced  to  make 
periodicity.  The  distance  between  the 
grains  is  determined  by  that  atom  density 
in  the  boundary  is  the  same  as  that  by 
Mills  and  Daw[8]. 

The  first  principles  plane -wave 
pseudopotential  method[9]  is  used  based 
on  the  DFT[10-11]  with  local  density 
approximation  (LDA)[12].  The 
electronic  ground  state  is  obtained  using 
the  conjugate-gradient  technique 
proposed  by  Bylander,  Kleinman  and 
Lee[13].  The  plane  wave  energy  cutoff  is 
13Ry,  and  32  k  points  in  the  Brillouin 
zone  is  used.  The  electronic  structure  is 
determined  on  a  real  space  grid  of 
128x64x32  points.  All  the  atoms  are 

relaxed  according  to  the  Hellman-Feynman  forces  until  all  the  forces  are  less  than  O.lOev/A. 

We  construct  the  TM-type  pseudopotential[14]  for  Al[15]  and  the  HSC-type 
pseudopotential [16- 17]  for  Na[18].  For  Na  we  used  partial  core  correction  developed  by 
Louie,  Froyen  and  Cohen[19].  The  separable  form  by  Kleinman  and  Bylander[20]  with  the  p 
as  the  local  component  is  used.  Then  we  calculate  the  equilibrium  lattice  parameter  using  the 
present  pseudopotentials.  Results  are  listed  in  table  I 


Figure  1.  Supercell  of  A1 19(2-2 1)/[1 10]  tilt 
grain  boundary.  A,  B,  C  and  D  indicate  four 
(110)  layers.  The  length  of  side  a,  b,  c  are 
28.469A,  8.379A  and  5.  586A,  respectively, 
but  the  model  isn’t  showing  the  real 
proportion  of  them.  There  are  84  atoms  in  the 
unit  cell.  Four  big-sized  light-gray  spheres 
indicate  the  A1  atoms  in  grain  boundary 
replaced  by  Na  atoms.  G,  F,  E,  H  and  J  are 
the  atom  positions  marked  for  later 
discussions. 


Table  1  Experiment  and  calculation  values  of  the  lattice  constant 


A1  (fee) 

Na  (bcc) 

lattice  constant  (A) 

Exp. 

4.02(0K)“ 

4.225(5K)'’ 

Cal. 

3.95 

3.98 

Exp.:  experimental  values  Cal.:  calculation  values  ®  Ref  [21]  ^]^f[22] 


RESULTS  AND  DISCUSSIONS 

We  choose  the  4  equivalent  sites  of  the  impurity  substitution  in  the  boundary  supercell 
as  shown  in  figure  1 .  In  this  configuration,  the  Na  atoms  can  be  isolated  without  neighboring 
to  each  other  and  the  symmetric  property  can  be  kept. 

The  relaxed  atomic  configurations  are  shown  in  figure  2.  Only  the  left  half  parts  of  A 
and  B  layer  are  shown  due  to  the  symmetry.  E  is  the  position  of  the  impurity  atom  (Na)  in 
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the  substitutional  cases.  The  interatomic  distances  between  the  five  atoms  (G,  F,  E,  H  and  J) 
are  calculated  and  listed  in  table  2.  It  is  shown  that  A1  atoms  aroimd  the  Na  atom  (E)  are 
away  from  Na  atom  compared  with  the  relaxed  configuration  without  any  impurity  (as  in 
table  2:  EFNa=2.719>  EFai=2.622,  about  3.7%  increase;  EHNa=2.919>  EHai=2.764,  about 
5.6%  increase).  This  makes  the 
distance  between  the  adjacent  A1 
atoms  smaller  (as  in  table  2: 

FGNa— 2.639<  FG/j=2.736,  about 
3.5%  decrease;  HJNa=2,704< 

HJai=2.748,  about  1.6%  decrease). 

According  to  periodic  condition  of 
CSL  the  displacement  in  y  and  z 
direction  will  not  contribute  to 
boundary  volume  change.  Because 
the  size  in  x  direction  in  unit  cell  is 
fixed,  the  present  boundary  volume 
change  should  be  different  from 
that  of  the  real  case.  However, 
fi:om  the  distance  enlargement 
between  A1  and  Na  atoms  in  the 
boundary,  it  can  be  concluded  that 
even  in  real  case  the  boundary 
volume  should  be  enlarged  by  Na 
segregation. 


i2(S) 


Figure  2.  The  relaxed  configuration  of  the  left  half 
part  of  layer  B  and  A  in  the  unit  cell.  F,  E,  H  and 
J  correspond  to  the  atoms  marked  in  figure  1 .  Atom 
positions  without  impurity  segregation  are 
represented  by  smaller  circles,  in  which  the  unfilled 
and  the  half-filled  ones  represent  the  atom  positions 
of  B  and  A  layer,  respectively.  Bigger  circles 
indicate  atom  positions  with  Na  segregation. 


Table  2  The  interatomic  distance  (A)  between  A1  atoms,  or  A1  and  Na  atoms 


FG 

EF 

EH 

HJ 

Al" 

2.736 

2.622 

2.764 

2.748 

2.639 

2.719 

2.919 

2.704 

®  pure  A1  boundary  ^  Na  segregation 


The  reason  of  the  boundary  expansion  by  Na  segregation  should  be  due  to  the  different 
atomic  radii  or  atomic  volumes  of  A1  and  Na.  Because  the  interaction  between  A1  and  Na 
atom  are  not  so  significant,  Na  atom  in  AI  boundary  tends  to  have  a  similar  atomic  radius  to 
that  in  pure  Na  metal.  Atomic  radius  can  be  considered  as  half  of  the  nearest  neighbor 
distance  of  atom.  According  to  our  calculated  results,  the  nearest  neighbor  distance  of  fcc-Al 
(2.79A)  is  shorter  than  that  of  fcc-Na  (3. 56 A).  This  should  be  the  main  reason  that  Al  atoms 
are  away  from  Na  atom. 

Figure  3(a)  shows  the  calculation  range  of  local  density  of  states  (LDOS).  The  figure 
shows  cross  section  of  z  direction  of  the  unit  cell,  which  is  perpendicular  to  the  boundary 
plane  (2-21).  The  calculation  range  is  the  sum  of  two  symmetric  parts:  I  and  II  near  the  two 
boundaries.  Figure  3(b)  shows  the  results  of  LDOS  near  the  two  boundaries.  The  figure 
indicates  that  LDOSs  around  the  Al  boundaries  with  and  without  Na  segregation  both  have 
the  characteristic  of  free  electrons,  which  means  that  the  atomic  bonding  at  the  boundaiy  is 
mainly  metallic  bond  for  both  systems  and  there  exist  no  significant  ionic  or  covalent 
interactions  even  in  the  systems  with  Na  impurity.  But  Na  segregation  makes  LDOS 
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Figure  3.  (a)  The  calculation  range  of  local  density  of  states  (LDOS),  The  figure  shows  the  cross  section  of 
z  direction  of  the  unit  cell,  which  is  perpendicular  to  the  grain  boundary  plane  (2-21).  The  calculation 
range  is  the  sum  of  two  symmetric  parts:  I  and  II  near  the  two  grain  boundaries,  (b)  LDOS  of  the  range 
above.  The  dotted  line  and  the  solid  line  arc  the  LDOS  result  of  pure  boundary  and  with  Na  segregation, 
respectively,  (c)  LDOS  around  the  atom  E(the  dotted  line),  H(the  solid  line)  and  J(thc  dashed  line).  Femr 
energy  is  set  as  zero. 


decrease  over  the  whole  energy  region.  This  is  shown  more  clearly  in  figure  3(c),  which 
shows  LDOS  around  the  atom  indicated  E,  H  and  J.  LDOS  is  much  lower  around  Na  atom 
(E)  than  that  around  A1  atom  H  and  J,  and  that  around  J  (in  the  bulk)  is  a  little  higher  than 
that  around  H. 

The  results  of  integrated  valence  charge  density  on  the  y-z  plane  parallel  to  the  boundary 
plane  (2-21)  is  plotted  again  x  axis,  as  shown  in  figure  4.  The  charge  density  at  the  boundary 
is  much  lower  comparing  with  the  pure  boundary,  and  there  is  a  small  increase  of  charge 
density  in  the  bulk  region.  Figure  5  are  contours  of  the  valence  charge  density.  Only  the  left 

half  part  of  the  layer  B  is  shown  due  to 
the  symmetry.  Comparing  figure  5(b) 
with  (a),  it  can  be  noted  that  the  charge 
density  decreases  significantly  near  the 
substituted  Na  atom  E,  and  the  range  of 
the  lower  charge  density  region 
extends  largely  along  the  boundary. 
There  is  an  increase  of  the  charge 
density  between  A!  atoms  in  the  bulk 
region,  especially  along  the 
most-closely -packed  lattice  direction 
of  fee  Al,  i.e.,  [1-10]  direction,  for 
example,  between  G  and  F,  H  and  J. 

The  changes  in  the  charge  density 
distribution  by  Na  segregation  should 
be  due  to  the  following  reasons.  First, 
Al  atom  has  3  valence  electrons  while 
Na  atom  has  one.  The  difference  of  the 
valence  electrons  should  be  the  main 
reason  for  a  decrease  of  the  valence 
charge  in  the  boundary.  Secondly,  the 
boundary  expands  because  of  Na 
segregation,  which  causes  a  further 


Figure  4.  Integrated  valence  charge  density  on 
the  y-z  plane  parallel  to  the  grain  boundary  plane 
(2-21),  in  the  left  half  part  of  the  unit  cell,  (the 
dotted  line:  pure  boundary,  the  solid  line:  Na 
segregation) 
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Figure  5.  Contours  of  the  valence  charge  density  of  the  left  half  part  of  layer  B  in 
unit  cell,  in  which  A1  atoms  are  replaced  by  Na  atoms.  The  interval  of  the  contours 
is  0.004/a.u.  3.  F,  Q  E,H  and  J  correspond  to  the  atoms  marked  in  figure  1.  [1-10] 
and  [001]  indicated  in  the  figure  are  lattice  directions  in  the  grains  that  the  grain 
boundary  is  made  up  of  (a)  no  impurity  (b)  Na  segregation 

decrease  of  charge  density  in  the  boundary.  The  distance  decrease  between  A1  atoms  in  the 
bulk  region  causes  the  charge  density  between  these  A1  atoms  higher  especially  along  [1-10] 
direction.  Thirdly,  the  increase  of  the  charge  density  in  the  bulk  region  of  the  unit  cell  is 
mainly  caused  by  the  contraction  of  A1  layers  due  to  the  boundary  expansion  by  Na 
segregation.  Here  it  should  be  noted  that  the  present  contraction  of  the  bulk  A1  layers  is 
affected  by  the  present  condition  of  the  fixed  cell  size.  The  size  of  x  direction  is  fixed  in 
order  to  save  the  computing  time.  If  the  size  of  x  direction  is  relaxed,  there  will  be  a  charge 
density  increase  only  near  the  boundary  but  not  the  whole  bulk  region. 

CONCLUSIONS 

Na  segregation  in  A1  grain  boundary  causes  the  boundary  expansion  and  the  significant 
decrease  of  valence  charge  density  around  the  impurity  atoms  and  along  the  boundary  plane. 
The  significant  decrease  of  the  valence  charge  in  the  boundary  means  the  formation  of  the 
weak  bonding  region  between  AfNa  atom  at  the  boundary  and  between  grains.  Such  weak 
bond  regions  may  act  as  the  origin  of  the  crack  or  the  preferential  path  of  the  cracks  under 
stress.  This  should  be  the  impurity-promoted  embrittlement  mechanism  by  Na  segregation.  It 
can  be  said  that  this  is  one  kind  of  ‘decohesion  mode?.  However,  as  discussed  above,  there 
are  some  new  features  which  is  quite  different  from  the  previous  examples  of  the 
‘decohesion  model’.  The  low  charge  density  part  is  between  A1  atoms  and  impurity  atoms, 
and  also  between  grains.  It  is  different  from  Losch’s  model,  for  example,  that  the  decohesion 
part  is  between  the  neighbor  metal-metal  atoms  by  the  elements  of  IV,  V  and  VI  groups. 
Further  calculation  of  ‘First  principles  tensile  test’  based  on  Nielsen-Martin  scheme[23]  is 
being  carried  out. 
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ABSTRACT 

Fixed  and  induced  point  dipoles  have  been  implemented  in  the  Ewald  and  Particle-Mesh 
Ewald  (PME)  formalisms.  During  molecular  dynamics  (MD)  the  induced  dipoles  can  be 
propagated  along  with  the  atomic  positions  either  by  iteration  to  self-consistency  at  each 
time  step,  or  by  a  Car-Parrinello  (CP)  technique  using  an  extended  Lagrangian  formalism. 
The  use  of  PME  for  electrostatics  of  fixed  charges  and  induced  dipoles  together  with  a  CP 
treatment  of  dipole  propagation  in  MD  simulations  leads  to  a  cost  overhead  of  only  33% 
above  that  of  MD  simulations  using  standard  PME  with  fixed  charges,  allowing  the  study 
of  polarizability  in  large  macromolecular  systems. 

INTRODUCTION 

Despite  the  unprecedented  growth  of  computer  power  and  algorithms  in  the  last  two 
decades,  the  accurate  simulations  of  biologically  active  macromolecules  remains  a  formidable 
challenge.  The  two  main  problems  are  the  shear  size  of  the  simulations  (hundreds  of  thou¬ 
sands  of  atoms  that  need  to  be  simulated  for  a  few  nanoseconds  at  least)  and  the  limitations 
due  to  the  accuracy  of  the  empirical  force  fields.  In  classical  MD,  the  description  of  the  atoms 
is  based  on  empirical  potentials  that  combine  short-range  n-body  terms,  intermediate-range 
dispersive  van  der  Waals  forces,  and  long-range  electrostatic  interactions. 

Since  quantum  mechanical  approaches  are  prohibitively  expensive  for  relevant  simulations 
of  biological  systems,  quantum  mechanics  (QM)  methods  have  been  combined  with  classical 
molecular  mechanics  (MM)  in  the  so-called  QM/MM  methods  in  order  to  achieve  an  accurate 
quantum  description  of  the  biological  active  part  and  a  computationally  feasible  but  realistic 
description  of  the  rest  of  the  molecule  and  the  solvent.  An  accurate  treatment  of  electrostatics 
is  crucial  for  the  successful  merging  of  QM  and  MM  approaches.  In  fact,  one  of  the  major 
sources  of  errors  in  hybrid  QM/MM  methods  is  due  to  the  presence  of  point  charges  in  the 
QM/MM  interface  and  in  the  MM  region  near  the  interface  [1]. 

Electrostatic  interactions  outside  the  van  der  Waals  surface  of  the  molecule  have  tradi¬ 
tionally  been  modeled  using  an  atomic  point  charge  representation  of  the  molecular  charge 
density.  These  charges  are  usually  obtained  by  optimizing  the  fit  to  the  molecular  electro¬ 
static  potential.  However,  the  error  in  the  electrostatic  interaction  energy,  due  to  the  atomic 
point  charge  approximation,  is  now  known  to  be  significant.  In  fact,  it  has  been  pointed 
out  that  convergence  to  the  quantum  electrostatic  potential  requires  the  inclusion  of  higher 
order  multipoles  — up  to  hexadecapoles,  (i.e.,  the  fourth-order  expansion  of  the  electrostatic 
potential)  at  the  nuclear  positions  [2].  In  addition  to  the  permanent  charge  distribution,  one 
also  has  to  consider  induction  effects  or  polarization,  caused  by  the  distortion  of  the  electron 
distribution  of  a  particle  in  the  electric  field  of  all  its  neighbors.  As  in  the  case  of  permanent 
multipoles,  accurate  intermolecular  interactions  need  high  rank  polarizabilities.  The  method 
of  distributed  multipole  moments  introduced  by  Stone  [3]  gives  a  multipolar  representation 
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of  the  wavefunction  valid  outside  the  van  der  Waals  surface,  where  each  atom  is  assigned  - 
apart  from  a  point  charge  -  a  hierarchy  of  multipolcs  and  polarizabilities.  Currently  many 
groups  are  seeking  to  incorporate  some  form  of  polarization  into  empirical  macromolecular 
force  fields.  Usually  these  attempts  involve  either  re-arrangement  of  point  charges  or  induc¬ 
tion  of  point  dipoles  or  both,  although  some  attempts  in  smaller  systems  include  quadrupolar 
responses.  Ultimately,  the  success  of  these  methods  depends  on  the  availability  of  methods 
for  efficient  evaluation  of  the  new  terms  in  macromolecular  systems. 

In  our  work  [4],  we  have  implemented  the  dipolar  interactions  in  the  Ewald  model  [5] 
and  in  the  PME  method  [6].  Wc  have  also  included  induced  dipoles  via  two  computational 
methods:  the  traditional  iterative  method,  where  the  constitutive  equation  for  the  induced 
dipoles  is  iterated  until  convergence;  and  the  CP  method,  which  is  an  efficient  dynamical 
scheme  where  the  induced  dipoles  are  treated  as  additional  dynamical  variables  [7],  We 
have  compared  the  relative  accuracy  and  efficiency  of  these  methods,  and  studied  the  long¬ 
time  behavior  for  a  system  of  waters  governed  by  a  representative  polarizable  water-water 
potential  (RPOL)  [8]  having  charges  and  induced  dipoles  at  all  three  atomic  sites. 

THEORY 

Suppose  there  are  N  point  charges  qi  and  N  point  dipoles  at  positions  ti,  with  i  = 

1,2,  ...N,  within  the  unit  cell,  with  gi  4-  ^2  + - h  gjv  =  0.  The  edges  of  the  unit  cell  are 

denoted  by  vectors  a^a  =  1,  2,  3,  which  need  not  be  orthogonal.  The  conjugate  reciprocal 
vectors  a;  are  defined  by  the  relations  a^-a^  =  for  a,  0  =  1, 2, 3.  The  charges  and  dipoles 
interact  with  each  other,  and  with  their  periodic  images  at  positions  n  =  niai-|-fj2a2  +  ti3a35 
for  all  such  triples  with  ni,n2,n2  not  all  zero.  The  electrostatic  energy  of  the  unit  cell  is: 


lETEfe  +  Pi-Vi)fe-p,-Vi) 

^  n  i  j 


1 

-  Tj  -h  n' 


(1) 


where  the  prime  in  the  outer  sum  indicates  that  terms  with  i  =  j  and  n  =  0  are  omitted. 

As  in  the  usual  Ewald  or  PME  treatment  of  Coulombic  interactions  under  periodic  bound¬ 
ary  conditions,  this  sum  is  split  into  a  short-range  term  which  is  handled  in  the  direct  sum, 
plus  a  long-range,  smoothly  varying  term,  handled  in  the  reciprocal  sum  by  means  of  Fourier 
methods.  In  molecular  systems,  corrections  arc  introduced  to  account  for  the  “masked  pairs”, 
which  are  atom  pairs  whose  nonbond  interactions  should  not  be  calculated,  since  they  arc 
accounted  for  by  other  terms  in  the  potential.  For  simplicity,  we  will  omit  these  corrections 
in  this  presentation.  Similarly  the  self-energy,  which  is  the  reciprocal  part  of  the  interac¬ 
tions  of  the  charge,  dipole  pairs  with  themselves,  must  be  removed.  The  electrostatic  energy 
can  then  be  w'ritten  as  a  sum  of  three  terms,  the  direct,  the  reciprocal,  and  the  self  terms: 
E  =  Edir  +  Erec  +  Esdj-  These  are  given  by: 


Erec  — 
Edir  ~ 


Egelf  ~ 


1  exp{-7T'^m^/0‘^) 

in' 

^  n  i,;  =  l 


N  N 

+  Pi  •  +  Pj  *  exp(27r2ra  ■ 

i=I j=l 

erfc(/5|rj-ri  +  n') 
jrj-r,-l-n[ 


-rO) 
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where  the  structure  factor  S  (m)  is  given  by: 

N  N 

S'(m)  =  +  pj  •  Vj]  exp(27rim  •  r^)  =  Y^[qj  +  2mpj  •  m]  exp(27rzm  ■  r^)  (3) 

i=:l 

In  these  equations,  the  reciprocal  lattice  vectors  are  defined  by  m  =  mia*  + 17123.2  + 
with  mi,  m2, m3  integers  not  all  zero  and  the  volume  of  the  unit  cell  is  V  =  ai  •  a2  x  aa- 
To  make  the  sum  in  Edir  in  Eq.  (2)  more  tractable,  Smith  [5]  defines  generalized  source 
functions  which  satisfy  a  recursion  relation.  These  functions  are  very  useful  for  the  efficient 
computation  of  higher  order  multipoles  and  the  corresponding  fields  and  forces  [4].  The 
electrostatic  field  and  force  on  atom  i  at  position  r,  are  computed  as  E(ri)  =  —  Vt0(rj)  and 
F(rt)  =  —'ViE{ri)  =  — (g*  +  Pi  •  Vj)Vi<^(ri).  An  important  difference  with  the  monopolar 
case  is  that,  for  non-zero  dipoles,  the  force  is  no  longer  necessarily  parallel  to  the  field.  The 
electric  field  has  a  self  term  or  “self  field”,  given  by  Esei/(r^)  =  {Ap^/3^/7^)pi. 

The  PME  method  [6]  approximates  the  electrostatic  structure  factors  by  replacing  the 
complex  exponentials  appearing  in  the  structure  factor  by  appropriate  linear  combinations 
of  their  values  at  nearby  grid  points.  The  resulting  trigonometric  sums  over  grid  points  can 
be  rapidly  evaluated  by  the  Fast  Fourier  Transform  (FFT).  The  method  uses  Cardinal  B- 
splines  to  interpolate  the  complex  exponentials.  This  leads  to  approximate  structure  factors 
and  hence  approximate  reciprocal  energies  Erec  which  can  be  analytically  differentiated  to 
give  the  reciprocal  forces  and  stress  tensors.  Since  this  method  has  been  described  in  detail 
in  the  literature  [6]  and  the  mathematical  formalism  resulting  from  the  addition  of  dipolar 
interactions  is  somehow  complex,  we  refer  the  reader  to  ref.  [4]  for  mathematical  details. 

Polarization  is  generally  introduced  into  empirical  force  fields  through  inducible  point 
dipoles.  Each  total  dipole  pj  can  be  written  as  the  sum  of  a  permanent  dipole  s^  and  an 
induced  dipole  dj,  pj  =  -f  d,.  The  induced  polarization  is  a  many-body  problem,  where 
the  induced  dipoles  all  depend  on  each  other.  If  is  the  polarizability  of  site  the  induced 
dipole  di  at  position  is  given  by  d*  =  OjEf  =  ai  [e9  -f  •  dy] ,  where  Ef  is 

the  total  electric  field  at  r*,  which  is  the  sum  of  an  “external”  field  (due  to  charges, 
permanent  dipoles  and  any  other  applied  field)  at  r*,  and  an  interaction  field  that  describes, 
through  the  dipole  interaction  tensor  Tjy,  the  net  effect  of  all  the  other  induced  dipoles  dy 
on  dipole  d,.  Since  direct  matrix  inversion  is  too  expensive  for  macromolecular  simulations, 
a  common  approach  is  to  solve  the  equation  iteratively  until  self-consistency  is  achieved  for 
each  time  step.  We  have  implemented  this  approach  for  both  Ewald  and  PME  methods. 
In  our  algorithm,  an  initial  guess  for  the  dipole  i  at  time  t  is  provided  using  a  Taylor’s 
expansion  and  then  iteration  in  the  computation  of  fields  is  applied  until  convergence  in  the 
induced  dipoles  is  achieved.  In  the  simulations  of  water  reported  below,  we  find  that  a  very 
small  tolerance,  of  at  most  10“®D,  is  required  for  energy  conservation.  Once  the  water  is 
equilibrated,  an  average  of  6  iterations  is  necessary  to  achieve  such  a  tolerance. 

As  a  cheaper  alternative  to  the  iteration  procedure,  we  have  implemented  a  Car-Parrinello 
(CP)  method.  The  original  CP  method  [9]  is  used  in  electronic  density-functional  MD,  where 
the  system  is  assumed  to  be  in  its  electronic  ground  state,  while  the  electrons  follow  the 
nuclear  motion  adiabatically.  The  fluctuations  of  the  electronic  density  around  the  minimum 
energy  do  not  exert  a  systematic  drag  force  on  the  nuclei.  The  CP  method  can  be  extended 
to  classical  systems  to  replace  the  expensive  iterative  procedure  by  a  much  more  efficient 
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dynamical  method  [7].  The  method  consists  of  defining  an  extended  Lagrangian,  where  the 
induced  dipoles  are  treated  as  additional  dynamical  variables: 


^  i=\ 


2  ^ 

^  i-i 


N  1  N  |j,|2 

t-1  ^  i-\ 


(4) 


Here,  the  first  two  terms  are  the  kinetic  energy  {Mi  is  the  mass  associated  with  the  dipoles), 
and  the  expression  in  brackets  is  the  electrostatic  potential  energy-  Uoiq^ ,s^)  only  depends 
on  the  N  charges  qi  and  N  permanent  dipoles  Sj  and  the  last  term  represents  the  polarization 
energy.  Application  of  the  Lagrangian  equations  of  motion  leads  to  A/jdi  =  — df/oj  +  Ej’. 
The  object  of  the  CP  scheme  is  to  keep  the  dipoles  near  the  minimum  energy  configuration 
(which  changes  as  the  nuclei  evolve).  Thus  the  dipoles  must  be  at  a  low  temperature  but 
able  to  move  rapidly  to  adjust  to  the  new  minima.  These  conditions  are  met  in  the  limit  of 
zero  dipolar  mass.  In  practice  the  dipole  mass  is  an  adjustable  parameter  of  the  model.  This 
mass  should  be  chosen  low.  For  times  steps  of  1  fs,  we  have  chosen  M  ~  0.3kcal-ps‘^/Debye^. 
Decreasing  the  mass  after  a  certain  value  may  produce  instabilities.  Increasing  the  dipole 
mass  increases  stability,  but  also  increases  the  effective  temperature  of  the  dipoles  and  hence 
the  coupling  with  the  atomic  degrees  of  freedom.  We  have  tested  the  energy  conserv^ation 
of  this  scheme  (see  below^)  and  find  that  a  very  slow  heating,  over  tens  to  hundreds  of 
picoseconds,  appears  inevitable.  Thus  for  production  runs  we  recommend  separately  and 
loosely  coupling  the  dipoles  and  atomic  degrees  of  freedom  to  external  baths. 


RESULTS 

We  have  incorporated  the  algorithmic  formalism  described  in  the  previous  section  into 
the  Sander  module  of  AMBER6  and  tested  the  implementation  with  several  simulations  of 
RPOL  [8]  waters.  We  have  also  utilized  a  number  of  other  polarizable  models  including 
polarizable  DNA  and  proteins  in  water.  The  results  assessing  the  relative  performance  of 
PME  versus  Ewald  and  of  CP  versus  the  self-consistent  iteration  procedure  are  consistent 
with  those  obtained  using  the  other  models  and  thus  appear  generally  applicable. 

The  relative  rate  of  convergence  of  the  direct  and  reciprocal  sums,  E^r  and  depends 
on  the  cutoff  for  the  direct  sum  and  on  the  constant  p.  Increasing  8  speeds  up  the  con¬ 
vergence  of  Edir  and  slows  down  the  convergence  of  Erec-  It  is  customary  to  choose  a  fixed 
/?  independent  of  the  system  size  which  allows  a  fixed  cutoff  (e.g.  9  A)  in  Edir,  thereby 
reducing  its  computation  to  order  N,  This  choice  forces  the  number  of  reciprocal  vectors 
in  the  Ewald  method  to  grow  linearly  with  simulation  cell  volume  (i.e.  as  N)  in  order  to 
meet  the  requirement  on  the  reciprocal  space  tolerance  so  that  the  cost  of  the  Erer  grows  as 
N^.  In  the  PME  method,  however,  the  use  of  3DFFT’s  on  a  grid  reduces  this  calculation  to 
order  Nlog{N).  We  have  carried  out  extensive  accuracy  tests  of  the  PME  method  against 
the  Ewald  method  by  comparing  the  errors  in  the  reciprocal  force,  field  and  energy.  The 
accuracy  of  the  PME  method  depends  on  the  mesh  size  for  the  computation  of  the  3DFFT’s 
and  on  the  order  of  interpolation  p  for  the  B-splines.  For  instance,  after  equilibration  of  a 
38.56  A  cubic  box  of  1916  RPOL  waters  with  a  standard  value  =0.35A"^  and  grid  side  L 
the  relative  root-mean-square  force  errors  were  2.1  x  10“'^  (  L  =  40 A,  p  =  4);  4.4  x  lO"'"  ( 
L  =  40A,  p  =  5);  1.0  x  10“®  (  L  =  40A,  p  =  6);  and  1.2  x  10"®  (  L  =  54A,  p  =  6). 

We  have  investigated  the  energy  conservation  along  an  MD  trajectory  as  a  function  of 
the  method  used  to  calculate  the  induced  dipoles.  A  box  of  size  18.67  A  containing  216 
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waters  was  equilibrated  at  300  K  using  the  iterative  method  for  the  induced  dipoles.  The 
equilibrated  configuration  was  then  taken  as  the  initial  configuration  for  1  ns  microcanonical 
ensemble  simulations  using  the  sander  module  of  AMBER  6.  Figure  1  (left)  shows  the 
results  of  a  series  of  simulations  using  the  PME  method  with  an  (18  A)  ^  grid  and  6th  order 
interpolation.  From  the  figure  it  is  clear  that  a  tight  convergence  (10“^  Debye  or  below)  must 
be  employed  with  the  iterative  method  to  prevent  catastrophic  results  on  the  nanosecond 
timescale.  Even  with  a  tolerance  of  there  is  a  drift  in  the  total  energy,  of  about  4 

kcal  at  the  end  of  the  1  ns  simulation.  Next,  we  assessed  the  results  of  applying  the  CP 
method.  At  the  end  of  the  1  ns  simulation,  time  steps  of  1  fs  and  0.5  fs  produce  an  increase 
in  energy  of  approximately  6.5  and  5  kcal,  respectively.  The  results  were  the  same  for  both 
Ewald  and  PME  methods.  Thus  we  recommend  the  use  of  weak  thermostatting  for  the  CP 
method,  with  separate  thermostats  for  nuclear  and  dipolar  degrees  of  freedom. 

Finally,  we  have  plotted  the  CPU  time  (on  an  SGI  Octane,  225  MHz  RIOOOO,  2MB 
secondary  cache,  128  MB  memory)  required  to  perform  the  Ewald  and  the  PME  calculations 
as  a  function  of  system  size,  which  was  varied  to  keep  a  density  of  0.99  g/crr?  at  300  K.  The 
tolerance  for  the  iterative  method  was  set  at  while  the  mass  of  the  dipoles  in  the  CP 

method  was  0.33.  Figure  1  (right)  shows  the  average  CPU  time  (in  seconds)  needed  for  one 
step  of  a  microcanonical  MD  simulation,  using  the  Sander  module  of  AMBER6.  The  time 
includes  the  cost  of  updating  the  extended  Verlet  list,  as  well  as  that  for  constraining  the 
rigid  water  geometry.  The  CPU  time  for  the  Ewald  method  grows  as  ,  and  therefore  the 
cost  becomes  prohibitive  for  large  systems.  On  the  other  hand,  the  time  needed  for  the  PME 
method  grows  as  N  over  this  range  of  sizes.  Finally,  we  notice  that  the  iterative  method 
is  about  6  times  more  expensive  than  the  CP  method.  The  CP  method  is  1.25-1.30  times 
more  expensive  than  the  PME  method  for  charges  alone.  The  direct  sum,  including  dipoles, 
is  about  1.4  times  more  expensive  than  the  direct  sum  for  charges  alone,  whereas  the  cost 
overhead  of  including  dipoles  in  the  reciprocal  sum  is  negligible. 

CONCLUSIONS 

The  PME  method,  combined  with  a  CP  propagator  using  a  1  fs  time  step  in  MD  was 
able  to  reproduce  the  properties  calculated  by  full  Ewald  summation  with  converged  dipole 
iteration.  The  energy  conservation  for  the  PME-CP  method  was  excellent  over  the  multi 
picosecond  time  scale,  however  a  slow  heating  occurred  on  the  nanosecond  time  scale,  and 
therefore  a  gentle,  separate  thermostatting  of  dipolar  and  nuclear  degrees  of  freedom  is 
recommended.  The  computational  overhead  in  the  PME  method  due  to  the  dipoles  is  mainly 
manifested  in  the  direct  sum,  whereas  there  is  a  negligible  overhead  in  the  reciprocal  sum 
calculation.  Overall  the  calculation  of  electrostatic  energies,  fields  and  forces  due  to  a  system 
of  point  charges  and  dipoles  at  each  atom  costs  about  33%  more  than  that  of  atomic  charges 
alone  at  a  similar  level  of  accuracy.  Since  the  overhead  of  the  CP  propagation  is  negligible,  the 
combination  of  an  PME  treatment  of  electrostatics  and  a  CP  propagation  of  dipoles  allows 
MD  simulations  using  force  fields  that  include  dipole  polarizability  with  only  a  modest  cost 
overhead  over  those  using  a  fixed  atomic  charge  representation  of  the  molecular  electrostatics. 
At  present  we  are  working  on  extending  this  formalism  all  the  way  to  hexadecapoles.  We 
believe  that  this  accurate  treatment  of  electrostatics  will  play  a  crucial  role  for  the  smooth 
merging  of  the  QM  and  MM  regions  in  a  multiscale  approach. 
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Figure  1.  Left:  Total  energy  as  a  function  of  time  in  NVE  simulations  with  the  PME  method. 
Dipoles  are  propagated  by  either  iterating  to  convergence  below  a  tolerance,  or  by  using  the  CP 
method.  Right:  CPU  time  (225MHz  RIOOOO  Iproc)  per  MD  time  step  as  a  function  of  system  size, 
sum,  m,cthod  (PME  or  Ewald),  and  method  of  dipole  propagation  (iteration  to  10“®  Debye  or  CP). 
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ABSTRACT 

The  discontinuous  yielding  of  a  model  material,  which  contains  an  edge  dislocation 
moving  in  the  atmosphere  of  solute  atoms,  is  studied  by  Kinetic  Monte  Carlo  (KMC) 
simulations.  The  stress-strain  curves  for  a  constant  strain  rate  were  obtained  at  different 
temperatures.  The  dislocation  moves  discontinuously,  producing  three  types  of  serrated  yielding 
behavior  at  intermediate  temperatures  for  different  imposed  strain  rates.  Positive  dependence  of 
flow  stress  on  temperature  and  negative  strain  rate  sensitivity  were  observed  in  the  regime  of 
discontinuous  motion.  The  present  model,  though  highly  simplified  and  not  taking  into  account 
the  collective  behaviors  of  dislocations  in  real  materials,  does  exhibit  some  of  the  basic  features 
observed  in  experiments. 

INTRODUCTION 

Discontinuous  yielding,  commonly  referred  to  as  the  Portevin-Le  Chatelier  (PLC)  effect, 
occurs  in  many  dilute  alloys  within  certain  regimes  of  temperature  and  strain  rate.  Such  an  effect, 
characterized  by  temporal  and  spatial  inhomogeneity  in  slip,  has  been  investigated  extensively 
by  both  theoretical  and  experimental  studies  [1-9].  One  of  the  most  successful  theories,  first 
proposed  by  Penning  [1]  and  later  developed  by  Kubin,  Estrin  and  their  coworkers  [2-3], 
explains  the  temporal  inhomogeneity  by  phenomenological  descriptions  of  deformation  with  a 
constitutive  equation.  A  condition  for  temporal  inhomogeneity,  according  to  this  theory,  is  the 
existence  of  negative  strain  rate  sensitivity.  The  physical  mechanisms  of  the  negative  strain  rate 
sensitivity  are  based  on  the  dynamic  interaction  between  diffusing  solute  atoms  and  mobile 
dislocations  that  are  temporarily  arrested  by  localized  obstacles  [6-7].  Later  developments  have 
taken  into  account  the  effect  of  strain  softening  by  using  the  second  derivative  of  local  strain  as 
an  additional  term  in  the  constitutive  equation  [3,8],  and  farther  progress  has  been  made  by 
introducing  a  non-linear  theory  [5,9]. 

In  the  present  paper.  Kinetic  Monte  Carlo  simulation  is  used  to  study  the  motion  of  an 
edge  dislocation  moving  in  a  solute  atmosphere  without  explicit  assumptions  about  strain  rate 
sensitivity,  work  hardening  or  work  softening.  Nor  are  there  strong  localized  obstacles  in  the 
simulation.  The  Monte  Carlo  method  has  been  used  recently  by  Wang  et  al.  [10]  to  study  the 
behavior  of  an  edge  dislocation  interacting  with  solute  atoms  under  a  constant  stress.  We  study  a 
more  relevant  situation,  where  the  net  machine  strain  rate,  consisting  of  elastic  and  plastic 
contributions,  is  kept  constant,  and  the  stress  and  dislocation  velocity  are  both  allowed  to  vary 
under  the  constraint  of  the  constant  net  strain  rate.  The  approach  therefore  mimics  the  usual 
tensile  test.  Although  the  model  is  a  highly  simplified  one,  it  is  shown  to  possess  some  of  the 
basic  features  found  in  experiments. 
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Figure  1.  A  schematic  illustration  of  the 
simulation  system  consisting  of  an  edge 
dislocation  moving  in  a  square  lattice 
containing  solute  atoms.  The  lattice  constant  is 
equal  to  Burgers  vector  h 


The  simulation  system,  Fig.  1,  consists  of  a  two-dimensional  square  lattice,  an  edge 
dislocation  jumping  on  lattice  sites  in  the  a-  direction,  and  solute  atoms  that  move  between  the 
interstitial  sites.  The  Burgers  vector  h  is  equal  to  the  lattice  constant.  A  randomization  procedure 
is  applied,  where  once  a  solute  atom  moves  out  of  the  simulation  box  from  one  side  it  reenters 
randomly  from  the  opposite  side.  This  randomization  process  maintains  a  random  distribution  of 
solute  atoms  outside  the  stress  field  of  the  dislocation. 

The  interaction  between  solute  atoms  and  the  dislocation  is  only  via  the  stress  field  of  the 
dislocation,  giving  an  interaction  energy  [1 1]: 

E.Xx,,y,■,x,,,y,,)  =  ^lh‘p(y,-y„)|[(x,-x„fHy,-y,f'[  (D 

where  //  is  the  shear  modulus,  is  a  dimensionless  constant,  and  {a*,. y,},  {xa,  yd]  arc  the 
coordinates  of  the  ith  solute  atom  and  the  dislocation  respectively.  Thus  the  total  interaction 
energy  between  the  dislocation  and  the  solute  atoms  is: 

Ed  (Xd ,  T  J  =  S  ’  T, ;  A/  >  yp  )  (2) 

where  A^is  the  number  of  solute  atoms  in  the  stress  field  of  the  dislocation.  Under  a  constant 
machine  strain  rate  f„, ,  the  machine  condition  equation  at  time  t  is: 

y„,-t  =  x{t)lfA  +  hrxj{t)  (3) 

where  T{t)  is  the  applied  shear  stress,  Xj{t)  is  the  a  coordinate  of  the  dislocation,  and  Ay  is  the 
plastic  strain  due  to  the  dislocation  jumping  across  one  lattice  site.  The  stress  on  the  dislocation, 
from  equation  (3),  is; 

=  (4) 

A  main  objective  of  this  work  is  to  test  a  major  premise  in  the  literature,  namely  the 
dislocations  must  be  arrested  at  strong  permanent  obstacles  in  order  to  produce  discontinuous 
yielding.  Both  detenninistic  and  probabilistic  modes  of  dislocation  motion  can  be  used,  though 
probabilistic  movement  is  deemed  closer  to  reality.  The  key  element  is  the  effects  of  diffusing 
solute  atoms  on  the  movements  of  dislocations;  the  differences  between  deterministic  and 
probabilistic  modes  would  not  change  the  final  results.  In  this  paper,  the  dislocation  moves  in  the 
X  direction  of  the  lattice  probabilistically.  The  dislocation  jump  probabilities  may  be  calculated 
based  on  several  different  mechanisms  that  would  operate  in  real  systems,  but  their  choice  would 
not  affect  qualitatively  the  conclusions.  For  the  sake  of  simplicity,  we  assume  that  the  dislocation 
moves  through  nucleating  a  double  kink  with  a  critical  width  4 .  The  critical  width  of  the  kink 
pair  depends  on  stress  via  [1 1]: 

4=(8;rr///)-"'A  (5) 
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Thus,  the  rate  of  dislocation  jumping  in  the  direction  of  the  applied  shear  stress  is: 

r,.  exp[^-[(T, -i- A£;]y4rj  (6) 

where  T^  _„  is  the  Peierls-Nabarro  stress,  is  the  attempt  frequency  of  dislocation,  and  is 

the  change  of  interaction  energy  with  solute  atoms  due  to  the  jumping  of  the  dislocation.  This 
equation  implicitly  assumes  that  the  interstitial  sites  along  dislocation  line  are  not  completely 
segregated  by  solute  atoms.  In  order  to  prevent  equation  (5)  from  diverging  at  low  stresses,  we 
assume  a  maximum  value  for  ^  at  20Z),  a  reasonable  value  for  low  stress  condition  [11]. 
Similarly,  the  jumping  rate  of  dislocation  against  the  applied  shear  stress  is: 

r,_  exp|^-[(T, +  j  (7) 

Following  the  standard  Monte  Carlo  n-fold  way  procedure  [13]  (also  known  as  the  residence 
time  algorithm),  the  average  time  for  dislocation  to  make  a  successful  jump  is: 

A/,  =i/(r,,+r,_)  (8) 

The  solute  atoms  are  allowed  to  move  in  four  directions.  Let  AE'  be  the  energy  change 
for  the yth  solute  atom  jumping  one  step  in  the  zth  direction.  The  jumping  rate  in  that  direction  is: 

r;=L.exp|^-(a-i-A£;)y4rj  (9) 

where  is  the  activation  energy  for  the  diffusion  of  solute  atoms,  and  is  the  attempt 
frequency  of  solute  atoms.  Therefore,  the  average  time  for  solute  atoms  to  make  one  successful 
jump  is: 

A(„  =i/ii  r;  (10) 

M  /=i 

The  simulation  is  organized  as  follows:  First,  A^  and  At^  are  calculated  from  the 
jumping  rates  of  solute  atoms  and  the  dislocation;  and  tj  are  respectively  the  sums  of  the  time 
taken  by  successful  dislocation  jumps  and  solute  atoms  jumps.  Second,  if  L,  +  At„  <  +  A^^  ,  a 

solute  atom,  selected  by  the  residence  time  algorithm,  makes  a  jump,  and  then  ?  =  ,  with  t 

being  the  system  time;  or  if  C  +  » the  dislocation  makes  one  jump,  and  t  = 

Third,  dislocation  coordinate  Xj  {t) ,  system  time  t  and  equation  (4)  are  used  to  calculate  the 
shear  stress  t  ,  then  return  to  first  step. 

Before  imposing  a  constant  strain  rate,  the  system  is  annealed  at  the  test  temperature  to 
allow  a  full  relaxation  and  formation  of  a  solute  atom  atmosphere.  All  the  simulation  results  are 
obtained  for  //^^=7.8eF',  „  =5xlO-V,  y^  =  0.071,  Q,  =0.5eF,  v,  =  10*^5“',  and 

=  10“^  S'”' .  These  parameters,  though  reasonable,  are  not  meant  to  represent  a  particular 
material. 

RESULTS 

A  stress-strain  curve  with  discontinuous  yielding  is  shown  in  Fig.  2.  We  define  point  A 
and  B  as  upper  and  lower  yielding  points  respectively.  Since  there  is  no  overall  work  hardening 
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mechanism  in  the  simulation,  we  define  the  flow  stress  as  the  average  stress  after  the  lower 
yielding  point. 

The  effects  of  temperature  on  stress-strain  curves  at  a  constant  strain  rate  are  shown  in 
Fig,  3.  At  low  and  high  ends  of  the  temperature  range  studied,  the  stress-strain  curves  are  smooth 
after  the  yielding  point.  But  at  intermediate  temperatures,  discontinuous  yielding  occurs  as 
manifested  by  serrated  stress-strain  curves.  As  shown  in  Fig.  3,  three  types  of  serration  can  be 
distinguished.  We  make  use  of  the  traditional  taxonomy  of  PLC  bands  that  classifies  them  into 
types  A,  B  andC  [13]. 
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Figure  2.  A  stress-strain  curve  with  serration  =10  '  ’'5  ' ,  T=344  k) 


Figure  3.  Stress  strain  curves  at  different  temperatures  ( 7^  =  1 0  ^5  ' ).  The  offset  of  the  curves 
in  the  ordinate  direction  is  70%. 


Figure  4.  Temperature  and  strain  rate  dependence  of  the  flow  stress.  The  domain  of  abnormal 
flow  stress  is  identical  with  that  of  negative  strain  rate  sensitivity.  The  offset  of  curves  in  the 
ordinate  direction  is  100%. 


As  shown  in  Fig.  4,  besides  the  three  types  of  serration,  positive  temperature  dependence 
of  flow  stresses  and  negative  strain  rate  sensitivities  are  also  found  in  the  strain  rate  and 
temperature  regimes  where  Type-B  serration  occurs.  The  region  with  abnormal  flow  stress, 
which  is  identical  with  that  of  negative  strain  rate  sensitivity  in  temperature  and  strain  rate 
domains,  shifts  to  higher  strain  rate  with  increasing  temperature. 

Compared  with  experimental  data  [13],  some  of  the  basic  features  of  serrated  yielding  in 
experiments  are  exhibited  by  the  present  simple  model.  The  usual  explanation  for  the 
experimentally  observed  serrated  yielding  relies  on  the  presence  of  both  diffusing  solute  atoms 
and  permanent  obstacles,  such  as  particles  or  forest  dislocations  [6-7].  The  role  of  the  permanent 
obstacles  is  to  temporarily  arrest  the  dislocation  in  order  for  the  solute  atoms  to  diffuse  back  to 
the  dislocation  and  pin  the  dislocation.  The  present  simple  model  contains  diffusing  solute 
atoms,  but  there  are  no  strong  obstacles  to  the  dislocation.  The  simulation  results  show  that  the 
motion  of  an  edge  dislocation  in  the  presence  of  fast  diffusing  solute  atoms  is  intrinsically 
discontinuous. 

An  advantage  offered  by  the  present  simple  model  is  that  the  plastic  strain  rate  can  be 
directly  correlated  with  the  motion  of  the  dislocation.  The  stress-strain  curves  in  Fig.  3,  including 
the  three  types  of  serration,  can  be  understood  on  the  basis  of  the  machine  equation  (4). 
According  to  equation  (4),  the  rises  and  falls  of  the  stress  result  from  the  plastic  strain  relative  to 
the  imposed  constant  machine  strain  rate.  The  stress  on  the  dislocation  drops  when  the  plastic 
strain  rate  due  to  dislocation  motion  is  greater  than  the  machine  strain  rate.  If  the  plastic  strain 
rate  due  to  dislocation  motion  is  less  than  the  machine  strain  rate,  the  stress  increases.  If  the 
dislocation  is  stationary,  the  stress  increases  linearly  with  a  gradient  equal  to  the  shear  modulus. 
When  the  plastic  strain-rate  due  to  dislocation  motion  is  equal  to  the  machine  rate,  the  stress  is 
constant. 

As  shown  in  Type-B  serration  in  Fig.  3,  one  stress  peak  follows  another  immediately, 
meaning  that  the  dislocation  switches  between  total  stoppage  and  fast  motion.  While  in  Type- A, 
the  peaks  are  separated  by  regions  where  the  stress  is  constant,  meaning  that  the  dislocation 
moves  at  a  constant  speed  (equal  to  the  imposed  machine  rate)  between  the  switches.  When  the 
temperature  is  increased,  the  region  of  constant  stress  in  Type-A  becomes  progressively  shorter, 
leading  to  Type-B  when  the  regions  of  constant  stress  disappear  completely.  This  shows  that  at 
low  temperatures,  where  type-A  serration  occurs,  the  dislocation  first  slows  down  to  and  moves 
at  the  velocity  imposed  by  machine  rate  before  it  is  pinned  by  the  solute  atoms.  With  increasing 
temperature,  where  Type-B  occurs,  the  dislocation  is  captured  by  solute  atoms  before  it  slows 
down  to  the  velocity  imposed  by  machine  rate.  Therefore,  the  occurrence  of  types  A  and  B 
serration  and  their  mutual  transition  with  temperature  change  are  consistent  with  the  effect  of 
temperature  on  the  diffusion  of  solute  atoms.  At  the  temperature  region  of  Type-B  serration,  the 
higher  the  temperature  the  earlier  the  dislocation  is  captured  by  the  solute  atoms.  So,  the  stress- 
strain  curve  will  be  shifted  up  by  increasing  temperature,  leading  to  a  flow  stress  that  increases 
with  increasing  temperature  in  serration  B. 

The  uphill  slop  of  the  stress-strain  curves  with  Type-C  serration  is  less  than  the  shear 
modulus,  meaning,  according  to  equation  (4),  the  dislocation  begins  to  move  before  it  is  fully 
released  from  the  solute  atmosphere.  This  is  due  to  the  high  mobility  of  solute  atom  at  high 
temperatures.  At  still  higher  temperatures  when  the  thermal  energy  is  comparable  with  the 
binding  energy  between  solute  atoms  and  the  dislocation,  a  stable  atom  atmosphere  can  no 
longer  exist,  and  then  serration  C  disappears  from  stress-strain  curves. 
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As  shown  above,  the  temporal  inhomogencity  can  be  studied  by  the  present  simple 
model.  Some  of  the  experimental  features  can  in  this  model  be  accounted  for  by  the  simple 
process  of  dislocation  breaking  away  from,  and  recaptured  by,  the  solute  atoms  without 
involving  strong  permanent  obstacles.  It  is  obvious  that  the  present  simulation  is  unable  to  take 
into  account  the  collective  dislocation  phenomena  that  lead  to  the  formation  of  strain  localization 
and  PLC  bands.  However,  the  types  of  serration  obtained  within  the  present  simulation  bear 
some  analogy  with  the  types  of  PLC  bands  found  in  bulk  specimens.  The  reason  for  this  is 
simply  that  if  the  motion  of  dislocations  is  strongly  correlated  in  time,  the  collective  behavior 
may  look  like  that  of  a  single  ‘super-dislocation’.  The  situation  corresponding  to  spatial 
inhomogeneity  or  strain  localization  has  also  been  studied  by  introducing  more  dislocations  into 
the  simulation  system.  Preliminary  results,  to  be  presented  in  a  future  paper,  show  that,  in  the 
temperature  and  strain  rate  regime  of  serrated  yielding,  only  one  of  the  multiple  dislocations 
present  moves  at  a  given  time. 

CONCLUSIONS 

The  motion  of  a  single  edge  dislocation  in  the  presence  of  diffusing  solute  atoms  under 
the  constraint  of  a  constant  machine  strain-rate  is  intrinsically  discontinuous.  This  result  is  shown 
in  this  work  by  Kinetic  Monte  Carlo  simulations  of  a  simple  system  without  strong  local 
obstacles.  With  increasing  temperature  three  types  of  serration  are  observed  on  stress-strain 
curves.  Negative  strain  rate  sensitivity  and  positive  temperature  dependence  of  flow  stress  were 
found  in  the  regime  of  discontinuous  flow. 
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ABSTRACT 

The  effect  of  crystal  orientation  on  the  discontinuous  deformation  and  coarse  slip  bands  in 
aluminum  single  crystals  has  been  investigated  by  finite  element  simulation.  The  numerical 
analysis  is  based  on  a  rate-dependent  crystal  plasticity  model  recently  formulated  by  us  with 
modifications  made  here  that  explicitly  accounts  for  the  three  strain  hardening  stages  and  the 
effect  of  the  interaction  of  dislocations  and  alloying  elements  on  setting  the  hardening  rules  on  the 
individual  slip  systems  of  the  aluminum  alloy  crystal.  The  dependence  of  the  magnitude  of  the 
serrations  of  tensile  stress-strain  curves  on  orientation  and  its  evolution  over  the  three  strain 
hardening  stages  of  Al-0.3%Mg  single  crystals  observed  experimentally  has  been  successfully 
explained  in  this  investigation. 

INTRODUCTION 

Plastic  deformation  in  crystals  is  inherently  nonuniform  in  a  microscopic  sense.  It  is  common 
for  plastic  flow  in  crystals  deformed  to  finite  plastic  strains  to  become  localized  macro  scop  ically 
also  in  the  form  of  a  shear  band.  Such  local  deformations  influence  the  mechanical  properties 
and  lead  to  poor  surface  finishing. 

Various  experiments  have  been  carried  out  on  different  materials  in  an  attempt  to  explore 
the  relation  between  the  characteristics  of  moving  deformation  band  and  the  experimental 
conditions  and  material  properties.  Propagating  deformation  bands  on  specimen  surfaces  and 
serrations  in  the  force-displacement  curves  were  observed  in  steel  and  aluminum  alloys  [1,2]. 
Estrin  and  Kubin  investigated  discontinuous  yielding  and  the  propagation  of  bands  of  localized 
plastic  strain  (the  Portevin-Le  Chatelier  effect).  It  is  accepted  that  PLC  effect  is  consequence  of 
dynamic  strain  ageing  (DSA)  [3].  An  increase  in  the  flow  stress  is  caused  by  the  local 
concentration  of  solute  atoms  at  temporarily  arrested  dislocations. 

A  high  accuracy  whole-field  strain  measurement  technique  was  developed  to  directly 
measure  the  whole-field  localized  deformation  band  patterns  of  the  aluminum  sheet  metals 
during  uniaxial  tensile  test  [4].  A  crystal  plasticity  model  [5]  and  a  dynamic  strain-aging  model 
[3]  were  recently  combined  to  account  for  the  interaction  between  solute  atoms  and  mobile 
dislocations  on  crystal  slips  in  a  continuum  perspective  [6]  to  explain  the  formation  of  the  coarse 
slip  bands  in  aluminum  alloys.  As  a  continuation  of  our  constitutive  modeling  and  finite  element 
simulation  efforts,  the  model  has  been  further  modified  here  in  terms  of  two  important  aspects: 
namely,  the  dynamic  strain  aging  effect  on  each  individual  slip  system  and  the  three  strain 
hardening  stages  are  explicitly  incorporated  for  Al-Mg  crystals.  A  summary  of  the  modified 
crystal  plasticity  model  is  given  and  numerical  simulation  results  of  the  serrated  plastic  flows  of 
single  crystals  of  Al-Mg  alloys  are  discussed  and  compared  with  experimental  observation  [8]  in 
this  paper. 
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CONSTITUTIVE  EQUATIONS 


The  corotational  Cauchy  stress  rate  on  axes  rotating  with  the  material  is  given  by 

c  =  C:D‘'-<r(l:D^)+<y(w-W‘)-(w-W‘)o  (1) 

where  C  is  the  tensor  of  elastic  moduli,  I  is  the  identity  tensor,  D*’  is  the  elastic  stretching  rate, 
and  W,  arc  the  total  and  clastic  spins,  respectively  [5], 


We  assume  that  there  are  N  slip  systems  in  a  single  crystalline  solid.  Based  on  the  Schmid 
law,  the  slipping  rate  y"  of  the  a  slip  system  in  the  rate  dependent  solid  is  determined  by  the 

corresponding  resolved  shear  stress  in  the  reference  configuration,  ,  and  dislocation-solute 
interaction  as 


(2) 


where  the  constant  is  the  reference  strain  rate,  g"  is  the  yield  strength  of  slip  system  a  ,  and 
P  is  a  function  describing  the  effect  of  point  defects  on  the  motion  of  dislocations  in  the  slip 
system  a .  Cf  is  the  solute  concentration  on  the  mobile  dislocations  in  the  slip  system  a  (the 
same  solute  concentration  that  is  the  sum  of  the  solute  concentration  on  all  active  slip  systems  is 
used  in  our  previous  crystal  plasticity  model,  see  [6]).  We  assume  an  Arrhenius  equation  for  the 
expression  of  /*(c" )  to  describe  plastic  flow  resulting  from  thermally  activated  dislocation 


motion,  i.e. 


Aw(rf ) 


F(c;)=e“  (3) 

where  h{c^  )  is  the  activation  enthalpy  for  dislocation  motion.  Using  Taylor  expansion  for  AH  , 
the  resolved  shear  stress  can  be  expressed  as 


In 


=  — In 
n 


n 


(4) 


where  1  /  «  is  the  conventional  strain  rate  sensitivity  associated  with  the  localized  obstacles 
(always  positive),  and  is  a  coefficient  characterizing  the  strength  of  the  dislocation-solute 
interaction. 


Unlike  our  previous  crystal  plasticity  model  formulation  that  assumes  isotropic  hardening 
behavior  similar  to  a  stage  III  strain  hardening  in  single  crystals  [6],  the  strain  hardening  is  here 
charaeterized  by  the  anisotropic  evolution  of  the  strength  g°  through  the  incremental  relation; 

(5) 

where  are  the  slip  hardening  moduli.  To  describe  the  three-stage  hardening  of  single 
crystalline  materials  we  use 
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Ka  =  |(^o  -/fjsech'  +/j,|G(r^;y3  ^  a),  (no 


sum  on  Cf )  (6) 


where  Tq  is  the  initial  yield  strength,  is  the  Stage  I  stress,  is  the  hardening  modulus  just 
after  initial  yield,  is  the  hardening  modulus  during  easy  glide  and  f"  =  •  G  is 

associated  with  interactive  (cross)  slip  hardening  and  given  by 

G(y^;y9?^a)=l  +  5^/„^tanh(f^/j'o)  (8) 

where  is  the  amount  of  slip  after  which  the  interaction  between  slip  systems  reaches  the  peak 
strength  and  represents  the  magnitude  of  the  strength  of  a  particular  slip  interaction.  In 

general,  the  hardening  modulus  during  Stage  I  easy  glide  is  distinct  from  that  in  Stage  III,  and  we 
assume 

K  =  l‘l  +K'"  -A/)lanh(f/ro")  W 

where  y  =  ^y‘^  and  y^^  is  approximately  the  accumulated  slip  at  the  onset  of  Stage  HI.  [5] 


The  solute  concentration  at  temporarily  arrested  dislocations  is  related  to  the  aging  time 
on  a  slip  system  by  the  equation  including  saturation: 


Cr=C,„-C,„e^^^  ,  (10) 

where  t ,  a  characteristic  time,  is  assumed  to  be  r  =  ^  [3].  C„,  is  the  maximum  solute 

KD 

concentration,  Cq  is  the  nominal  solute  concentration  a  long  way  from  the  dislocation.  It  follows 
from  the  Orowan  equation  relating  the  plastic  strain  rate  to  the  average  velocity  and  the  density 
of  mobile  dislocations  that  the  waiting  time  for  a  dislocation  to  be  unpinned  is  inversely 
proportional  to  the  plastic  strain  rate  [7]: 

bp:x_c,p:,i^ 

where  p"  is  the  density  of  mobile  dislocations  on  the  a  slip  system,  p"  is  the  density  of  forest 
dislocations,  and  3c  is  the  average  distance  moved  by  a  dislocation.  We  assume  that  p“  f" 

and  p“  ^  f  ^  .  Instead  of  using  an  aging  time  and  a  waiting  time  defined  as  an  average  over 

P*a 

all  active  slip  systems  [6],  individual  aging  times  and  waiting  times  are  introduced  in  the  current 
model  formulation  for  each  active  slip  system.  The  solute  concentration  is  a  growing  function  of 
the  waiting  time  that  is  the  average  time  a  dislocation  spends  at  a  localized  obstacle  to  its  glide. 
An  increase  in  strain  rate  reduces  the  solute  concentration  to  lead  to  a  negative  strain  rate 
sensitivity  of  the  flow  stress,  which  gives  rise  to  discontinuous  yielding  and  coarse  slip  bands.  In 
the  numerical  simulation  we  assumed  ■ 
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NUMERICAL  INTEGRATION 

The  tangent  modulus  method  for  rate  dependent  solid  is  used  in  our  numerical  integration 
scheme.  The  increment  of  plastic  strain  in  slip  system  a  within  the  time  increment  At  is  given 
by 

Ar =A4(i-e)fr+0’“i,J  (12) 

where  the  subscript  is  the  time  at  which  the  slipping  rate  is  evaluated.  The  parameter  0  ranges 
from  0  to  1 .  Approximating  slipping  rate  at  time  t  +  Af  by  Taylor  expansion  at  time  t ,  wc  can 
get  the  following  incremental  relation: 

Ar=  a1  f‘  +  At- +  Ag-  +  Acf  1  ( 1 3) 

or  ^  dg  ^  dC,  ^ 

The  increments  Ar" ,  Ag® ,  and  ACf  are  functions  of  A)'® .  Then  the  above  equation  is  solved 
for  Aj^®  by  writing  a  user  defined  material  model  (UMAT)  for  the  finite  element  code 
ABAQUS/Standard. 

NUMERICAL  RESULTS 


The  effect  of  crystal  orientation  on  the  discontinuous  deformation  in  aluminum  single 
crystals  has  been  investigated  by  finite  element  simulation.  Tabata  et  al.  [8]  reported 
experimental  results  on  the  evolution  of  serrated  plastic  flows  using  Al-0.3%Mg  single  crystals 
with  three  various  tensile  axes.  Three  different  tensile  axes  similar  to  the  ones  used  in  their 
experiments  (see  Fig.l  in  [8])  were  examined  for  the  single  crystal  bar  in  the  finite  element 
simulation.  The  global  strain  rate  was  0.1  X 1 0”^  s'’ .  The  numerical  parameters  are  listed  in  Tabic 
1.  For  the  values  of  f^p  of  FCC  crystals,  refer  to  Table  II  in  [5].  One  three-dimensional  20-node 
element  was  used.  Stress-strain  curves  are  shown  in  Figs.  1,  2  and  3  for  the  three  different 
uniaxial  loading  axes:  multiple-,  double-  and  single-slip  orientations  respectively.  The  magnitude 
of  the  serration  increases  with  increasing  strain  up  to  the  end  of  stage  II  and  then  decreases  in 
stage  III  to  a  roughly  steady-state  level  in  all  specimens  irrespective  of  specimen  orientation. 
These  results  agree  well  with  the  experimental  observ^ations  (for  details,  sec  the  Fig. 2,  Fig.4  and 
Fig.6  in  [8],  respectively). 


The  magnitude  of  the  serration  decreases  for  large  strain  (stage  III)  because  the  dynamic 
strain  aging  effect  is  not  strong  at  the  large  strain  for  the  value  of  the  material  parameters  in  the 
simulations.  Large  serration  is  observed  in  stage  II  because  many  slip  systems  are  activated  at  the 
same  time  so  that  the  dynamic  strain  aging  effects  are  superposed.  That  is,  in  the  framework  of 
our  crystal  plasticity  modeling,  if  there  are  m  active  slip  systems  in  two-dimensional  symmetric 
loading  with  the  symmetry  angle  (f) ,  then  the  tensile  stress  is  related  to  the  deformation  rate  /),, 
by 


2g  ^  wfl„{sin2^)''''V^^"'*^ 


(14) 
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where  elastic  deformations  are  neglected  and  the  same  yield  strength  g  and  activation  enthalpy 
AH  are  assumed  for  all  active  slip  systems.  Defining  df  =  as  a  new  reference  strain  rate 
for  an  effective  slip  system,  the  activation  enthalpy  increases  as  the  number  of  the  active  slip 
^  systems,  m  ,  increases  for  the  same  deformation  rate,  D^^ ,  and  Large  activation  enthalpy 

will  cause  bigger  serration. 

CONCLUSIONS 

A  dynamic  strain  aging  crystal  plasticity  model  has  been  modified  to  incorporate  explicitly 
the  effect  of  the  interaction  between  solute  atoms  and  mobile  dislocations  on  each  individual  slip 
system  and  the  three  stages  of  anisotropic  strain  hardening  for  an  Al-Mg  crystal.  Tensile  stress- 
strain  curves  were  obtained  by  finite  element  simulations  for  three  different  tensile  loading  axes 
with  respect  to  the  crystal  orientation.  The  dependence  of  magnitude  of  serrations  in  stages  I,  n 
and  III  of  strain  hardening  of  the  crystals  found  in  the  simulations  agreed  with  experimental 
observation.  The  results  of  this  investigation  indicate  that  the  formation  of  coarse  slip  bands  on 
the  crystal  surfaces  can  be  explained  consistently  in  terms  of  dynamic  strain  aging. 
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Table  1:  Numerical  parameters  of  single  crystalline  aluminum. 


Parameter 

Value 

Parameter 

Value 

Young’s  modulus 

69  GPa 

y? 

800.0 

Poisson’s  ratio 

0.3 

KD 

4.0 

K 

0.1  GPa 

0.03 

K 

2.0  MPa 

Co 

0.00095 

hi" 

0.2  MPa 

n 

0.001 

u 

6.1  MPa 

ri" 

0.3 

6.0  MPa 

0 

d 

0.0001 

n 

30 

e 

0.5 

N 

12 
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Figure  1 :  Computed  stress-strain  curve  for  Figure  2:  Computed  stress-strain  curve  for 

multiple-slip.  The  tensile  axis  is  along  [111].  double-slip.  The  tensile  axis  is  along  [112]. 


Figure  3:  Computed  stress-strain  curve  for 
single-slip  orientation.  The  tensile  axis  is 
along  [632]. 


STRAIN  no 

Figure  4:  Experimental  stress-strain  curve 
for  single-slip  orientation.  Picture  is  taken 
from  reference  [8], 
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ABSTRACT 

To  understand  how'  dislocations  form  ordered  structures  during  the  deformation  of  metals, 
we  perform  computer  simulation  studies  of  the  dynamics  and  patterning  of  screw  dislocations  in 
two  dimensions.  The  simulation  is  carried  out  using  an  idealized  atomistic  model  with  anti-plane 
displacements  only;  we  show  that  this  system  is  an  analog  of  the  two-dimensional  XY  rotor 
model.  Simulation  smdies  show  that  under  a  constant  applied  shear  strain  rate,  the  flow  of 
dislocations  spontaneously  coalesces  to  form  narrow  dislocation-rich  channels  separated  by  wide 
dislocation-free  regions,  so  that  the  applied  strain  is  localized  into  slip  bands.  We  argue  that  this 
pattern  formation  represents  a  phase  separation  into  low/high  defect  density  phases  associated 
with  the  XY  model,  and  conjecture  that  thermodynamic  forces  drive  strain  localization. 

INTRODUCTION 

Much  research  and  indeed  much  of  the  work  presented  in  this  symposium  have  been 
directed  at  understanding  the  evolution  of  dislocation  microstructures  and  the  mechanical 
response  of  metals.  While  many  insights  can  be  found  from  mesoscale  models,  the  problem 
remains  essentially  unsolved:  the  elastic-plastic  response  of  metals  under  arbitrary  temperature 
and  deformation  history  remains  impossible  to  predict  from  first  principles.  Many  researchers 
treat  dislocation  dynamics  and  patterning  as  a  complex  non-equilibrium  reaction-diffusion 
process  and  focus  on  enumerating  the  list  of  potential  dislocation  reactions,  sometimes  relying  on 
atomistic  simulation  to  extract  rules  and  parameters  for  use  in  mesoscale  simulations. 

Here  we  take  a  rather  different  approach,  and  study  the  dynamics  and  patterning  of  screw 
dislocations  under  a  constant  applied  shear  strain  rate  in  two  dimensions,  using  a  simplified 
atomistic  simulation.  Although  the  2-d  geometry  neglects  dislocation  entanglement  and  a  host  of 
other  3-d  phenomena,  the  simulation  shows  formation  of  slip  bands  with  a  spacing  that  depends 
on  the  shear  strain  rate,  We  map  the  atomistic  model  onto  a  statistical  physics  model,  the  XY 
rotor  model,  to  gain  insight  into  the  thermodynamic  forces  that  drive  the  localization  of  strain. 
By  understanding  the  mechanisms  for  strain  localization  in  this  highly  idealized  2-d  system,  we 
hope  to  make  progress  toward  a  solution  of  the  more  complex  3-d  problem. 

MODEL 

Consider  a  simple  cubic  lattice  of  particles,  where  each  vertical  column  moves  as  a  unit  and 
can  be  displaced  only  along  the  column  axis,  as  shown  in  Fig.  1(a).  This  system  can  contain 
straight  parallel  screw  dislocations,  as  shown  in  Fig.  1(b),  but  cannot  contain  edge  dislocations, 
as  there  are  no  in-plane  displacements.  The  deformation  can  be  represented  as  a  scalar  field 
z(x,y). 
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Fig.  1  (a)  Displacement  Zi  of  each 
column  is  a  dynamic  variable. 

(b)  Straight  screw  dislocations  are 
allowed  in  this  restricted  geometr)\ 
but  no  edge  dislocations. 

(c)  Driving  boundary  conditions 
maintain  constant  shear  strain  rate. 


Neglecting  any  surface  effects,  the  Hamiltonian  (per  unit  length)  of  this  system  is: 


Here  z,  is  the  out-of-plane  displacement  of  column  /,  K  is  an  energy  per  unit  length  (closely 
related  to  the  unstable  stacking  energy),  Oo  is  the  lattice  spacing,  ?u  is  the  mass  per  unit  length  of 
each  column,  and  the  first  sum  is  over  nearest  neighbor  columns  <i,j>.  The  cosine  term 
represents  the  energy  per  unit  length  associated  with  each  pair  of  neighboring  columns  as  they 
slide  in  and  out  of  registry  with  one  another,  with  an  energy  barrier  of  2K  to  cross  from  one 
local  energy  minimum  to  the  next.  The  second  term  represents  the  kinetic  energy  per  unit  length 
associated  with  the  motion  of  the  columns. 

Deterministic  equations  of  motion  are  derived  from  the  Hamiltonian,  just  as  in  classical 
molecular  dynamics  (MD)  simulations,  and  are  integrated  forward  in  time  with  a  finite  time  step. 
Typical  system  size  studied  is  1,000  x  200  and  simulations  are  run  up  to  2  x  10^  discrete  time 
steps,  for  total  duration  of  lO^r^-  Here =  Oo  lO  '^  sec  is  the  natural  time  unit. 

We  use  this  model  to  study  the  homogeneous  nucleation,  motion,  and  pattern  formation  of 

screw  dislocations  under  a  constant  shear  strain  rate  e  at  temperature  T.  In  the  initial  conditions, 
each  column  starts  with  zero  displacement  and  a  small  randomized  z-velocity  appropriate  for  the 
chosen  temperature.  A  velocity  gradient  is  then  superimposed  along  the  x  direction  as  shoum  in 
Fig.  1(c).  Periodic  boundary  conditions  arc  applied  with  a  z-offset  across  the  boundary  in  the  x 
direction.  The  offset  increases  linearly  with  time,  and  this  “driving”  boundary  condition 

maintains  the  total  shear  strain  rate  e  at  a  fixed  value.  Regular  periodic  boundary  conditions  are 
used  in  the  y-direction.  The  driving  boundary  conditions  do  work  on  the  system,  so  a  thermostat 
algorithm  is  used  to  maintain  constant  T. 

To  make  the  model  more  realistic,  the  cosine  term  in  Eqn.  1  could  be  replaced  with  an 
appropriate  Embedded  Atom  Method  potential,  and  a  slice  of  a  suitably  oriented  FCC  lattice 
could  replace  the  square  lattice.  However  the  highly  idealized  version  of  the  model  is  of 
particular  interest  because  of  its  close  analogy  to  the  XY  rotor  model.  The  2-d  XY  rotor  model 
consists  of  a  lattice  of  spins  as  shown  in  Fig.  2.  Each  spin  lies  in  the  x-y  plane  and  has  an  angular 
orientation  0,  with  respect  to  the  x  axis,  with  0  <  9,  <  2k.  The  Hamiltonian  is: 

(2) 

Here  J  is  the  (positive)  exchange  coefficient,  and  I  is  the  moment  of  inertia  of  each  spin,  treated 
as  a  rigid  rotor. 
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Fig.  2:  (a)  Positive  vortex,  analog 
of  a  positive  screw  dislocation,  (b) 
The  XY  rotor  model  under 
“twisting”  boundary  conditions, 
analogous  to  the  applied  shear 
strain  shown  in  Fig.  1(c). 
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The  mapping  between  the  two  models  involves  the  transformation,  0,-  =  271  z,  /ao.  A  screw 
dislocation  in  the  atomistic  model  maps  to  a  vortex  in  the  XY  rotor  model,  as  shown  in  Fig.  2(a). 
Applied  shear  strain  in  the  crystal  is  analogous  to  applied  twist  in  the  XY  rotor  model,  shown  in 
Fig.  2(b).  The  sign  and  “charge”  of  a  vortex  can  be  calculated  by  making  the  equivalent  of  a 
Burgers  circuit  around  the  defect  core.  Tf  the  result  is  +/-271,  the  vortex  is  positive/negative, 
respectively.  If  the  result  is  0,  there  is  no  defect.  See  Chaiken  and  Lubensky  [1]  for  a  detailed 
discussion  of  topological  defects  in  the  XY  model. 

The  XY  model  in  2-d  lacks  true  long-range  order  at  low  temperature  due  to  thermal 
fluctuations.  The  system  has  only  a  small  density  of  thermally  activated  vortices,  and  these  are 
bound  in  closely-spaced  pairs.  At  a  critical  temperature  of  approximately  A:a7X/=0.89,  the 
system  undergoes  a  phase  transition,  known  as  the  Kosterlitz-Thouless  (K-T)  transition  [2].  This 
is  a  second-order  melting  transition  that  occurs  via  cooperative  homogeneous  nucleation  and 
unbinding  of  vortex  dipoles.  The  high  T  phase  has  a  high  density  of  unbound  vortices. 

The  addition  of  driving  boundary  conditions  changes  the  phase  behavior  of  the  XY  rotor 
model,  because  stress  drives  the  nucleation  and  unbinding  of  vortex  pairs  even  at  low 
temperature.  Reduction  of  the  effective  transition  temperature  due  to  stress  was  predicted 
theoretically  by  Khantha  et  al  [3]  in  their  theory  of  the  ductile-brittle  transition.  We  find  that  the 
critical  temperature  for  defect  nucleation  drops  linearly  with  increasing  stress  [4]  in  agreement 
with  their  predictions. 


RESULTS 


We  carry  out  simulations  at  T=0.2,  well  below  the  K-T  transition,  with  the  system  initially 
vortex-ffee.  The  shear  strain  rate  is  applied,  and  at  a  critical  value  of  the  stress,  dislocation  pairs 
nucleate  and  unbind  in  roughly  constant  density,  as  shown  in  Fig.  3(a).  Positive  and  negative 
screw  dislocations  are  driven  in  opposite  directions  by  the  stress  and  undergo  more  or  less 
constant  motion,  with  frequent  nucleation/annihilation,  and  the  structure  is  in  continuous 
evolution.  Dislocation  flow  then  spontaneously  localizes  into  a  nearly  periodic  array  of  narrow 
channels  separated  by  wide  defect-fi-ee  regions,  as  shown  in  Fig.  3(b).  The  initial  spacing  of  the 
channels  depends  on  the  strain  rate;  higher  strain  rate  produces  more  closely  spaced  ehannels. 

Once  coalesced  into  channels,  dislocations  continue  to  flow  in  opposite  directions  with 
frequent  nucleation/annihilation  events.  As  there  is  no  pinning  mechanism,  there  are  no 
immobile  dislocations.  Fig.  4  displays  the  z(x,y)  displacement  field  for  a  larger  system,  showing 
that  the  dislocation-rich  channels  represent  localization  of  the  shear  strain  into  a  series  of  nearly 
periodic  slip  bands. 

The  channel  pattern  coarsens,  as  channels  diffuse  laterally  and  occasionally  merge.  Channel 
number  drops  as  f“  where  a<0.5  depends  on  the  strain  rate.  The  overall  dislocation  density 
remains  roughly  constant  over  time;  channel  width  increases  as  the  pattern  coarsens.  Equilibrium 
dislocation  density  scales  with  strain  rate  with  an  exponent  of  0.75  ±0.05,  as  shown  in  Fig.  5. 
Since  scaling  exponents  generally  depend  sensitively  on  dimensionality,  this  exponent  cannot  be 
usefully  compared  with  experimental  results  for  three-dimensional  materials. 
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(a)  ^  ^  (b) 

Fig.  3:  Simulation  with  T=0.2  and  E  =3.2x1 0’\  showing  topological  defects  in  the  x-y  plane.  (Note 
that  the  strain  rate  is  defined  per  natural  time  unit  t,,  .)  Screw  dislocations  of  opposite  signs  are 
displayed  as  ♦  and  ■.  (a)  Initial  density  is  uniform,  (h)  Dislocation  channels  form.  Defects  of 
opposite  sign  travel  in  opposite  directions  along  each  channel. 


Fig.  4:  Three-dimensional  displacement  field 
z(x,y)  for  a  system  of  size  1000x200. 
Dislocation  channeling  produces  localization  of 
the  applied  shear  strain  into  a  series  of  slip 
hands. 


DISCUSSION 

The  close  analogy  between  anti-plane  deformation  of  a  crystal  and  the  XY  rotor  model 
provides  a  useful  theoretical  framework  for  understanding  the  coalescence  of  dislocation  flow 
into  channels  and  the  localization  of  strain.  In  the  absence  of  driving  boundary  conditions,  the 
XY  model  has  no  unbound  vortices  at  low  temperature.  The  imposition  of  driving  boundary 

conditions  imposes  a  non-zero  density  of  free  topological  defects,  because  e  =  pbv,  where  p  is 
the  total  defect  density  (p.  +  p,  ),  v  is  the  average  speed  of  defect  motion,  and  b  is  Burgers 
vector.  In  principle  the  induced  defect  density  could  remain  uniform,  but  the  system  is  not  stable 
at  arbitrary  defect  density  and  divides  into  a  nearly  defect-free  phase  and  a  defect-rich  phase. 
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Fig.  5:  Dislocation  density  p  =  p++  p_ 
scales  with  strain  rate  as  p 


We  conjecture  that  the  system  lowers  its  free  energy  by  phase  separating,  that  is,  two- 
phase  coexistence  is  lower  in  free  energy  than  the  homogeneous  phase.  The  defect-free  phase  is 
stiff  with  a  well-defined  elastic  modulus,  while  the  defect-rich  phase  yields  with  a  viscous 
response.  The  coarsening  process  we  observe  can  thus  be  interpreted  as  a  simple  phase 
separation  and  coarsening  of  a  system  in  two-phase  coexistence.  The  driving  force  for  later 
channel  coalescence  is  surface  tension  associated  with  the  boundary  between  the  two  phases.  In 
future  work  we  hope  to  complete  an  analytical  calculation  of  the  free  energy  density  associated 
with  the  two  phases  and  derive  analytical  results  for  the  thermodynamic  forces  driving  phase 
separation.  Such  a  result  would  greatly  clarify  the  role  of  equilibrium  thermodynamics  in  the 
pattern  formation  process,  a  matter  of  some  controversy  since  the  system  is  dissipative  and 
driven  by  external  forces,  and  is  not  in  thermal  equilibrium  in  the  usual  sense. 

Holt  [5]  argued  that  a  gas  of +/-  screw  dislocations  in  2-d  is  unstable  to  the  formation  of 
cell  structure  through  spinodal  decomposition.  In  the  absence  of  an  applied  stress  or  strain,  the 
defects  would  annihilate,  but  Holt  rather  unphysically  assumed  fixed  density.  In  our  simulations, 
we  find  that  patterning  occurs  only  in  the  presence  of  an  applied  strain  rate,  a  more  physical  way 
to  impose  non-zero  defect  density.  Further  analysis  of  the  thermodynamics  of  slip  band 
formation  and  coarsening  may  also  explain  the  ubiquitous  scaling  behavior  seen  by  Hughes  et  al 
[6]  in  dislocation  microstructures. 

APPLICATIONS 

Besides  providing  a  novel  theoretical  viewpoint  on  dislocation  patterning,  the  two- 
dimensional  deformation  model  presented  here  can  be  used  to  investigate  a  variety  of 
phenomena  related  to  the  elastic-plastic  response  of  crystalline  solids.  A  crack  may  be  introduced 
into  the  model  by  allowing  the  coefficient  K  in  Eqn.  [1]  (equivalently  J  in  Eqn.  [2])  to  vary  as  a 
function  of  position,  setting  it  equal  to  zero  along  part  of  a  row  of  nearest-neighbor  bonds.  Stress 
intensification  occurs  at  the  crack  tips  in  the  normal  way  and  heterogeneous  screw  dislocation 
nucleation  is  observed  under  shear,  which  loads  the  crack  in  mode  III  .  We  introduce  a  bond¬ 
breaking  rule  that  sets  Ai  on  a  bond  to  zero  when  the  local  stress  exceeds  a  threshold  value. 
Preliminary  studies  indicate  that  with  this  modification,  the  system  displays  a  brittle-ductile 
transition  with  temperature  and  strain  rate.  This  model  will  allow  direct  calculation  of  fracture 
toughness  as  a  function  of  temperature  and  strain  rate  in  two  dimensions,  and  should  provide  a 
useful  test  for  comparison  with  the  predictions  of  the  theory  by  Khantha  et  al  [3]. 

This  model  may  also  have  use  in  the  study  of  both  size  effects  and  strain-gradient  effects 
in  plasticity.  Even  in  a  simple  geometry  like  the  one  explored  here,  one  can  expect  size  effects  if 
the  sample  is  comparable  in  size  to  the  equilibrium  channel  spacing.  Strain  gradients  can  be 
introduced  by  changing  from  simple  shear  to  more  complex  geometries.  For  example,  we  have 
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started  initial  studies  on  the  shear  of  a  thick-walled  cylindrical  shell  between  its  inner  and  outer 
surfaces,  and  of  simple  torsion  of  a  beam. 

As  discussed  above,  the  model  can  also  be  altered  to  include  realistic  potentials  and  lattice 
structure  and  to  include  both  in-planc  and  oiit-of  plane  displacements.  At  that  stage  the  model 
becomes  essentially  a  molecular  dynamics  simulation,  but  with  a  particular  2-d  geometry  that 
could  display  dislocation  patterning  at  accessible  time  and  length  scales.  Even  in  its  simplest 
fonn,  the  present  model  has  advantages  over  discrete  dislocation  dynamics  techniques.  Pair 
nucleation,  defect  motion,  and  annihilation  occur  spontaneously  through  the  dynamics  of  the 
model  with  no  need  for  arbitrary  rules  or  extra  parameters.  Since  it  is  an  atomistic  model,  though 
a  simplified  one,  dislocations  interact  through  a  dynamic  strain  field.  They  have  appropriate 
effective  mass,  velocity-dependent  damping,  and  relativistic  effects. 

CONCLUSIONS 

We  have  carried  out  simulation  studies  of  screw  dislocation  dynamics  and  patterning  in  two 
dimensions  using  a  simplified  atomistic  model.  The  simulations  show  the  formation  of  distinct 
dislocation  channels,  or  slip  bands,  with  accompanying  localization  of  applied  shear  strain.  The 
initial  spacing  between  slip  bands  drops  with  increasing  strain  rate.  Total  dislocation  density 
appears  to  scale  with  strain  rate  with  a  characteristic  exponent  of  approximately  y4. 

We  use  the  close  analogy  between  anti-plane  shear  deformation  of  a  crystal  and  the  XY 
rotor  model  to  gain  new  insight  into  the  mechanisms  driving  dislocation  patterning  and  strain 
localization  in  two  dimensions.  We  argue  that  the  mechanism  dri\nng  this  pattern  formation  is  a 
phase  separation  into  two  phases  characterized  by  low  and  high  defect  densities.  The  simulation 
model  shows  promise  for  further  investigation  of  elastic-plastic  response  of  solids,  including  size 
effects  and  strain  gradient  effects  in  plasticity  and  the  brittle-ductile  transition. 
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ABSTRACT 

Thermal  activation  of  <123>  germanium  single  crystal  deformation  is  studied  by  using 
stress-relaxation  experiments.  These  exhibit  a  non  logarithmic  dependence  of  stress  as  a  function 
of  time.  The  athermal  component  of  stress  and  the  apparent  activation  volume  are  determined. 
The  role  of  dislocation  multiplication  is  discussed  in  terms  of  specific  features  of  the  monotonic 
and  transient  deformation  behaviour. 


INTRODUCTION 

Although  the  plasticity  of  semiconducting  covalent  materials  with  the  diamond  cubic 
structure  has  been  studied  during  the  last  forty  years  (see  e.g  [1,2]),  some  questions  remain 
unanswered.  In  particular,  the  interpretation  of  the  multiplication  yield  point  has  been  recently 
revisited:  for  germanium,  Siethoff  et  al.  [3],  by  reanalyzing  former  data,  distinguish  two  (or  even 
three)  temperature  regimes  corresponding  to  different  mechanisms  with  given  activation 
energies.  For  silicon,  Moulin  et  al.  [4]  question  the  dynamics  of  dislocations  and  associated 
multiplication  processes  at  the  early  stages  of  plasticity  by  performing  3  dimensional  computer 
simulations  of  dislocations  sources. 

In  the  present  work,  the  role  of  dislocation  multiplication  in  deformation  at  constant  strain- 
rate  is  studied  in  germanium  by  using  conventional  transient  tests  such  as  stress-relaxation 
experiments.  The  first  results  of  this  ongoing  work  are  presented  below,  while  a  full  report  will 
be  found  in  reference  [5]. 


EXPERIMENTAL  PROCEDURE 

<123>  intrinsic  germanium  single  crystals  (kindly  provided  by  Prof  Louchet,  University  of 
Grenoble,  France)  were  cut  using  a  diamond  wheel.  Prismatic  specimens  had  dimensions  3x3x9 
mm^  and  <154>  and  <1 1 1>  respective  lateral  faces.  To  limit  surface  damage  on  the  lateral  faces, 
these  were  polished  mechanically  using  several  types  of  sand  papers  and  diamond  paste.  While 
the  original  single  crystal  was  almost  dislocation-free,  the  preparation  process  inevitably  induced 
defects  on  the  superficial  layers  of  the  specimen.  Etching  of  these  by  a  solution  containing  HF 
(25%  HF,  50%  HNO3,  25%  CH3COOH)  revealed  rows  of  dislocations  parallel  to  the  polishing 
direction.  This  dislocation-rich  surface  layer  was  removed  by  using  the  above  HF  solution  for  20 
minutes. 

Specimens  were  then  deformed  in  compression  in  a  RMC  100  Schenck  machine  equipped  with  a 
furnace,  under  a  helium  flux.  Imposed  strain-rate  tests  combined  with  stress-relaxation 
experiments  were  performed  in  the  temperature  range  700-920K  at  a  nominal  strain-rate  of  4. 10'^ 
s' ',  up  to  a  shear  strain  of  about  15  %. 
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EXPERIMENTAL  RESULTS 


Compression  tests 

Typical  stress-strain  curves  are  shown  in  figure  1  as  a  function  of  temperature.  Most  stress- 
relaxation  experiments  were  performed  after  the  lower  yield  point,  A  few  tests  were  made  before 
the  upper  yield  point  as  discussed  later. 


Figure  1.  Stress-strain  curves  for  various  temperatures.  <}23>  orientation,  /=  4.10'^  s'\ 
Stress-relaxation  experiments  are  performed  where  the  stress-strain  curves  are  interrupted. 

The  well  known  multiplication  yield  point  is  pronounced  for  low  temperatures  (700K)  and 
gradually  disappears  as  the  temperature  increases.  At  the  strain-rate  used  in  this  study,  the 
crystals  are  brittle  below  TOOK  so  that  the  yield  point  cannot  be  observed  anymore  under  such 
conditions. 

At  given  temperatures,  the  stress  corresponding  to  the  upper  yield  point  is  found  to  be  constant 
within  ±  9%. 


Transients  tests 

The  first  stress-relaxation  experiments  were  performed  after  the  lower  yield  point  in  order  to 
measure  activation  parameters  related  to  dislocation  mobility.  These  experiments  will  be 
compared  with  similar  ones  made  before  the  upper  yield  point,  where  intense  dislocation 
multiplication  takes  place,  so  as  to  get  new  information  on  dislocation  source  activity. 

The  procedure  used  to  perform  single  as  well  as  repeated  stress-relaxation  experiments  and 
the  assumptions  made  for  their  interpretation  can  be  found  in  references  [6]  and  [7].  Stress- 
relaxation  curves  can  be  divided  into  two  classes  in  which  the  stress  decrease  as  a  fonction  of 
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time  exhibits  respectively  a  logarithmic  and  a  non  logarithmic  dependence  [6].  For  the 
deformation  conditions  used  in  this  study  and  for  relaxation  duration  of  30s  or  more,  non 
logarithmic  relaxations  are  observed  as  a  rule.  An  example  is  shown  in  figure  2  of  the 

dependence  of  ln(- 1)  on  the  stress  decrease  At  (a  negative  quantity),  t  is  the  stress-rate  during 
relaxation,  a  quantity  proportional  to  the  plastic  strain-rate  .  The  slope  of  the  corresponding 
curve  is  proportional  to  the  apparent  activation  volume  Va  defined  as: 


Y  -  yr - lx 

“  dr 

where  k  is  the  Boltzman  constant,  T  the  absolute  temperature.  This  activation  volume  is  similar 
to  the  one  measured  in  strain-rate  jump  experiments  during  a  constant  strain-rate  test  or  a  stress 


change  experiment  during  a  creep  test.  It  includes  the  changes  of  mobile  dislocation  densities 
during  the  transients  and  therefore  is  different  from  the  microscopic  volume  V  of  the  dislocation 
velocity  [6-7].  Figure  2  shows  that  Va  is  not  constant  during  the  stress-relaxation  experiment. 
Consequently,  the  latter  is  not  logarithmic.  The  procedure  used  here  to  measure  Va  considers  the 
onset  of  the  curve  in  figure  2  over  a  range  of  3  MPa  where  it  is  approximately  linear.  This 


corresponds  to  a  relaxation  time  of  10  s.  An  example  of  variation  of  Va  along  the  stress-strain 
curve  (after  the  lower  yield  point)  is  shown  in  figure  3.  Va  is  expressed  in  b’  units,  b  being  the 


Burgers  vector  of  the  total  dislocation  (b=0.401  nm).  Va  appears  to  be  almost  constant  as  a 
function  of  strain.  This  can  be  understood  as  follows:  Va  depends  on  the  effective  stress  t  which 


is  constant  at  a  given  temperature.  Accordingly,  the  increase  of  stress  along  the  stress-strain 
curve  reflects  the  increase  of  the  athermal  stress  Tj.  This  interpretation  is  fully  supported  by  the 


results  of  the  following  section. 


Figure  2.  Curve  corresponding  to  a  stress-  Figure  3.  Stress-strain  curve  and  apparent 
relaxation  experiment  performed  at  T—700K,  activation  volume  as  a  function  of  strain  at 

Yp=5%  and  x=38  MPa,  after  the  lower  yield  BOOK. 
point,  (see  text). 
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Determination  of  the  stress  components 


The  internal  stress  Ti  corresponding  to  a  given  plastic  strain  was  determined  using  two  methods 
which  are  conventionally  used  in  the  case  of  thermally  activated  dislocation  motion  [8]:  i)  by 
plotting  the  stress  measured  at  constant  strain-rate  which  is  knoun  to  decrease  and  stabilize  at  Ti 
as  the  temperature  rises  and  ii)  under  the  same  conditions,  the  volume  as  a  function  of  stress 
reaches  high  values  as  i  decreases  to  X\.  Because  of  the  presence  of  the  multiplication  yield  point, 
the  plastic  strain  corresponding  to  the  above  parameters  is  measured  taking  the  plastic  strain  of 
the  lower  yield  point  Ypiyp  as  the  origin.  An  example  of  such  a  determination  is  shown  in  figures 
4  and  5  for  a  plastic  strain  equal  to  Ypiyp  +3%. 


Figure  4.  Stress  corresponding  to  a  plastic  Figure  5.  Activation  volume  as  a  function  of 
strain  of 3%  for  various  temperatures  stress  at  Ypiyp+3%  (see  text). 

(see  text). 

The  values  obtained  for  Xj  using  both  methods  are  in  fair  agreement,  x,-5  MPa  in  figures  4  and 
5.  By  perfomiing  these  measurements  for  various  amounts  of  plastic  strain,  x,  can  be  plotted 
along  the  stress-strain  curves  as  illustrated  in  figure  6.  Figure  6  shows  that  at  800  K,  the  internal 
stress  is  about  half  of  the  total  stress.  The  thermal  part  of  the  stress  f  =  r  -  r.  is  approximately 
constant  as  a  function  of  strain,  within  the  uncertainty  of  measurement.  This  result  confirms  the 
above  interpretation  of  the  volume  dependence  on  strain  in  figure  3.  hi  addition,  this  result 
complies  with  previous  estimations  by  Sumino  and  Kojima  [9].  In  their  study,  the  stress 
components  were  determined  by  analyzing  the  data  of  strain-rate  change  experiments  along  a 
stress-strain  curve,  another  type  of  transient  test.  They  used  high  purity  gcniianium  single 
crystals  defonned  in  tension  in  the  10"^  s’’  range  and  also  found  the  thermal  part  of  the  stress  to 
be  constant  along  the  stress-strain  curve. 


Figure  6,  Deformation  curve  and  internal 
stress  Xi  at  BOOK. 


Figure  7.  Stress-strain  curve  at  700K  while  a 
stress-relaxation  experiment  of 300  s  duration 
(R)  is  performed  before  the  upper  yield  point 
(at  65  MPa). 


Stress-relaxation  and  dislocation  multiplication 


Figure  8.  Two  stress-relaxation  curves 
performed  at  the  same  stress  (26  MPa)  along 
the  monotonic  curve  after  the  lower  yield  point 
a)  and  before  the  upper  yield  point  b) 
respectively.  T^750K. 
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Some  single  stress-relaxation  experiments  of  300  s  duration  were  performed  before  the  upper 
yield  point  (UYP).  Such  experiments  are  time  (and  specimen)  consuming  since  a  new  specimen 
is  needed  for  each  test.  Preliminary  results  are  presented  below. 

An  example  of  stress-strain  curve  is  shown  in  figure  7  for  a  test  performed  at  700K.  When  the 
specimen  is  reloaded  after  relaxation,  a  yield  point  is  indeed  observed.  Its  amplitude  (about  65 
MPa  in  the  present  case)  is  much  smaller  than  that  of  the  UYP  of  the  monotonic  curve  (about 
100  MPa),  the  latter  being  visible  in  figure  1  at  the  corresponding  temperature. 

Furthermore  the  comparison  of  the  two  relaxation  curves  in  figure  8,  corresponding  to  the  same 
stress  respectively  before  the  UYP  and  after  the  LYP,  clearly  shows  that  the  relaxation-rates  are 
different.  In  the  former  case  (curve  b),  the  stress-rate  is  approximately  constant.  After  the  lower 
yield  point  (curve  a),  the  initial  rate  is  fast  as  compared  to  the  previous  curve,  due  to  a  large 
number  of  mobile  dislocations  (during  the  first  25  s).  Then  it  slows  down  because  of  dislocation 
exhaustion.  As  a  rule,  it  was  observed  that  the  shape  of  the  relaxation  curves  depends  on  stress 
and  temperature. 
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DISCUSSION  AND  CONCLUSION 


The  first  set  of  stress-relaxation  results  presented  here  shows  that  gennanium  single  cr>^stal 
behaviour  is  quite  different  from  other  materials  studied  under  similar  eonditions  [6]:  stress 
relaxes  following  a  non  logarithmic  dependence  on  time  (figure  2)  and  the  total  amount  of 
relaxed  stress  is  quite  large  (7  MPa  over  300  s  in  figure  8  as  compared  to  a  26  MPa  onset  stress). 
Some  reasons  for  this  are  analyzed  in  reference  [6]:  i)  a  more  intense  dislocation  multiplication 
takes  place  in  germanium,  ii)  the  microscopic  activation  volume  is  strongly  stress  dependent. 
Another  aspect  of  the  importance  of  dislocation  multiplication  as  stress  relaxes  is  clearly 
illustrated  by  the  above  results.  During  a  monotonic  test  at  750  K,  dislocation  multiplication 
takes  place  at  the  onset  of  defonnation  and  is  responsible  for  the  UYP  (figure  1).  If  a  stress- 
relaxation  experiment  is  performed  before  the  UYP  (curve  b  in  figure  8),  the  UYP  is  either  no 
longer  present  on  the  stress-strain  curve,  or  is  considerably  reduced.  This  emphasizes  the 
activation  of  dislocation  sources  during  relaxation.  Moreover,  the  comparison  of  the  two  stress- 
relaxation  curves  in  figure  8  shows  that  before  the  UYP  (curve  b)  the  slower  defonnation-rate 
during  the  transient  is  very  likely  due  to  the  low  available  mobile  dislocation  density,  as 
compared  to  the  conditions  of  curve  a. 

Work  is  in  progress  to  distinguish  between  two  effects  on  the  stress-relaxation:  dislocation 
multiplication  on  the  one  hand  and  stress  dependence  of  the  activation  volume  on  the  other  hand. 
For  this  purpose,  creep  transients  are  performed  instead  of  stress-relaxation  tests.  Since  the  stress 
is  kept  constant  in  the  former  experiments,  the  observed  change  in  creep-rate  as  a  function  of 
time  can  be  directly  connected  with  the  evolution  of  the  mobile  dislocation  density  [7]. 
Transmission  electron  microscope  observations  are  underway  to  characterize  dislocation 
structures  and  measure  dislocation  densities  as  a  function  of  the  deformation  conditions. 
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ABSTRACT: 

We  present  FACET:  a  two  dimensional  simulator  to  model  polycrystalline  thin  film  growth, 
which  links  atomic  scale  processes  to  macroscopic  phenomena.  The  model  is  based  on  the 
concept  of  describing  the  crystal  surface  in  terms  of  preferred  facets.  Line  segments  were  used  to 
depict  the  profile  of  the  grain  and  grain  boundaries.  Multiple  nuclei  are  semi-randomly 
distributed  along  the  textured  or  non-textured  surface,  and  crystallographycally  appropriate 
facets  are  created  in  the  nucleation  simulation.  We  use  a  Kinetic  Lattice  Monte  Carlo  (KLMC) 
method  to  calculate  the  inter-facet  diffusion  rates  and  use  a  continuum  approach  to  grow  the 
facets,  hence  the  multiple  grains.  The  software  is  Windows(95/98/2000/NT)  based  and  has  an 
integrated  Graphical  User  Interface,  within  which  a  user  can  input  deposition  conditions  and 
experimental  and  simulation  data,  visualize  the  nucleation  and  growth  of  the  grains,  and  obtain 
the  final  grain  structure  and  texture. 


INTRODUCTION 

It  would  be  extremely  useful  to  be  able  to  predict  the  profile  and  the  microstructure  (grain 
size,  grain  shape,  grain  orientation,  texture,  voids,  dislocation  density,  and  roughness)  of 
polycrystalline  thin  films  as  a  function  of  their  deposition  conditions  (temperature,  flux 
distribution,  deposition  method,  substrate  geometry,  materials). 

For  example,  the  semiconductor  industry  is  moving  towards  using  copper  interconnect  lines 
due  to  their  decreased  resistivity  and  increased  resistance  to  electromigration[l].  Experiments  by 
Ryu  et  al.  have  shown  that  the  electromigration  lifetime  of  ( 1 1  l)-textured  Cu  films  is  about  four 
times  longer  than  that  of  (lOO)-textured  Cu  films[2].  As  line  widths  become  comparable  to  the 
grain  size,  a  ‘bamboo’  structure  can  eliminate  the  high  diffiisivity  grain  boundary  transport  paths, 
which  can  result  in  slower  vacancy  diffusion. [3]  Therefore,  the  need  to  gain  control  over  the 
microstructures  of  interconnect  materials  is  becoming  more  important,  and  computer  simulations 
can  decrease  the  overall  development  cycle  time. 

Because  of  the  importance  of  understanding  the  basic  mechanisms  of  thin  film  growth,  a 
variety  of  models  have  been  developed  in  recent  years.  Some  typical  ones  are:  atomic  level 
simuIations[4,5],  a  micron  scale  model  based  on  solving  continuum  equations  numerically[6,7], 
a  facet  model  with  application  in  diamond  simulation[8,9],  and  a  model  using  “discs”  to 
represent  thousands  of  atoms[10,l  1]. 

In  this  work,  we  describe  a  model  to  simulate  thin  film  growth,  including  deposition, 
nucleation,  surface  diffusion,  grain  growth  and  grain  interaction.  With  some  approximations,  this 
model  is  capable  of  predicting,  in  two  dimensional  space,  the  thin  film  structure,  such  as  the 
grain  size,  grain  shape,  grain  orientation,  and  surface  roughness. 
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In  addition,  we  intend  for  the  code  to  be  “user-friendly”.  We  designed  an  open  software 
package,  which  has  an  integrated  Graphic  User  Interface  (GUI).  No  third-party  software  is 
needed  to  interpret  results,  so  that  users  can  design  and  run  simulations  according  to  their  own 
research  interests. 

MODEL  DESCRIPTION 

Assumptions 

In  order  to  get  a  model  with  reasonable  simplifications  that  still  represents  the  most 
important  physical  processes,  we  made  the  following  assumptions: 

1)  This  is  a  two  dimensional  simulation; 

2)  We  describe  facets  &  grain  boundaries  with  line  segments.  Each  facet  will  be  described 
by  one  line  segment,  while  grain  boundaries  arc  described  by  multiple  line  segments  in  order  to 
depict  the  proper  grain  shape  and  film  structure. 

3)  Each  nuclei  has  its  own  orientation,  which  affects  facet  growth  rates;  because  we  only 
allow  0,  1,-1  as  the  index  of  zone  axes,  we  only  allow  26  zone  axes  in  the  3D  space.  But  each 
grain  is  allowed  to  rotate  by  any  angle  around  the  zone  axis. 

4)  The  nuclei  density,  initial  size  and  texture  are  input  parameters. 

These  assumptions  limit  the  accuracy  of  the  code,  but  they  greatly  reduce  the  computational 
cost,  allowing  the  model  to  be  run  on  a  desktop  PC  and  yield  qualitative  and  semi-quantitative 
results  for  large  systems  within  minutes. 

Description  of  thin  film  structure  in  two-dimensional  space 

In  reality,  under  a  non-epitaxial  growth  condition,  there  are  an  infinite  number  of  possible 
ways  a  grain  can  orient  to  the  surface,  with  infinite  possible  zone  axes  perpendicular  to  the  cross 
section  plane.  To  simplify  the  model,  we  allow  0,  1,-1  as  the  index  number  for  the  zone  axis, 
which  contribute  to  a  total  of  26  directions  in  real  space,  namely  the  <100>,  <1 10>,  <1 1 1> 
families.  A  sophisticated  mathematical  algorithm  has  been  developed  to  create  the  profile  by 
selecting  crystallographically  correct  facets,  then  rotate  it  around  the  zone  axis  randomly  to 
create  a  nucleus  with  proper  orientation. 

Figure  la  shows  one  possible  shape  of  a  whole  grain  with  [0,-l,l]  zone  axis.  By  cutting  and 
rotating  it  through  different  angles,  nuclei  of  different  sizes  and  shapes  can  be  formed,  as  shown 
in  Figure  lb. 
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Figure  1.  (a)  A  possible  shape  of  a  whole  grain  with  <1 10>  type  zone; 
(b)Two  nuclei  generated  from  the  whole  grain  in  (a) 


Surface 
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One  dimensional  KLMC  calculation 

After  atoms  land  on  a  surface,  they  will  diffuse  around.  The  diffusion  rates  determine  the 
growth  rate  of  each  grain,  and  thus  control  the  morphology  and  final  texture  of  the  film. 

Knowing  the  diffusion  activation  energies,  it  is  possible  to  calculate  the  atomic  flow  rates 
between  adjacent  facets  by  a  Kinetic  Lattice  Monte  Carlo  method.  The  results  from  a 
sophisticated  three  dimensional  KLMC  calculation  can  be  put  into  our  facet  model  as  an  input, 
but  because  of  the  complexity  of  the  full  scale  KLMC  methods,  only  the  rates  for  Cu  atoms 
diffusing  from  { 100}  to  { 1 1 0}  and  {111}  have  been  achieved  in  the  previous}  1 0]  3D  KLMC 
calculation. 

In  order  to  be  able  to  simulate  most  of  the  FCC  and  BCC  structure  materials  without 
involving  complex  three  dimensional  calculations,  we  developed  a  new  one  dimensional  KLMC 
model  to  estimate  the  flow  rates  between  facets.  The  major  approximation  we  made  in  the  ID 
KLMC  model  is  that  we  assume  only  atoms  near  the  edge  would  be  likely  to  diffuse  to  adjacent 
facets,  whereas  the  adatoms  landing  in  the  center  region  will  only  contribute  to  the  vertical 
growth  of  the  facet.  We  define  the  length  of  the  region,  in  which  atoms  can  diffuse  out,  as  the 
average  step  length.  By  our  ID  KLMC  model,  we  can  calculate  a  statistical  average  of  the 
percentage  of  deposited  atoms  which  diffuse  to  the  adjacent  facet  as  a  function  of  temperature. 

Two  dimensional  facet  model 

Many  factors  can  affect  the  nucleation  rate  of  islands,  such  as  temperature,  gas  pressure, 
deposition  rates,  contamination,  defects,  etc.  At  present,  there  is  no  good  model  for 
heterogeneous  nucleation,  therefore,  the  nucleation  rate,  nuclei  size,  and  texture  are  treated  as 
user-input  parameters,  as  shown  in  Figure  2. 


Figure  2.  The  main  input  window  of  the  software  package:  FACET 

After  nucleation  is  finished,  FACET  determines  facet  growth  rates  based  on  deposition  and 
diffusion  between  the  facets,  and  diffusion  from  surface  to  the  nuclei,  as  illustrated  in  Figure  3. 
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Deposition  flux  is  defined  by  the  user,  in  units  of  Atoms/nm-sec,  i.e.,  the  number  of  atoms  landed 
on  the  surface  per  nanometer  per  second. 


Deposition  Flux 


Surface 


Figure  3.  Deposition  and  diffusion  events  in  the  model 

At  every  simulation  time  step,  computer  with  FACET  calculates  the  length  of  each  facet,  the 
number  of  atoms  dropped  on  that  facet,  the  number  of  atoms  diffusing  to  and  from  the  facet  to 
adjacent  facets  and  surfaces.  Then,  it  calculates  the  net  change  of  atoms  on  each  facet,  and 
translates  that  into  the  growth  rate. 

Many  kinds  of  scenarios  may  happen  during  grain  growth  and  interaction,  Figure  4  shows 
how  we  generate  a  grain  boundary,  and  how  the  grain  boundary  grows.  Basically,  we  detect  the 
approaching  of  two  facets,  and  when  they  contact  each  other,  we  merge  them  and  start  a  new 
grain  boundary  from  that  merging  point.  In  the  following  growth  steps,  we  calculate  the  position 
of  the  merging  point  dynamically,  and  use  many  small  line  segments  to  describe  the  track  of  the 
merging  point,  and  thus  form  the  grain  boundary. 


_ 

(a)  (b) 


(c)  (d) 


Figure  4.  Two  grains  approaching  to  each  other  and  forming  a  grain  boundary 

DISCUSSION 

Figure  5  shows  the  results  of  3D[10]  and  ID  KLMC  calculations,  As  we  can  see,  the  shape 
of  the  fitted  curves  are  the  same,  and  the  fitted  function  are  very  close  too:  the  3D  model  has  the 
fitted  function  of  4X‘’,  while  the  ID  model  provide  4.1X'‘.  More  comparison  will  be  conducted 
in  the  future  work. 


3D  KLMC,  400K,  8  data  points  1D  KLMC,  400K,  1000  data  points, 

2nm,  average  of  1000  atoms,  1000  steps 


Lengtii  of  the  facet  edge  (number  of  atoms)  length  of  the  fecet  edge  (number  of  atoms) 

(a)  (b) 

Figure  5.  Percentage  of  atoms  landing  on  (100)  facet  that  diffuse  to  adjacent  (110)  facets  as  a 
function  of  facet  size.  The  temperature  is  400  K,  and  the  deposition  rate  is  300  monolayer/s. 

(a)  3D  calculation[10];  (b)  ID  calculation  with  the  average  step  length  set  to  2nm. 

Figure  6a  shows  the  results  of  deposition  with  a  purely  vertical  flux,  which  means  that  all 
the  atoms  are  coming  in  the  direction  normal  to  the  surface.  Figure  6b  shows  the  results  for  a 
different  flux  condition,  where  each  facet  receives  the  same  flux  density.  As  we  can  see,  the  final 
structure  in  Figure  6b  exhibits  more  grain  coarsening  phenomena,  while  Figure  6a  exhibits  a 
purely  columnar,  non-coarsening  growth. 

Most  of  the  important  experimental  and  simulation  inputs  were  displayed  in  the  upper 
section  of  the  window;  the  middle  section  provides  an  overview  of  the  film  under  investigation, 
and  the  lower  section  is  the  “zoom-in”  of  the  overview,  where  users  can  choose  a  magnification, 
and  browse  the  whole  film  by  horizontal  and  vertical  scroll  bars.  Simulation  time  indicators  and 
length  markers  are  also  available  in  the  main  window.  Different  colors  represent  different  type  of 
facets:  red  for  { 100},  green  for  { 1 10),  blue  for  { 1 1 1 },  thus  the  user  can  not  only  see  the 
orientation  directly,  but  also  get  the  zone  axes  by  calculating  the  dot  product  of  any  two  facets  of 
the  interested  grain. 


Figure  6.  Final  structure  of  deposited  film  with  (a)  direct  bombarding  flux  (b)  each  facet  has  the 
same  flux  density.  The  fine  prints  in  the  frame  explained  the  experimental  data:  Deposition  rate 
10  atoms/nm-sec.;  Temperature  298K;  Total  simulation  time  40  sec.;  Magnification  3  times. 
Calculation  results  of  integrated  ID  KLMC  simulator  are  also  embedded  in  the  frame. 
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CONCLUSION 


Wc  have  constructed  a  new  model  to  simulate  thin  film  growth,  combined  with  a 
visualization  package  with  an  easy-to-use  Graphical  User  Interface.  The  beta  version  of  FACET, 
Ver.  1.0b,  has  been  put  up  on  our  web  site  for  free  download,  http://ceaspuh.eas.asii.edu/cms/ 
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ABSTRACT 

An  approach  is  presented  for  the  determination  of  the  residual  stresses  and  elastic  moduli  of 
particle  systems  resulting  from  computer  simulations  of  particle  or  atomic  deposition.  The 
proposed  technique  is  based  on  fundamental  concepts  of  elasticity  and  is  capable  of  capturing 
the  variation  of  stresses  and  moduli  as  functions  of  position  within  the  system.  Application 
to  a  simple  particle  system  consisting  of  a  deposited  thin  film  is  demonstrated. 

INTRODUCTION 

One  of  the  goals  of  nanotechnology  is  to  design  thin  films  with  a  desired  set  of  properties. 
Therefore,  it  has  become  increasingly  important  to  understand  how  the  nanostructure  of  a 
thin  film  impacts  its  properties  at  all  length  scales.  Relating  the  nanostructure  of  the  TF  to 
its  mechanical  properties  is  the  goal  of  this  work  and  is  necessary  for  the  model-based  design 
of  structurally  stable  TFs  with  complicated  morphologies. 

Different  approaches  have  been  developed  to  determine  the  mechanical  properties  of  TFs. 
In  general,  previous  work  that  has  focused  on  evaluating  residual  stresses  of  TFs  can  be 
divided  in  two  categories:  experimental  techniques  and  theoretical  models.  But  this  division 
is  not  completely  distinct  as  each  of  them  relies  on  the  other  and  both  assume  that  the  TF 
is  a  platc-likc  structure. 

The  most  popular  experimental  techniques  perform  curvature  measurements.  They  are 
used  independent  of  the  work  temperature  and  the  nature  of  the  stresses  in  the  film  (i.e., 
compressive  or  tensile)  [1,2].  They  relate  the  curvature  of  the  TF  to  its  internal  stress  state 
using  a  simple  theoretical  model  that,  in  general,  assumes  an  isotropically  elastic  material 
with  a  state  of  plane  stress  and  small  deflections. 

Theoretical  models  have  been  developed  to  account  for  anisotropy  and  more  general 
stress  states  [3].  Other  theoretical  approaches  eliminate  the  assumption  of  small  deflections 
by  developing  a  geometrically  nonlinear  stress-deflection  relation  for  TFs  [4]. 

The  methods  discussed  above  are  not  immediately  applicable  to  our  objective.  The  reason 
is  that  they  do  not  take  into  account  the  morphology  of  the  film  deposited  on  the  substrate. 

BASIC  DEFINITIONS  AND  THEORETICAL  FRAMEWORK 

The  derivations  presented  in  this  paper  presuppose  that  the  configuration  of  a  system  of 
particles  is  known  (e.g.,  via  a  simulation,  such  as  a  kinetic  Monte  Carlo  (KMC)  or  a  molecular 
dynamics  (MD)).  This  configuration  is  assumed  to  be  that  of  a  solid  system  and  is  assumed 
to  be  consistent  with  the  various  input  parameters  necessary  to  perform  the  aforementioned 
simulation.  It  is  important  to  note  that  no  assumptions  are  made  here  concerning  the  spatial 
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Figure  1.  A  particle  system  in  its  reference  and  deformed  configurations. 

arrangement  of  the  system’s  particles,  that  is,  the  system  can  be  crystalline,  amorphous,  or 
have  any  other  microstnicture. 

With  reference  to  Fig.  1,  the  system  configuration  provided  by  the  aforementioned  sim¬ 
ulation  will  be  referred  to  as  a  reference  configuration.  As  discussed  later,  the  calculation  of 
the  intrinsic  stresses  and  elastic  moduli  requires  that  the  system  be  snljjected  to  a  deforma¬ 
tion.  The  configuration  resulting  from  said  deformation  will  be  referred  to  as  the  deformed 
or  current  configuration.  The  various  particles  in  the  system  are  referred  to  by  an  index- 
ranging  from  1  to  A,  the  total  number  of  particles.  The  position  of  the  j-th  particle  in  the 
reference  and  deformed  configurations  will  be  denoted  by  Xl  and  by  xl,  respectively,  where 
the  superscript  (j  =  1, . . .  ,  denotes  the  particle  number  and  the  subscript  ,3) 

denotes  the  component  of  vectors  along  the  corresponding  coordinate  direction.  The  posi¬ 
tion  vector  of  a  particle  i  relative  to  that  of  a  particle  j  will  be  denoted  by  and  rl^  for 
reference  and  deformed  con fignra.t ions,  re.s])ectively. 

The  particles  interact  with  one  another  by  exerting  inter-particle  forces  which  represent 
the  inter-particle  bonds.  These  bonds  are  described  via  a  potential  energy  function  which 
will  be  denoted  by  /  and  which,  in  general,  is  a  function  of  the  particle  positions.  For  the 
sake  of  simplicity,  and  without  loss  of  generality,  the  j)otciitial  energy  of  the  bond  between 
two  particles  i  and  j  will  bo  assumed  to  be  only  a  function  of  the  distance  between  the 

particles  /  =  ./'(r*-'),  r*-'  =  where  denotes  the  distance  between  particles  i  and  j 

and  the  summation  convention  has  been  used.  Wc  note  here  that  our  method  allows  other 
forms  of  the  potential  energy,  for  example,  an  /  in  which  the  orientation  of  one  particle 
relative  to  another  is  important.  It  is  understood  that  the  bond  potential  to  be  used  in  the 
calculations  described  later  must  be  the  same  as  that  used  in  the  simulation  which  generated 
the  reference  configuration. 

Constitutive  Theory  of  a  Isothermal  Hypcrclastic  Material 

Until  the  reference  configuration  is  alti'red  by  bond  breaking,  the  N  particles  form  a  con¬ 
servative  system  whoso  total  potential  energy  is  the  sum  of  all  the  bond  potentials.  Fiom 
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a  continuum  viewpoint,  such  a  system  would  behave  like  a  hyperelastic  material*.  Further¬ 
more,  if  the  temperature  of  the  system  is  not  changed  with  respect  to  that  assigned  by 
the  MD  or  KMC  simulation,  the  material  can  also  be  considered  to  be  isothermal.  The 
constitutive  theory  for  this  class  of  materials  is  very  well  established  (see,  e.g.,  Gurtin  [5]). 
Therefore,  only  the  results  relevant  to  the  present  discussion  will  be  reported  herein. 

The  residual  or  intrinsic  stress  in  a  material  is  the  stress  that  the  material  experiences 
in  the  absence  of  deformation.  Hence,  viewing  a  particle  system  as  if  it  were  a  continuous 
body,  elasticity  theory  indicates  that  the  residual  (or  intrinsic)  stress  at  a  location  Xm  is 
given  by 


dW{E„,X„) 

dEij 


Eki=0 


(1) 


where  W{Eki,  X^)  is  the  strain  energy  density  per  unit  volume  and  Eij  is  the  Lagrangian 
strain  tensor.  Formally,  the  Lagrangian  strain  tensor  is  defined  as  Eij  =  \{FkiFkj—Sij),  where 
Sij  is  the  identity  second  order  tensor,  Fy  is  the  deformation  tensor,  defined  as  Fij  =  dxi/dXj, 
and  Xi{Xj)  is  the  deformation  function. 

As  far  as  the  elastic  moduli  are  concerned,  these  will  be  denoted  by  Cijki  and  are  given 
by  the  second  derivative  of  the  strain  energy  function  with  respect  to  the  strain: 

a2tF(Fp„A,„) 


dEijdEki 


(2) 


Thus,  the  residual  stresses  and  clastic  moduli  of  a  system  are  easily  computed  if  the  strain 
energy  density  function  is  knowm  as  a  function  of  the  deformation  gradient.  Hence,  in 
order  to  compute  the  residual  stresses  and  elastic  moduli  in  a  particle  system,  one  needs  to 
translate  the  discrete  information  consisting  of  positions  and  bond  potentials  into  a  strain 
energy  function  which  depends  on  a  continuum  notion  of  deformation.  The  translation  from 
discrete-type  information  to  continuum-type  information  is  discussed  in  the  next  section. 


From  a  Discrete  System  to  an  Equivalent  Continuum  Body 


This  section  summarizes  a  strategy  for  the  determination  of  a  continuous  function  of  position 
expressing  the  strain  energy  per  unit  volume  of  the  particle  system.  That  is,  we  outline  how 
to  determine  a  continuous  body  which  is  mechanically  equivalent  to  the  discrete  system.  The 
approach  presented  herein  is  not  entirely  new  in  that  it  has  been  proposed  by  Martin  [6]  and 
more  recently  used  by  Alber  et  al  [7].  An  important  element  of  novelty  is  represented  by 
the  fact  that  the  approach  outlined  herein  is  generalized  for  use  in  particle  systems  which 
arc  amorphous  instead  of  crystalline.  Details  of  our  approach  can  be  found  in  [8]. 

It  can  be  shown  that  the  strain  energy  per  unit  volume  of  a  continuum  body,  equivalent 
to  the  given  particle  system  (evaluated  at  the  centers  of  the  selected  subvolumes),  is  given 
by 


Vol(n,)  ^ 


Nq. 

E 


lq=l 


(3) 


*In  simple  words,  a  hyperelastic  material  is  an  elastic  material  whose  mechanical  behavior  is  dictated  by 
a  potential  energy  function  of  the  deformation. 
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Equation  (3),  which  can  be  explicith^  computed  if  one  knows  particle  positions  and  in¬ 
terparticle  potentials,  allows  one  to  easily  determine  the  intrinsic  stresses  and  clastic  moduli 
at  the  center  of  each  subvolunie.  In  fact,  using  Eqs.  (1),  (2)  and  (3)  one  obtains 


„R(  ol  U, 


Nu,  /A/„ 


Vol(Q,)  ^ 


dr 


r=R''p"''3 


and 


Vol(sh)  ^ 


(4) 


(5) 


where  A  =  [{d'^f/dr'^  —  r  ^df  /dr)  Examples  of  tlie  application  of  Eqs.  (4)  and 

(5)  arc  proscnitcd  in  the  next  scc^tion. 


RESULTS  AND  DISCUSSION 

Intrinsic  Stresses  and  Moduli  of  a  Lennard-Jones  Material 

In  this  section,  results  are  obtained  from  the  analysis  of  a  true  molecular  dynainics  simulation. 
The  potential  used  in  this  simulation  is  the  celebrated  Lennard-Jones  potential  (LJP)  and 
has  been  nondimensionalized  in  the  standard  way  (see.  e.g.,  Haile  [9]).  In  the  results  that 
follow,  the  particles  were  deposited  onto  a  substrate  composed  of  a  material  with  the  same 
LJP  as  that  of  the  incoming  species  and  then  the  simulation  was  run  for  iOOO  additional  tiiiic 
steps  during  which  time  the  average  position  of  each  particle  was  computed  for  use  in  the 
stress  and  moduli  computations.  We  note  that  since  the  potentials  for  the  substrate  and  for 
the  deposited  species  are  the  same,  we  do  not  expect  stresses  due  to  misfit  between  the  film 
and  the  substrate.  That  is,  intrinsic  stresses  are  only  expected  to  arise  from  morphological 
features  associated  with  those  regions  in  which  the  perfect  crystal  is  disrupted. 

Figure  2  shows  a  planar  thin  film  consisting  of  2040  particles  deposited  via  a  MD  simula¬ 
tion.  The  particles  were  introduced  at  random  horizontal  positions  with  an  angle  of  inddence 
of  0°  with  respect  to  the  vertical.  Figure  2(a)  shows  the  particle  positions  on  a  substrate 
150  units  wide.  Figures  2(b)  (d)  show  the  results  of  the  apidicatioii  of  Eqs.  (4)  and  (5)  to 
the  particles  whose  positions  are  shown  in  Fig.  2(a).  The  size  of  the  subvolumes  used  to 
compute  the  stresses  and  moduli  are  0.5  units  on  a  side.  Figure  2(b)  shows  the  11-component 
of  the  elasticity  tensor  (according  (o  engineering  convention),  clearly  illustrating  the  nonimi- 
formity  of  the  moduli  throughout  the  film.  Figures  2(c)  and  (d)  show  the  first  two  principal 
components  of  residual  stress,  ai]  and  (T22,  respectively,  within  the  thin  film.  Again  we  see 
the  method  capturing  the  distribution  of  residual  stresses  within  the  film  and  note  that  the 
resolution  of  stresses  and  moduli  is  dependent  onl}'  on  the  size  of  the  subvolumes  used  to 
compute  the  strain  energy  of  the  material. 

Figure  3  shows  a  planar  thin  film  grown  under  the  same  conditions  as  that  shown  in 
Figure  2,  except  that  there  are  2550  particles  and  the  deposition  angle  is  80“  with  respect 
to  the  vertical  instead  of  0°.  All  of  the  comments  made  about  Fig.  2  also  apply  here,  but 
in  addition  we  see  that  our  method  easily  captures  variations  in  stresses  and  moduli  of  very 
porous  columnar  thin  films. 
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Figure  2.  For  the  0°  deposition:  (a)  Particle  positions,  (b)  11-component  of  the  elastic 
moduli,  (c)  first  principal  stress,  and  (d)  second  principal  stress. 


We  note  that  in  the  principal  stress  plots  in  Figs.  2  and  3  most  of  the  stresses  are  zero 
or  nearly  so.  As  discussed  earlier  and  as  expected,  it  is  only  in  those  locations  in  which 
the  perfect  crystal  lattice  has  been  disrupted  that  we  see  stresses  which  deviate  significantly 
from  zero. 

CONCLUSIONS 

We  have  developed  a  variational  approach  for  the  determination  of  elastic  moduli  and  residual 
or  intrinsic  stresses  in  heterogeneous  media.  This  method  can  be  readily  adapted  for  the 
determination  of  both  the  residual  stresses  as  well  as  the  elastic  moduli  of  continuum  media 
which  are  mechanically  equivalent  to  the  discrete  media  of  interest.  During  the  development, 
no  assumptions  were  made  concerning  the  spatial  arrangement  of  the  system’s  particles.  The 
only  information  that  the  method  requires  is  the  location  of  each  particle  or  group  of  particles 
in  the  system  and  the  inter-particle  or  inter-group  potential  or  potentials.  We  apply  our 
approach  to  the  results  of  two  molecular  dynamics  simulations  of  a  Lennard-Jones  material 
with  2040  and  2550  particles  to  determine  the  residual  stresses  and  elastic  moduli. 
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ABSTRACT 

Mechanical  elastic  and  inelastic  properties  of  thin  coatings  are  often  studied  by  means  of  the 
curvature  measurement  technique  in  combination  with  the  Stoney  formula.  It  is  then  implicitly 
assumed  that  the  elastic  substrate  is  initially  flat  which  implies  that  the  curvatures  theoretically 
remain  constant  over  the  substrate.  If  the  substrate  has  a  slight  initial  curvature,  a  different  situation 
arises.  In  this  case,  the  curvatures  will  vary  over  the  substrate.  It  has  recently  been  shown  that  in 
spite  of  this,  the  stresses  that  appear  in  the  thin  coating  will  remain  constant  over  the  surface  of  the 
substrate.  Therefore,  measured  curvatures  can  generally  not  be  used  to  extract  layer  stresses 
without  a  proper  compensation  for  the  initial  curvature.  A  general  method  for  the  extraction  of 
mechanical  properties  from  curvature  measurements  on  non-planar  substrates  is  outlined.  The 
method  is  valid  for  linear  as  well  as  non-linear  shell  theories.  The  compensation  needed  to  evaluate 
a  coating  on  a  circular  substrate  with  spherical  initial  curvature  is  studied  for  all  relevant 
parameters.  The  results  are  particularly  discussed  in  relation  to  curvature  measurements  on  silicon 
wafers. 

INTRODUCTION 

The  curvature  measurement  technique  in  conjunction  with  the  Stoney  formula  [1]  is  used 
extensively  to  obtain  material  properties  of  thin  layers  deposited  on  initially  flat  elastic  substrates. 
This  technique  is  commonly  used  in  the  microelectronics  industry  to  obtain  elastic  and  plastic 
properties  of  thin  films  and  lines  [2]  as  well  as  for  many  other  applications  such  as  thermal-barrier 
coatings,  wear  resistant  coatings  and  organic  paints.  Curvature  measurements  may  also  under 
certain  circumstances  be  used  to  obtain  average  stresses  in  passivated  lines  [3],  While  there  exists 
considerable  information  on  the  mechanics  of  flat  substrates,  the  mechanics  of  initially  curved 
substrates  appears  to  be  relatively  unexplored.  By  treating  the  substrate/coating  system  as  an 
anisotropic  homogenized  shell  (see  [4]  for  flat  plates)  it  becomes  clear  that  there  is  a  close 
connection  between  certain  material  properties  of  the  shell  and  average  stresses  in  the  thin  coating. 
Recently,  a  correction  applicable  to  circular  substrates  with  spherical  initial  curvatures  under  the 
assumption  of  small  deformation  shell  theory  has  been  proposed  [5].  With  this  correction, 
measured  curvatures  may  be  used  in  conjunction  with  the  Stoney  formula  to  obtain  average  stresses 
in  the  possibly  inelastic  coating.  In  this  paper,  the  method  is  extended  such  that  large  deformations 
and  arbitrary  shallow  initial  curvatures  may  be  treated.  Furthermore,  the  correction  for  circular 
substrates  with  spherical  initial  curvatures  and  small  deformation  theory  [5]  is  revisited  and 
investigated  for  all  relevant  parameter  combinations.  Those  parameters  are  the  initial  curvature, 
Poisson’s  ratio  of  the  substrate  and  the  scanning  length  used  in  the  curvature  measurements. 
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Figure  1.  Representative  volume  element  of  a  flat  or  initially  curved  shell.  C^pyS  represent  the 

substrate  plane  stress  stiffness  tensor  and  coefficients  of  thermal  expansion  respectively.  A  cartesian 
cordinate  system  is  defined  by  Xj,  x^  and  Xj. 

THEORY  AND  RESULTS 

Consider  the  in-plane  view  of  a  representative  cell  of  an  elastic  possibly  non-flat  substrate  with 
a  thin  coating  deposited  on  one  side  (Figure  1).  From  now  on,  the  summation  convention  is  utilized 
for  Greek  subscripts  which  range  from  1  to  2.  Let  the  whole  system  be  subjected  to  a  homogeneous 
temperature  change  AT .  Consider  a  series  expansion  in  terms  of  the  small  parameter  ^  =  r  //; .  It  is 
clear  that  ^  =  0  represents  a  substrate  without  coating.  Hence,  the  terms  of  order  0  and  1  may  be 
defined  by  superscripts  S  and  1.  The  leading  non-zero  terms  in  the  homogenized  stiffiiess  ( 
total  middle  surface  strain  ( )  and  curvature  (  )  may  be  expressed  as: 

^afyS  ~^a^yd  ^aP  ~^aP^^  ~^^ap  (0 

It  is  observed  from  cq.  (1)  that  the  average  in-planc  strain  in  the  thin  coating  is  governed  by  the  in¬ 
plane  strain  of  the  substrate,  therefore,  stresses  and  strains  in  the  thin  coating  are  virtually 
unaffected  by  (small  or  moderate)  curvatures  and  may  therefore  be  modeled  as  a  coating  deposited 
on  an  elastic  half  plane.  Hence,  stresses  in  the  coating  may  be  treated  as  a  surface  tension  and 
moment  equilibrium  may  be  utilized  to  derive  a  generalized  Stoney  formula.  The  constitutive  law 
that  describes  the  mid-surface  bending  response  of  a  shallow  shell  with  small  ([6])  or  large  ([7]) 
deformations  reads 

^ ap  ~':^^aPY5^^y5  ~ 

where  PygAT  represents  the  curvature  of  a  flat  substrate  that  is  subjected  to  a  temperature  change 
AT .  Moment  equilibrium  and  free  boundaries  give  a  Stoney  type  formula  for  a  shallow  shell: 

<^ap>=—^Clpy5^y5^'^  (3) 

where  <0(^p>  represent  the  average  stresses  in  the  coating.  It  is  observed  in  eqs.  (2-3)  that  py^AT 
are  constitutive  parameters  that  characterize  the  effect  of  the  thin  coating  on  the  elastic  initially 
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curved  substrate,  therefore  any  material  behavior  of  the  thin  coating  is  reflected  solely  in  JSyg^T . 
Note  that  Pys^T  represent  homogenized  material  properties  of  the  substrate/coating  system  and 
are  thus  independent  of  .  For  an  initially  non-flat  substrate  there  is  a  coupling  between  the 
bending  and  membrane  state,  therefore  is  generally  not  equal  to  as  would  be  the 

situation  for  a  flat  plate.  It  is  thus  clear  from  eq.  (3)  that  also  for  an  initially  curved 
substrate/coating  system  where  the  curvature  varies  from  point  to  point,  the  stresses  in  the  thin 
coating  remain  virtually  unaffected  by  this  curvature  variation.  Hence,  useful  data  may  be  obtained 
from  curvature  measurements  on  non-flat  substrates  by  solving  for  which  control  average 

stresses  through  eq.  (3).  Consider  a  shell  with  an  undefoimed  middle  surface  given  by 
z  =  -K„pXaXii  /  2,  where  represent  the  initial  curvature,  that  is  subjected  to  a  temperature 
change  AF.  The  out-of-plane  displacement  perpendicular  to  the  middle  surface  (w)  may  be 
expressed  as 


w  =  ,  Clpys ,  AT,  h,  t,  K^p ,  Pys^T)  (4) 

Suppose  curvature  measurements  are  performed  on  an  initially  curved  shell  before  and  after  a 
temperature  change  ( AT  )  is  applied.  Let  the  scanning  be  performed  on  evenly  spaced  points  along 
three  directions  denoted  by  5,-  with  the  scanning  length  defined  by  -  c,-  <  Sj  <  c,- .  The  output  from 
each  scan  is  a  curvature  that  originates  from  a  least  squares  fit  of  a  straight  line  to  the  measured  sur¬ 
face  slope  versus  position  along  Si  [2].  The  curvature  changes  that  result  from  the  change  in 
temperature  (AT)  are  denoted  Assume  for  a  moment  that  Py§l^T  are  known  in  advance, 
then  the  measured  curvatures  (x'P)  may  be  predicted  theoretically  by  a  proper  continuous  least 
squares  minimization.  By  an  extension  of  the  results  in  [5],  the  measured  curvatures  along  the 
direction  Si  would  be  predicted  as: 

x-p  =  — ^  f  Si  (no  sum  over  i )  (5) 

2c/  4, 

By  replacing  the  predicted  curvatures  with  the  measured  ones,  eq.  (5)  represents  three  equations  for 
the  three  unknowns  Pyg^T .  The  analysis  so  far  is  valid  for  small  and  large  deformation  shell 
theory.  A  particularly  simple  case  appears  if  small  deformation  shell  theory  is  considered,  then  the 
solution  becomes  linear  in  the  unknown  material  properties  PygtsT  such  that: 

W  =  KrpygFyg(^X(^,  ^apY5->  •> 

and  eq.  (5)  represents  a  linear  system  in  the  unknown  material  properties.  Hence,  for  a  given 
coating  thickness  and  known  substrate  properties,  useful  results  may  be  extracted  from  curvature 
measurements.  Once  Fyg  have  been  computed,  the  unknown  material  properties  PygtsT  may  be 
extracted  by  solving  a  set  of  three  linear  equations  (eq.  (5)).  The  determination  of  Fyg  requires  the 
solution  of  the  thermoelastic  boundary  value  problem  for  the  substrate.  The  solution  must  be 
computed  for  three  load  cases  where  different  components  of  PygtsT  are  set  to  unity. 
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Figure  2.  A  circular  shallow  substrate/coating  systetn.  A  nondimensional  measure  of  the  spherical  initial 
curvature  K  is  given  by  Zq!  h. 


For  the  particular  case  of  a  circular  isotropic  substrate  with  radius  a  and  spherical  initial 
curvature  (see  Figure  2),  the  problem  has  previously  been  solved  analytically  [5].  In  this  case  Fyg 
may  be  expressed  as: 


(7) 

where  Syg  represents  the  two-dimensional  Kronecker  delta  and  r  =  rl a  .  The  function  /(F)  may 
be  written  as 


f{r)  =  Cl  (bero  (^r)  - 1)  +  C2bei  q  (^/^ )  +  ^ 


... 


(1-v^) 


(8) 


where  ber|j(x)  and  bei|^(x)  represent  Kelvin  functions,  v  Poisson’s  ratio  of  the  substrate  and  zq  the 
initial  deflection  according  to  Figure  2,  The  constants  C,  and  C2  may  be  expressed  as: 

Cl  =^{ber,(^)  +  bei,(^)}  C2  =-^{ber,(^)-bei,(-^)} 

GA  gA  (9) 

X  =  V2  (1  -  v)f)eri^  (^)  -1-  beif  (^)}+  ^{bero  (^)(beri  (^)  -  bei  1  (^))+ bei  ^  (^)(beri  (^)  +  bei  j  (^))} 

By  insertion  of  eq.  (7)  into  eqs.  (5-6),  and  solving  the  linear  system,  one  obtains 


giZQ/h,  7],  V) 


(10) 


where  and  are  measured  along  which  has  been  chosen  along  the  principal  directions 
of  measured  curvatures.  The  nondimensional  scanning  length  i]  is  defined  as  7}  =  c/a  where  c  is 
the  scanning  length.  ^22^^  obtained  by  interchanging  the  subscript  indices  1  and  2.  The 
nondimensional  function  g  becomes: 
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(11) 


The  function  g  is  shown  in  Figure  3  for  a  fixed  Poisson’s  ratio  of  0.26  which  corresponds  to  the 
in-plane  Poisson’s  ratio  of  a  Si  wafer  with  the  (1 1 1 )  direction  perpendicular  to  the  Xj  ~  X2  plane.  In 
Figure  4,  the  function  g  is  shown  for  a  fixed  scanning  length  of  0.75.  Very  often,  the  curvature  is 
only  measured  in  one  direetion,  it  is  then  eommonly  assumed  that  the  layer  is  macroscopically 
isotropic.  The  second  term  in  eq.  (10)  then  vanishes  and  g  may  be  interpreted  as  the  ratio  between 
a  measured  curvature  and  the  corresponding  flat  plate  curvature.  It  is  observed  in  Figure  3  that  for  a 
very  small  initial  curvature,  the  correction  g  is  unity,  and  for  a  large  initial  curvature,  the 
correetion  tends  to  zero.  Henee,  useful  information  can  not  be  obtained  from  curvature 
measurements  in  this  case.  The  reason  for  this  is  that  when  the  initial  curvature  is  large,  the 
deformation  becomes  localized  near  the  edge  of  the  substrate.  It  is  also  observed  that  a 
compensation  becomes  necessary  when  ZQ/h>0.5.  Note  that  the  curvature  near  the  eenter  of  the 
substrate  (7/  =  0)  changes  sign  when  Zq/ h~2.ltis  seen  in  Figure  4  that  the  effect  of  Poisson’s 
ratio  on  the  eorrection  g  may  be  important  if  zq  /  /?  =  1 . 


Figure  3.  The  correction  g(zo  Ih,  77,  v)  (cf.  eq.  10)  for  a  Poisson’s  ratio  of  0.26. 


Figure  4.  The  correction  g(zo  /  h,  rj,  v)  (cf.  eq.  10)  for  a  relative  scanning  length  of  0.75. 
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DISCUSSION  AND  CONCLUSIONS 


It  was  first  demonstrated  (eq.  1)  that  stresses  and  strains  in  a  thin  coating  during  thennal 
cycling  are  primarily  caused  by  substrate  in-planc  strains.  Cur\^aturcs  play  a  secondary  role  and 
may  be  viewed  as  an  effect  rather  than  a  cause  of  stress  build-up  in  the  coating.  Hence,  it  is 
meaningful  to  interpret  curvature  measurements  also  for  situations  when  the  curv'aturcs  vary  over 
the  substrate.  This  is  exactly  the  situation  when  curvature  measurements  are  performed  on 
substrates  whieh  are  initially  non-flat.  It  has  been  shown  (eq.  3)  that  the  average  stresses  in  the  thin 
coating,  and  hence  elastic  as  well  as  inelastic  properties  may  be  expressed  in  terms  of  coefficients 
of  thermal  curvature  times  temperature  change  {pygdJ')  for  a  homogenized  thcrmoclastic  shell. 
This  is  possible  because  the  coating  is  thin  as  compared  to  the  substrate  which  implies  that  the 
behavior  of  the  whole  substrate/coating  system  is  predominantly  elastic.  A  general  method  to 
correct  measured  curvatures  in  such  a  way  that  they  can  be  used  for  the  stress  evaluation  in  thin 
coatings  has  been  presented  for  small  and  large  deformation  shell  theory.  The  method  relics  on  a 
simulation  of  the  curvature  measurement  technique  in  combination  with  thcrmoclastic  solutions  to 
linear  or  non-linear  shell  problems.  Specifically,  the  correction  required  for  curvature 
measurements  on  a  circular  substrate  with  spherical  initial  curvature  [5]  has  been  studied  with 
respect  to  all  relevant  parameters.  The  general  conclusions  are:  (a)  It  is  meaningful  and  possible  to 
extract  stresses  in  thin  coatings  from  curvature  measurements  on  non-flat  substrates,  (b)  The 
corrections  are  valid  for  elastic,  inelastic  and  anisotropic  coatings,  (c)  Corrections  can  be  made  for 
small  and  large  defonnation  shell  theory.  Furthermore,  for  circular  substrates  with  spherical  initial 
curvature  it  is  concluded  that:  (d)  A  compensation  becomes  necessary  when  the  dimensionless 
initial  curvature  zq!  h  is  larger  than  about  one  half,  (e)  A  large  relative  scanning  length  rj  makes  it 
less  urgent  to  correct  the  curvature  measurements,  (f)  Since  most  materials  have  a  Poisson’s  ratio  in 
the  range  0.25  <  v  <  0.35 ,  the  influence  on  the  correction  becomes  rather  small. 
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ABSTRACT 

Drying  or  curing  of  a  coating  after  vitrification  or  gelation  is  accompanied  by  stress 
development.  Evaporation  of  solvent,  polymerization,  cross-linking,  and  cooling  all  cause 
shrinkage,  but  adhesion  of  the  coating  to  the  substrate  prevents  shrinkage  to  a  stress-free  state. 
The  interaction  of  shrinkage  and  restraint  creates  strain  and  stress.  If  the  local  stress  grows  above 
the  local  strength  of  the  coating,  it  can  produce  cracking,  delamination,  or  other  defects. 

A  large  deformation  elastic  model  based  on  the  Galerkin/fmite  element  method  is  developed 
to  analyze  stress  development  in  coatings  subject  to  uniform  shrinkage.  The  model  is  used  to 
analyze  effects  of  delamination  and  surface  cracks.  The  strain  energy  release  rates  in  both 
delamination  and  surface  cracking  are  computed  at  different  crack  lengths.  In  both  cases,  results 
show  that  thicker  coatings  have  larger  energy  release  rates  and  are  more  vulnerable  to  cracking. 
A  key  conclusion  of  this  modeling  is  that  a  crack  can  propagate  only  from  an  inherent  flaw 
greater  than  a  certain  size.  If  the  coating  is  thin  enough  so  that  the  maximum  energy  release  rate 
is  less  than  the  crack  growth  resistance,  then  no  inherent  flaws  in  the  coating  can  grow  into  a 
crack,  and  so  the  coating  remains  crack-free.  The  model  also  shows  how  to  calculate  a  critical 
coating  thickness,  i.e.,  the  maximum  thickness  of  a  coating  that  can  remain  crack-free. 

INTRODUCTION 

Coatings  produced  by  depositing  liquid  on  a  substrate  can  be  solidified  by  solvent 
evaporation  (drying),  by  polymerization  and  cross-linking  reactions  (curing),  by  cooling,  and 
other  means.  Once  they  are  solidified,  evaporating  more  solvent,  reacting  further,  cooling  more, 
and  so  on,  may  cause  considerable  volume  shrinkage.  Because  a  coating  is  usually  designed  to 
remain  anchored  to  its  substrate,  it  can  shrink  only  in  the  direction  perpendicular  to  the 
substrate.  Such  restraint  causes  departure  of  the  current  state  from  the  stress-free  state.  The 
departure  is  strain  and  is  accompanied  by  stress  that  is  greater  the  higher  the  current  modulus  of 
the  coating. 

The  mechanisms  of  stress  development  in  shrinking  coatings  have  long  been  studied.  Croll 
[1]  was  the  first  to  develop  a  simple  theory  to  estimate  the  “residual  internal  stress”  in  solvent- 
cast  thermoplastic  coatings.  He  assumed  the  drying  was  slow  enough  such  that  the  concentration 
did  not  vary  with  depth  in  the  coating.  He  took  the  stress  to  be  solely  in  plane,  uniform,  and 
dependent  on  the  decrease  in  volume  fraction  of  solvent  after  it  passed  the  level  at  which  the 
coating  solidified  and  thereby  acquired  an  elastic  modulus.  Croll’s  predictions  of  final  stress 
level  matched  fairly  well  with  some  measurements  of  final  stress  by  the  cantilever-deflection 
method. 
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In  the  coating  process,  contamination,  suspended  particles,  and  bubbles  can  all  lodge  at  the 
coating/substrate  interface.  These  sources  can  contribute  small  flaws  that  act  as  stress 
magnifiers.  Cracks  may  form  either  at  the  interfacial  plane  between  the  coating  and  the 
substrate,  causing  delamination,  or  along  the  thickness,  causing  “mud  cracking”  [2].  Many 
experiments  [3-6]  show  that  there  exists  a  critical  cracking  thickness  for  a  given  coating.  Mud 
cracking  and  dclamination  can  be  avoided  if  the  coating  is  thinner  than  this  critical  thickness. 

In  this  paper,  a  nonlinear  elastic  model  is  developed  in  order  to  analyze  stress  development 
in  coatings  subject  to  uniform  shrinkage.  The  Galerkin/finite  element  method  is  applied  to  the 
equations  transformed  to  the  domain  of  the  original  stress-free  state.  The  solutions  found  in  this 
way  are  used  to  analyze  delamination  and  surface  cracks.  In  order  to  take  in  account  the  relative 
large  strains  that  usually  exist  in  polymer  coatings,  the  materials  considered  here  are  neo- 
Hookean  rubber-like  materials. 

THEORY 

To  analyze  stress  development  after  solidification,  the  solidification  point,  which  is  stress 
free,  is  chosen  as  the  original  reference  state.  The  positions  of  “particles”  of  nonvolatile  material, 
most  often  polymer,  that  can  support  stress  in  this  state  are  depicted  by  the  vector  field  X. 
Following  further  drying,  cooling,  and  chemical  reaction,  these  particles  may  be  displaced  to 
new  positions  x,  which  define  the  current  deformed  state.  The  material  deformation  that 
accompanies  displacement  of  particles  from  their  positions  in  the  original  reference  state  to 
positions  in  the  current  state  is  described  by  the  total  deformation  gradient 

F  =  VxX  .  (1) 

Here  Vx  is  the  divergence  operator  in  the  original  reference  state.  The  total  deformation 
gradient  tensor  F  can  be  multiplicatively  [7,  8]  decomposed  into  the  shrinkage  deformation 
gradient  F®  and  elastic  deformation  gradient  F*^ 

F  =  F'’F"  .  (2) 

In  isotropic  materials  the  pure  shrinkage  from  the  original  reference  state  to  the  intermediate 
state  is  isotropic,  hence 

F  =  «F^  .  (3) 

The  amount  of  shrinkage  is  measured  by  shrinkage  ratio  a ,  the  cube  of  which  is  the  ratio  of  the 
current  volume  to  the  original  volume  that  occupied  by  the  same  amount  of  nonvolatile  material. 
The  elastic  strain  is  conveniently  represented  by  the  left  Cauchy-Green  tensor  [9] 

B^=F"-F"^  .  (4) 

The  coating  generally  achieves  mechanical  equilibrium  much  faster  than  solvent 
evaporation,  cooling,  or  chemical  reaction  proceeding.  Hence,  shrinkage  can  be  considered  a 
quasi-static  process.  Then  the  appropriate  form  of  the  mechanical  equilibrium  equation  is  simply 
V(F  =  0  ,  (5) 

where  <s  is  Cauchy  stress,  and  the  divergence  operator  V  is  in  the  current  state  of  the  coating. 

In  this  study,  the  coating,  by  hypothesis,  follows  the  following  constitutive  equation 

rf  =  -7r}  +  GB^  ,  (6) 
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in'  which  G  is  the  coating  shear  modulus  and  7C  is  the  hydrostatic  pressure.  Any  material 
following  the  above  constitutive  equation  is  a  neo-Hookean  material.  The  condition  of 
incompressibility  in  elastic  deformation  requires 

det(F^)=l  .  (7) 

The  situation  considered  is  a  shrinking  coating  on  a  rigid  substrate.  The  boundary 
conditions  are  that  at  the  interface  between  coating  and  rigid  substrate,  the  nonvolatile  material 
does  not  move,  and  at  other  boundaries,  traction  is  zero. 

Solutions  of  Eqs.  (1-7)  in  terms  of  standard  functions  are  available  only  for  very  special 
cases,  such  as  shrinkage  of  a  coating  on  a  large  flat  substrate,  shrinking  spheres,  and  shrinking 
cylinders  where  the  analysis  can  be  simplified  to  one  dimension  [10].  For  example,  when  the 
thickness  is  small  compared  with  both  width  and  length,  the  coating  suffers  only  in-plane  tensile 
stress  (To ,  and  that  stress  is  related  to  the  shrinkage  ratio  a  by 

(Jo=-^iX-a^)  .  (8) 

a 

Plainly  the  stress  level  at  a  given  degree  of  shrinkage  is  proportional  to  G,  the  shear  modulus. 
When  the  volume  change  by  shrinkage  is  small  enough  that  the  shrinkage  ratio  a  is  close  to 
unity,  this  equation  of  in-plane  stress  reduces  to  Croll’s  relation  [1]  with  Poisson’s  ratio  v=  0.5 
for  an  incompressible  material. 

As  a  coating  dries,  cools,  or  cures,  the  more  its  stress-free  local  state  shrinks,  the  greater  the 
strain  and  the  greater  the  stress.  Moreover,  the  greater  the  elastic  potential  energy  stored  in  the 
coating.  The  existence  of  cracks,  however,  releases  some  stress  and  thus  elastic  energy.  The  total 
elastic  energy  P  for  a  neo-Hookean  material,  according  to  Treloar  [1 1],  is  the  domain  integral  of 
the  strain  energy  function, 

^’  =  |f(V-3Mv,  (9) 

where  is  the  first  invariant  of  .  After  elastic  potential  energy  in  the  coating  at  different 
cracking  area  is  evaluated,  the  energy  release  rate  is  just  the  negative  derivative  of  the  elastic 
potential  energy  on  crack  area. 

RESULTS  AND  DISCUSSIONS 

Delaminated  coating.  A  rectangular  coating  with  length  /  and  thickness  A  on  a  rigid 
substrate  is  chosen  to  analyze  the  edge  delamination.  The  coating  considered  is  under  plane- 
strain  condition  and  has  a  plane  of  reflective  symmetry  so  that  only  one-half  needs  to  be 
considered.  Figure  1  (a)  shows  the  contours  of  in-plane  stress  cr^  for  a  coating  6  jjm  in  total 
length  and  \  /im  in  thickness,  1.5  jum  from  both  ends  of  which  are  delaminated.  The  uniform 
shrinkage  ratio  (a)  used  is  0.9.  As  shown  in  the  contour  plot,  stress  is  concentrated  and 
magnified  near  the  crack  tip,  and  this  may  give  rise  to  more  delamination.  The  delaminated 
region  that  is  not  close  to  the  crack  tip,  the  stress  is  almost  fully  released. 

In  the  calculation  of  elastic  potential  and  energy  release  rate,  the  shrinkage  ratio  a  =  0.98  is 
used.  This  value  is  chosen  because  it  is  close  enough  to  1  so  that  strain  is  small  and  the  neo- 
Hookean  incompressible  material  should  behave  closely  to  linear  elastic  material.  When  the 
coating  length  is  much  larger  than  coating  thickness  an  asymptotic  solution  of  energy  release 
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rate  is  available  by  considering  the  change  in  energy  before  and  after  the  crack  propagates  a 
small  amount.  For  an  infinitely  long  coating  after  shrinkage  a ,  its  delamination  energy  release 
rate  per  unit  width  is[10] 

=  +  .  (10) 


When  a  =  0.98,  -0  =  0.001 6946G/i ,  which  is  plotted  in  Figure  1(b)  and  marked  as  ‘Solution 
from  large  deformation’. 


Dclaminafion 


(a)  in  plane  stress  distribution  in  units  of  G  (b)  energy  release  rates  (ofO.98) 

Figure  1.  Edge 


A  sample  of  30  {Jm  in  length  and  1  fim  in  thickness  is  used  to  calculate  elastic  energy 
release  rate.  This  example  is  symmetric  about  its  mid-plane,  and  so  it  suffices  to  analyze  just  one 
half.  The  energy  release  rate  calculated  by  virtual  crack  extension  method  [12]  is  shown  in 
Figure  1(b).  Result  of  energy  release  rate  from  Galerkin/finite  element  method  is  very  close  to 
the  theoretical  result  from  equation  (10)  except  when  the  coating  is  close  to  complete 
delamination.  Whenever  the  adhesive  energy  of  the  coating  to  the  substrate  is  higher  than  the 
energy  release  rate  at  the  plateau,  the  coating  will  not  delaminate.  If  it  is  lower  than  the  energy 
release  rate  at  the  plateau,  once  a  crack  starts,  it  will  propagate  until  the  energy  release  rate  is 
lower  than  the  adhesive  energy,  or  at  some  point,  which  is  close  to  complete  separation  of  the 
coating  from  the  substrate. 

Figure  1(b)  also  shows  the  energy  release  rate  if  the  coating  thickness  is  0.5  jJm  .  Compared 
with  that  of  thickness  1  jum ,  it  has  lower  energy  release  rate.  This  agrees  with  Eq.  (10),  where 
the  energy  release  rate  for  an  asymptotic  long  crack  is  proportional  to  coating  thickness.  A 
thicker  coating  has  more  elastic  energy  to  release  than  a  thinner  coating,  and  this  makes  the 
thicker  coating  more  vulnerable  to  delamination,  For  instance,  if  the  interface  between  coating 
and  substrate  has  an  adhesive  strength,  as  marked  in  Figure  1(b),  then  the  thicker  coating 
will  delaminate,  but  the  thinner  one  will  not.  From  Eq.  (10),  the  critical  coating  thickness  Ver 
for  delamination  is 


^CCT 


2fr 


a 


GaO+a^  -2a^) 


(H) 


Surface  cracking.  The  in-plane  stress  distribution  for  a  periodic  cracking  pattern  is  shown 
in  Figure  2(a).  Here,  the  periodicity  is  /  =  6 /Jin  and  the  coating  thickness  h  -  \  jjm .  The 


ZIO.5.4 


shrinkage  ratio  is  0.9,  and  the  coating  is  attached  to  a  rigid  flat  substrate.  Again,  stress  is 
magnified  near  crack  tip,  and  once  again  high  stress  concentration  near  crack  tip  provides  the 
driving  force  for  further  crack  advance.  Stress  near  the  crack  surface  is  partly  released  by  the 
crack.  Away  from  the  crack  tip,  stress  tends  to  be  uniformly  distributed. 

The  exact  solution  of  the  energy  release  rate  for  the  periodic  cracking  of  a  coating  on  a  rigid 
substrate  is  not  available.  When  the  coating  thickness  is  much  less  than  the  periodicity  and 
much  larger  than  the  crack  length,  or  a«h«l,  the  influence  of  neighboring  cracks  and  rigid 
substrate  on  the  small  crack  is  negligible.  The  energy  release  rate  for  a  crack  in  an  infinite 
sample,  which  has  previously  been  solved,  can  be  used.  For  incompressible  material,  v  =0.5  and 
£  =  3G,then 

,  (12) 
a 

in  which  the  stress  from  Eq.  (8)  has  been  used.  When,  due  to  the  symmetry,  only  half  of  the 
sample  is  considered,  only  half  of  the  elastic  energy  in  Eq.  (12)  needs  to  be  taken  into  account. 
At  shrinkage  ratio  of  0.98 

i}/G«^(l-a^)2a  =  0.0070644fl  .  (13) 

The  energy  release  rate  is  linearly  related  to  crack  length  a  and  independent  of  coating  thickness 
h.  This  estimation  of  energy  release  rate  is  plotted  in  Figure  2(b). 
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(a)  in  plane  stress  distribution  in  units  of  G  (b)  energy  release  rates  (  =0.98) 

Figure  2.  Periodic  surface 

Elastic  energies  for  coatings  subjected  to  a  shrinkage  ratio  of  0.98  with  periodic  cracks 
having  30  fim  spacing  were  calculated.  Energy  release  rates  from  the  virtual  crack  extension 
method  are  shown  in  Figure  2(b).  Referring  to  Figure  2(b)  when  crack  is  small  compared  with 
coating  thickness,  energy  release  rates  are  nearly  independent  of  coating  thickness  and  linearly 
related  to  crack  length.  This  is  consistent  with  the  rough  estimation  using  Eq.  (13).  When  the 
crack  size  is  comparable  to  the  coating  thickness,  the  influence  tfom  the  rigid  substrate  becomes 
important  and  the  thickness  effect  becomes  larger.  The  variation  of  energy  release  rate  with 
crack  length  shows  that  the  energy  release  rate  rises  in  most  of  the  crack  depth.  When  the 
inherent  flaw  size  a,  in  a  coating  is  large  enough  to  make  the  energy  release  rate  exceed  the 
cohesive  energy,  13^ ,  the  flaw  or  crack  grows,  and  it  doesn’t  stop  until  it’s  close  to  the  substrate. 
Comparing  the  energy  release  rate  curves  for  a  coating  thickness  of  1  jMn  and  0.5  jjun  shows  that 
the  thicker  coating  has  a  larger  energy  release  rate  and  it  is  more  vulnerable  to  cracking.  As 
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schematically  illustrated  in  Figure  2(b),  the  intersections  of  the  coating  cohesive  strength 
and  energy  release  rates  are  the  critical  crack  lengths,  <2^0.5  ^c\  for  a  0.5  fjm  and  a  1  fjm 

coating  respectively,  where  ac\<aco^.  If  the  inherent  flaw  size  of  at  in  the  coating  falls  between 
flci  and  OcO.Sk  or  then  the  flaw  in  the  1  fim  coating  propagates  and  becomes  a  crack. 

For  the  0.5  fim  coating  it  is  crack-free  since  its  energy  release  rate  is  not  high  enough  to  make 
inherent  flaws  to  propagate. 

Therefore,  from  the  curve  of  the  energy  release  rate  and  the  cohesive  energy  ,  which  is  a 
material  property,  the  critical  flaw  size  to  make  cracking  initiate  can  be  estimated.  The  critical 
flaw  size  fle  in  thinner  coating  is  larger  than  that  of  thicker  coating.  The  critical  coating 
thickness  (CCT)  is  the  coating  thickness  when  the  inherent  flaw  size  equals  critical  flaw  size.  A 
coating  thickness  above  this  critical  thickness  will  crack  because  the  size  of  inherent  flaws 
exceeds  the  critical  flaw  size.  The  existence  of  critical  coating  thickness  has  been  shown  in 
many  experiments,  especially  in  ceramic  coatings  [3-6].  If  a  coating  is  so  thin  that  the  whole 
energy  release  rate  curve  is  below  the  critical  cohesive  energy,  no  inherent  flaw  size  can  make  a 
crack  propagate  and  the  coating  remains  free  of  cracks. 

SUMMARY 

An  elastic  model  was  developed  to  analyze  stress  and  failure  in  shrinking  coatings.  The 
model  was  solved  for  plane-strain  deformation  by  Galerkin/finite  element  technique.  For 
delaminated  coating,  stress  is  highly  magnified  near  the  crack  tip,  but  stress  is  almost  completely 
released  in  the  delaminated  section.  In  surface  cracking,  stress  near  the  crack  surface  is  partially 
released,  and  high  stress  concentration  near  the  crack  tip  provides  the  driving  force  for  further 
cracking. 

The  virtual  crack  extension  method  was  used  to  calculate  energy  release  rates  in 
delamination  of  a  coating  from  a  substrate  and  surface  cracking.  The  variation  of  energy  release 
rate  with  crack  length  suggests  that  a  thicker  coating  has  more  energy  to  release  than  a  thinner 
coating,  thus  the  thicker  coating  is  more  vulnerable  to  delamination  and  surface  cracks.  The 
critical  coating  thickness  (CCT),  where  the  coating  starts  to  delaminate  or  the  surface  starts  to 
crack,  can  be  evaluated. 
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ABSTRACT 

We  propose  a  new  method  to  simulate  the  interface  diffusion  in  the  solid-state  bonding- 
process.  This  method  is  more  significant  under  the  condition  of  low  pressure  and  low  tem¬ 
perature.  It  is  available  for  the  bonding  of  two  bodies  which  consist  of  the  atoms  of  the  same 
kind  and  have  slight  surface  roughness.  In  a  conventional  method,  the  elastic  deformation 
during  the  bonding  process  is  considered.  The  interface  diffusion  is  enhanced  and  the  bond¬ 
ing  time  decreases  when  the  external  pressure  changes  at  appropriate  frequency.  In  order 
to  clarify  the  enhancement  effect  of  changing  the  pressure,  we  examine  three  cases,  i.e.,  the 
1st  pressure  type  is  constant  pressure,  the  2nd  type  is  zero  pressure,  and  the  3rd  type  is  the 
on-off  pressure.  Our  results  suggest  the  on-off  pressure  decreases  the  required  time  for  the 
perfect  bonding  if  we  choose  on  appropriate  frequency. 

INTRODUCTION 

Conventional  solid-state  bonding-process  is  usually  performed  in  vacuum  at  high  temper¬ 
ature,  at  which  the  diffusion  is  activated.  The  rate  of  the  bonding  process  is  determined  at 
least  by  four  fundamental  mechanisms;  the  plastic  deformation,  the  creep  deformation,  the 
interface  diffusion  and  the  volume  diffusion.  A  precise  process  is  possible  under  the  condition 
of  low  pressure  and  low  temperature,  under  which  the  interface  diffusion  is  dominant.  Since 
the  interface  diffusion  proceeds  at  a  low  rate,  the  bonding  process  requires  an  extremely  long 
time  under  that  condition.  It  is  important  to  decrease  the  bonding  time. 

We  calculate  the  stress  distribution  at  the  interface  between  the  bodies  based  on  Jornson’s 
theory  [1].  In  the  presence  of  the  adhesion,  Johnson  showed  the  relation  between  the  external 
pressure,  the  surface  deformations  and  the  contact  width  for  the  two  elastic  wavy  surfaces, 
which  have  sinusoidal  undulations. 

The  flux  of  the  interface  diffusion  is  proportional  to  the  gradient  of  the  stress  distribu¬ 
tion.  The  stress  distribution  changes  dramatically  and  the  interface  diffusion  becomes  large 
in  the  transient  state  compared  to  the  steady  state.  The  diffusion  could  be  enhanced  when 
the  external  pressure  is  changed  at  appropriate  frequency  according  to  the  transient  behav¬ 
ior.  This  method  examines  the  enhancement  effect  and  the  decrease  of  the  bonding  time. 
We  define  the  external  pressure  changing  at  high  frequency  as  ’on-off  pressure  type’.  In  a 
conventional  method,  the  elastic  deformation  during  the  bonding  process  is  not  perfectly 
considered[2].  We  discuss  the  advantage  of  the  on-off  pressure  type  considering  the  elastic 
deformation  during  the  process. 

THEORY 

Model 

We  simulate  the  solid-state  bonding-process  for  an  ideal  material  in  a  two-dimensional 
model  (Figure  1).  We  assume  the  bodies  are  represented  by  the  elastic  half-spaces  and  have 
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surface  roughness.  The  amplitudes  of  the  profiles  are  assumed  extremely  small  compared  to 
the  wavelength.  The  external  pressure  /  is  applied  to  the  bodies  in  the  normal  dirc’cliou  (o 
the  surfaces,  The  bonding  process  is  performed  under  the  condition  of  low  temperature  and 
low  pressure.  We  assume  the  interface  diffusion  is  dominant.  Surfaces  arc  assumed  to  have 
sinusoidal  undulations  before  the  surfaces  contact.  The  surface  profiles  are  assumed 


yi)a{x)  =  h„  1 1  -  cos  j  I ,  yo/X-O  =  |l  -  cos  I  (1) 

where  ha  and  /?,(,  are  the  amplitudes,  and  A  is  the  wavelength  of  each  body.  They  have  the 
relation  of  ha  <  A  and  1%  -C  A.  The  surface  and  interface  profiles,  defined  as  ?/«(.T,t)  and 
change  according  to  the  progress  of  the  interface  diffusion  and  are  .superposed  by 
two  component  parts: 

yo[x.  t)  =  yl[x,  t)  +  Ua{x,  t),  yb{x,  t)  =  rjl{x,t)  +  Ub{x.  f)  (2) 

where  t  is  the  bonding  time,  ?/„  and  are  the  elastic  deformation,  and  y*  and  y^  are  the 
permanent  deformation.  We  define  y  as  y  =  y„  -  y,,  in  order  to  simplify  the  eciuations.  We 
also  define  u  as  u  =  and  y*  as  y*  =  yl-  yl-  Then  ?;  =  0  and  u  =  at  the  interface 

(-a  <x  <  a). 


material  a: 

_ 

material  b: 
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1  i  i/  1  I 
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Figure  1.  A  two-demensional  model  for  the  bonding  process,  (a)  The  surface  profiles  before 
the  bonding,  yoa(x)  and  yoi>(x).  (b)  The  partial  contact  on  the  strips  of  width  2a  during  the 
bonding  process  under  the  external  pressure  f. 


Stress  distribution  and  contact  width 

The  external  pressure  f{t)  is  written  as  the  superposition  of  /i  (f)  arid  /2(t),  f{t)  = 
/i(0  +  /2(i)-  The  stress  distribution  at  the  interface  p{x,t)  is  also  written  in  the  form: 

p{x,i)  =  pi{x,i) +p2{x,i)  (^) 

pi(.7:,t)  is  the  strc.ss  distribution  when  the  energy  of  the  interface  Ap  is  imaginarily  reduced 
to  0,  and  the  external  pressure  /(/.)  is  reduced  to  /i(t)  while  remaining  the  contact  area 
(-a  <  X  <a)  adhered  together|l].  P2{x,t)  is  the  stress  distribution  when  the  pressure  f^it) 
is  loaded  to  a  plane  which  contains  an  array  of  eciually  spaced  cracks,  each  of  length  A  -  2a. 
P2{x,t)  is  written  as 

{-a{t)<x<a(t))  (4) 

where  p  =  nx/X,  -  tto/A  and  f-2{t)  =  -{(2E«tA7/A)  tan  Ea  and  Eb  are  the 

elastic  moduluses  and  l/Eab  =  1/Ea  +  l/Eb  is  formed.  The  differential  of  u.(.T,t)  is  written 
as  the  integral  cc[uation[3]: 

^  =  —  V  f  (5) 

dx  T^Eab  s-x 
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where  n  oc  and  is  the  open  interval  {~a  +  k\.  a  +  kX).  Since  we  can  not  solve  the 
integral  equation  analytically,  we  approximate  n  =  N[^  oo)  in  the  equation  (5).  Then  the 
solution  pi{x)  is [4]: 

Pi{x)  =  Fi(a;)  +  Fo(a:)  (6) 

where  and  Fo{x)  is  written  in  the  forms 


Eab^.  .  ^  f  1  du{s)  ds 

- 

2'n'  s  —  x 


,  F„{x)  =  G(x)  Z 


X  +  a  -  kX 


where  Ck  is  written  in  the  form 

/  C-A”  \  /  W_Ar_7v  W_Ar,_jv+l 

-1 

Fi{x)dx  \ 

C-V+l 

= 

WZn+1,-N  ^-N+l.-N+l 

•  •  ^-N+l,N 

Fi{x)dx 

\  Cn 

\  Wn,-N+1 

..  M^iV,Ar  J 

Fi{x)dx  ) 

G(x)  and  Wj^k  are 

^  n 

G{x)  =  n  |- 

k=-N 


■  a  —  kX\^ 


X  —  a  —  kX\ 


u  X  -\-  a  —  kX 


Since  pi{x)  is  the  stress  distribution  without  the  effect  of  the  adhesion  Ay,  the  equation  is 
formed: 

lim  pi{x)  =  0  (10) 

|irH|al~0 

Wc  obtain  the  solution  of  p{x)  and  a  from  above  equations.  When  especially  N  =  0, 

la;|Ha|-0 

is  formed  at  any  value  of  /  and  a.  Then  Cq  ==  0,  Fq{x)  —  0.  Pi(a:)  is  written  as 

^  _^(a_±x^i  (12) 


27r  \a-xj  J-a\a  +  sJ  ds  s x 
The  correlation  between  fiX  and  the  integral  ofpi(rc)  is 

fiX  =  f  pi{x)dx 
J-a 

We  obtain  the  solution  of  a  from  the  equation  (13). 


Permanent  deformation 

We  define  J  as  J{x.t)  =  Ja{x,t)  +  Jij{x,t).  where  and  are  the  flux  of  the  interface 
diffusion  of  each  body.  Then  J  is  assumed  as  J{x,  t)  =  —{D/koT){dp/dx),  where  D  =  DaF 
Db,  ko  is  the  Boltzmann  constant,  and  T  is  the  absolute  temperature  of  the  atmosphere [2], [5]. 
Da  and  Db  are  the  coefficients  of  the  interface  diffusion  of  the  bodies.  We  assume  the  flux 
of  the  surface  diffusion  to  be  negligible  compared  to  the  flux  of  the  interface  diffusion. 
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Then  the  differential  of  the  permanent  deformation  dy*{:r)ldt  =  constant  at  the  surface 
(a  <  |a:|  <  A/2).  dif{x)ldt  is  written  as 


dt 


U) 


d  J[  :r) 


(|.r|  <a) 


2uJ  dJ{o) 
A  -  2o  dx 


(n  <  |.t|  <  -) 


(14) 


where  a;  =  6a  and  61,  are  the  interface  thicknesses,  fia  aiiicl  the  atomic 

vohunes. 


Stress  and  permanent  deformation  of  atoms 

We  consider  the  atomic  size,  which  diameters  are  d  (=  da  =  do).  The  equations  J„  = 
Jh,  ki.  =  Da  =  Dfj,  6a  =  61,  and  0„  =  Qi,  are  formed  because  the  bodies  consist  of 
the  atoms  of  the  same  kind.  Since  we  assume  the  atomic  size  at  the  interface  (Figure  2), 
a  =  (A:  +  l/2)d,  (A’  =  1,2,  ....tja)  is  po.ssible.  The  stress  at  the  atom  of  the  interval  ({A’  — 
l/2)d,  (k  +  l/2)d)  is  defined  as 


1  f{k+V2)<{ 

p[^]  J  /  p{T)dx,  (k  -  0,±1,  ±2,  ...,±na) 

d  J{k-i/2)d 

The  differential  of  the  permanent  deformation  ^’^^[A-]  is  also  defined  as 


Du)  p[k  +  1]  +p[k  -  1]  -  2p[A-] 


(k  =  0,  ±1 . ±(?7fl  -  1)) 


rik]  = 


0, 


(A-  =  ±n„) 


2Duj  p[na]  ~  p[r?fl  -  1] 
A'oT(A  -2a)  r 


(k  =  ±{na  +  1) . ±nx) 


(15) 


(16) 


dy*fdt  is  found  by  the  interpolation  of  ?/*'. 


Figure  2.  The  model  of  the  stresses  on  the  afojn.s.  ;/A’],  (A’  =  0,  ±1, ....  Tuq). 


CALCULATED  RESULTS  AND  DISCUSSION 

We  simulate  the  bonding  process  for  an  ideal  material.  Their  material  constants  are 
showed  on  Table  I.  They  are  the  same  as  those  of  Cu  except  the  yield  stress.  In  this  study, 
the  yield  stress  is  assumed  to  be  infinite  because  of  the  calculation  time. 
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We  adopt  the  approximation  N  =  0.  Johnson  showed  the  relation  betw^een  a  and  /  at 
the  time  of  t  =  0  which  did  not  adopt  the  approximation.  In  order  to  examine  the  errors 
derived  from  the  approximation  N  =  0,  we  compare  our  result  with  Johnson’s  result  at  t  =  0 
{Figure  3). 

We  calculate  the  required  time  for  the  perfect  bonding  in  three  cases  of  the  external 
pressure  f{t)  {Figure  4).  When  f{t)  is  constant  pressine  or  zero  pressure,  the  contact  width 
a  increases  at  a  high  rate  at  the  transient  state  immediately  after  starting  the  bonding 
process  {Figure  5).  By  changing  f{t)  at  high  frequency,  the  transient  phenomena  occurs  at 
the  moment  of  changing  the  pressure,  and  the  bonding  time  decreases  compared  to  the  case 
of  the  constant  pressure.  As  a  result,  we  decrease  the  bonding  time  when  we  change  f{t)  at 
appropriate  frequency.  In  this  study,  an  infinite  yield  stress  is  assumed  in  order  to  reduce 
the  load  of  the  calculation.  The  enhancement  of  the  diffusion  would  be  also  possible  for  the 
small  bonding  pressure. 


Table  I.  Material  constants  used  in  this  analysis. 


Constant 

Dimension 

Value 

Constant 

Dimension 

Value 

Ea(=Et) 

(xlO^Pa) 

1.36 

ha  {=  hb) 

(xlO-'An) 

2.56 

I'a 

0.35 

5a  (=  4) 

(xlO-An) 

1.81 

da  (~  dll') 

(xlO-An) 

1.28 

n,(=n6) 

(xlO-^^m^) 

1.19 

Da{=  A) 

(xlO-^W/s) 

9.70 

T 

(K) 

273.0 

A7 

(N/m) 

1.0 

ay 

oo 

A 

(xl0“®m) 

2.56 

a  (xlOnm) 


Figure  3.  The  correlation  between  the  external  pressure  f  and  the  half  of  the  contact  width 
a  at  the  time  oft  =  0  (before  the  diffusion  starting).  This  figure  shows  the  errors  derived 
from  the  approximation  IV  =  0  compared  to  Johnson’s  equation. 


CONCLUSIONS 

This  study  suggests  a  new  method  to  simulate  the  solid-state  bonding-process  under 
the  condition  of  low  pressure  and  low  temperature.  We  examine  the  enhancement  effect  of 
changing  the  external  pressure  on  the  interface  diffusion.  We  simulate  the  bonding  process  in 
three  cases  of  the  pressure;  the  constant  pressure,  the  zero  pressure  and  the  on-off  pressure. 
As  a  result,  the  on-off  pressure  decreases  the  required  time  for  perfect  bonding  compared  to 
the  case  of  the  constant  pressure. 
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t  t 


Figure  4.  Three  types  of  the  external  pressure  f  as  a  function  of  the  bonding  time  t.  (a) 
The  1st  type  is  the  constant  pressure:  the  2nd  type  is  zero  pressure;  (h)  the  3rd  type  is  the 
pressure  changed  in  the  cycle,  r. 


t  (xlO®s)  X  (s) 

Figure  5.  (a)  The  process  of  increasing  the  half  of  the  contact  width  a.  This  figure  shows 
the  enhancement  effect  of  changing  the  external  pressure  f;  the  cycle  of  the  3irl  pressure 
type  is  T.  (b)  The  correla  tion  between  the  cycle  of  changing  the  pressure  r  and  the  bonding 
time  t;  —  is  the  bonding  time  by  the  1st  pressure  type. 
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ABSTRACT 

We  present  a  simulation  technique  that  allows  the  calculation  of  a  phase  coexistence  curve 
from  a  single  nonequilibrium  molecular  dynamics  (MD)  simulation.  The  approach  is  based  on 
the  simultaneous  simulation  of  two  coexisting  phases,  each  in  its  own  computational  cell,  and  the 
integration  of  the  relevant  Clausius-Clapeyron  equation  starting  from  a  known  coexistence  point. 
As  an  illustration  of  the  effectiveness  of  our  approach  we  apply  the  method  to  explore  the 
melting  curve  in  the  Lennard-Jones  phase  diagram. 

INTRODUCTION 

One  of  the  most  challenging  applications  of  computer  simulation  techniques  concerns  the 
determination  of  the  phase  behavior  of  a  substance  of  interest.  Given  that  the  size  of  the  systems 
studied  in  typical  simulations  is  relatively  small,  a  direct  observation  of  phase  coexistence  in  a 
single  computational  cell  is  problematic  due  to  the  interface  dividing  the  coexisting  phases.  In 
order  to  avoid  such  problems  one  usually  adopts  an  indirect  route  in  which  the  coexistence 
conditions  are  determined  by  considering  the  thermodynamic  properties  of  each  phase 
individually.  An  effective  methodology  for  the  computation  of  phase  equilibria  using  such  an 
approach  is  the  Clausius-Clapeyron  integration  (CCI)  method  introduced  by  Kofke  [1-5],  in 
which  the  relevant  Clausius-Clapeyron  differential  equation  is  solved  numerically.  For 
coexistence  in  the  pressure/temperature  domain,  for  example,  this  equation  has  the  well-known 
form 


dP  _  AH 
dT  ~  TAV  ’ 


(1) 


where  AH  and  AV  are,  respectively,  the  molar  enthalpy  and  volume  differences  between  two 
coexisting  phases  A  and  B.  In  Kofke’s  implementation  this  equation  is  discretized  and  integrated 
numerically  by  conducting  a  series  of  equilibrium  simulations  along  which  the  temperature  (or 
pressure)  varies  on  a  discrete  mesh.  Each  simulation  considers  both  phases  simultaneously,  in 
separate  computational  cells,  and  measures  the  differences  AH  and  AV  corresponding  to  the 
current  values  of  coexistence  temperature  and  pressure.  Given  an  initial  coexistence  condition, 
the  rest  of  the  coexistence  curve  is  then  mapped  out  by  updating  the  coexistence  pressure  (or 
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temperature)  according  to  Eq.  (1)  using  a  predictor-corrector  integrator.  In  this  fashion,  each 
equilibrium  simulation  provides  one  new  point  on  the  coexistence  curve. 

In  this  paper  we  present  an  alternative  implementation  of  the  CCI  concept  which  enables  the 
determination  of  an  entire  coexistence  curve  from  only  one  nonequilibrium  simulation.  The 
approach  is  based  on  the  Reversible-Scaling  free-energy  method  [6-8]  and  replaces  the 
integration  along  a  discrete  series  of  equilibrium  states  by  one  along  a  quasi-continuous  sequence 
of  nonequilibrium  states.  We  illustrate  the  effectiveness  of  our  approach  by  exploring  the  melting 
curve  in  the  Lennard-Jones  phase  diagram. 

METHODOLOGY 

Reversible  Scaling 

The  Reversible-Scaling  (RS)  technique  [6-8]  is  based  on  an  equivalence  relation  between  the 
partition  functions  of  a  given  system  of  interest  and  its  associated  scaled  system,  whose  potential 
energy  function  is  constructed  by  scaling  the  original  one  by  a  positive  factor  X: 

(2) 

where  the  denote  the  N  particle  positions.  Considering  the  isobaric-isothermal  partition 
functions  [9]  for  both  systems  one  finds  that  their  configurational  Gibbs  free  energies  are  related 
according  to 


■‘0 

where  /])  and  T  are  the  pressure  and  temperature  in  the  system  of  interest,  and 
Kcated  ~  -^0  ^0  =  corresponding  values  in  the  scaled  system.  This  relation 

implies  that  the  problem  of  computing  the  free  energy  of  the  system  of  interest  as  a  function  of 
temperature  T  is  completely  equivalent  to  the  problem  of  evaluating  the  free  energy  of  the  scaled 
system  as  a  function  of  the  scaling  parameter  X,  at  a  constant  temperature  Tq  . 

The  latter  can  be  addressed  very  effectively  within  the  framework  of  the  coupling  parameter 
formalism  of  thermodynamic  integration  (Tl)  [9],  according  to  which  the  free  energy  of  the 
scaled  system  may  be  written  as 


where  G„„AN, , r„ ; 4, )  =  G,„„, (N,P„,T„/ 1,,,. )  is  a  reference  free-energy  value 
assumed  to  be  known  beforehand,  and  where 


W..., 


ao.,. „,,(/!) 
3A 


+  (t/ 


.vv.vft'/jr 


(5) 
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is  the  cumulative  reversible  work  function  associated  with  the  scaling  coordinate  X.  Here, 

(r)  and  denote  ensemble  averages  of,  respectively,  the  volume  and  potential  energy 

over  the  {N,  APq ensemble  for  the  scaled  system. 

The  function  can  be  estimated  very  efficiently  using  the  adiabatic  switching  (AS) 

nonequilibrium  method  [8],  in  which  the  scaling  parameter  A  =  A(/)  is  a  function  of  time  that 
varies  continuously  between  initial  and  final  values  A(0)  =  and  X{t  J  =  being  the 

switching  time  of  the  AS  simulation.  In  this  manner  one  obtains  a  dynamical  estimator  for  the 
function  (A)  from  a  single  AS  simulation  of  duration  4  : 


U(0]  =]dt'  kt')  h  ''(f) + c/^.„  «')] ,  0  <  <  < ;. ,  (6) 

0 

where  the  ensemble  averages  of  the  volume  and  potential  energy  in  Eq.  (5)  have  been  replaced 
by  their  instantaneous  values  during  the  AS  simulation.  Evidently,  W^y„  [A{0]  is  a  biased 
estimator  for  since  the  AS  process  is  irreversible  in  nature  and  subject  to  dissipative 

entropy  production.  Accordingly,  the  dynamical  estimator  (8)  will  be  rigorously  equal  to  fVrev(A) 
only  in  the  limit  when  the  process  becomes  ideally  adiabatic.  In  practice,  however,  the 

convergence  of  W^y„  [A(?)]  with  increasing  is  remarkably  rapid,  allowing  an  accurate 
determination  of  IFrev(A)  and  ^  (through  Eqs.  (4)  and  (3)),  from  a  single  and 

relatively  short  RS-AS  simulation.  Moreover,  any  small  systematic  errors  caused  by  finite 
switching  times  can  be  eliminated  using  a  simple  hysteresis  analysis  procedure  [10,1 1]. 

Clausius-Clapeyron  Reversible  Scaling 

The  RS  approach  can  be  extended  in  a  manner  that  allows  efficient  and  accurate  integration 
of  the  Clausius-Clapeyron  equation  for  two  coexisting  phases.  In  analogy  to  Eq.  (4),  the  free 
energies  of  the  scaled  systems  associated  with  the  phases  A  and  B  can  be  written  as 

GZAN,^Ak,T„a)  =  +  ,  0) 


where  the  pressure  Pq  in  the  systems  of  interest  now  varies  explicitly  as  a  function  of 

temperature  (and  thus  as  a  function  of  A  in  the  corresponding  scaled  systems).  The  corresponding 
cumulative  reversible  work  functions  for  both  phases  are  given  by 


A,/ 


dX 


A,B 


(8) 


Now,  suppose  the  phases  A  and  B  are  in  coexistence  at  some  temperature  /  A,,^^  and 

pressure  Pr„  .  In  order  to  maintain  the  phases  in  coexistence  upon  an  infinitesimal  change  c/Ain 
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the  scaled  systems,  the  associated  reversible  work  increments  for  phases  A  and  B  must  be  equal. 
In  order  to  satisfy  this  condition,  the  derivative  ciP^  I clXmust  obey 


Y -(u  Y 


(9) 


which  is  simply  the  Clausius-Clapeyron  equation  within  the  RS  formulation.  Implementing  Eq. 
(9)  within  the  AS  scheme  then  leads  to  a  dynamical  “equation  of  motion”  for  the  evolution  of  the 
coexistence  pressure: 


dPAKt)]  _ _i(0 f  P 

dt  V\t)-V\t)  J 


(10) 


Given  an  initial  coexistence  condition,  the  integration  of  this  equation  then  provides  a  dynamical 
estimator  for  an  entire  coexistence  curve  from  a  single  RS-AS  simulation  in  which  both  phases 
are  considered  simultaneously,  in  separate  computational  cells.  At  each  instant,  both  cells  are 
subjected  to  the  same  external  pressure,  given  by  Eq.  (10).  This  relation  describes  an  indirect 
coupling  between  the  two  coexisting  phases,  determining  the  evolution  of  the  coexistence 
pressure  in  terms  of  the  instantaneous  potential  energy  and  volume  differences  between  both 
cells. 


APPLICATION:  MELTING  CURVE  IN  LENNARD-JONES  SYSTEM 

As  an  illustration  of  the  effectiveness  of  the  Clausius-Clapeyron  RS-AS  technique,  we 
computed  the  fee  solid-liquid  coexistence  boundary  in  the  Lennard-Joncs  (LJ)  system.  For  both 
phases  we  employed  cubic  computational  cells  containing  500  particles  subject  to  standard 
periodic  boundary  conditions.  The  cut-off  radius  was  selected  at  =  3.5<t  and  standard  long- 
range  corrections  were  applied  to  the  measured  energies  and  pressures  [9].  The  MD  simulations 
were  carried  out  using  isobaric-isothermal  dynamics  based  on  a  combination  of  the  Nose-Hoover 
thermostat  and  Andersen  barostat.  The  corresponding  equations  of  motion  were  integrated  using 
the  leapfrog  algorithm  with  a  time  step  A/  =  0.002  (LJ  units). 

First,  we  determined  an  initial  point  on  the  melting  line  by  computing  the  Gibbs  free  energies 
of  the  LJ  solid  and  liquid  as  a  function  of  temperature  at  a  pressure  P,,  =  \£ !  (7^  using  the  RS-AS 
technique.  The  functional  form  of  A{t)  was  chosen  to  be  linear  in  t.  Figure  1  shows  the 
converged  results  for  the  configurational  Gibbs  free  energies  per  particle  as  a  function 
of  temperature,  obtained  using  switching  times  of  =10  (5-10^  MD  steps)  and  =  50 

(2.5  •  10'*  steps)  LJ  time  units  for  the  solid  and  liquid  phases,  respectively.  As  a  check  we 
conducted  independent  free-energy  computations  at  the  upper  and  lower  limits  of  the 
temperature  intervals  covered  by  the  RS-AS  simulations.  The  results  of  these  calculations,  shown 
as  the  symbols  in  the  plot,  indicate  an  excellent  agreement  with  the  RS-AS  data.  From  the 
crossing  of  both  free-energy  curves  the  coexistence  condition  for  the  pressure  P^^  =  1  f  /cr^  was 
found  at  a  temperature  =  {0J17 ± 0.001)  ef  kg. 
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Configurational  Gihbs  fron  enrrgy  for  P=  1 


Figure  1.  Configurational  Gibbs  free  energy  as  a  function  of  temperature  for  the  Lennard-Jones  FCC  and  liquid 
phases. 

Starting  from  this  initial  coexistence  point  we  applied  the  Clausius-Clapeyron  RS-AS 
technique  to  extrapolate  the  melting  line  to  the  temperature  T  =  7.777.  Figure  2  shows  the  results 
obtained  for  three  values  of  the  switching  time:  =  5  (  full  curve,  1  •  10^  MD  steps),  -  20 
(dotted  curve,  1  •  lO'^MD  steps),  and  =  200  ( dashed  curve,  1  •  10^  MD  steps).  For  comparison, 
the  equilibrium  CCI  results  from  [4]  (obtained  for  500  and  432  particles  in  the  solid  and  liquid 
phases,  respectively)  are  shown  as  the  square  symbols. 


LJ  melting  curve 


Figure  2.  Clausius-Clapeyron  RS-AS  melting  curves  for  the  U  system.  Symbols  represent  data  from  [4]. 
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The  agreement  between  the  Clausius-CIapeyron  RS-AS  results  and  those  obtained  in  [4]  is 
excellent  for  all  temperatures  below  T  =  4.0.  For  higher  temperatures  our  results  predict  a 
slightly  higher  coexistence  pressure,  reaching  a  discrepancy  of  2.5  %  at  7.61.  This 
discrepancy  is  possibly  related  to  the  fact  that  our  calculations  were  carried  out  using  a  fixed  cut¬ 
off  radius  for  the  potential,  while  the  results  in  [4]  were  based  on  a  variable  cut-off  radius. 
Considering  the  computational  overhead  associated  with  both  methods,  the  Clausius-CIapeyron 
RS-AS  technique  is  found  to  be  considerably  more  efficient  than  the  equilibrium  method  used  in 
[4],  Given  that  each  data  point  in  the  calculations  of  [4]  required  at  least  4.2  •10'*  Monte  Carlo 
(MC)  trials,  the  nonequilibrium  implementation  of  CCI  is  about  a  factor  15  less  expensive, 
showing  a  converged  coexistence  boundary  using  only  1  ■  10'*  MD  steps  to  cover  the  entire 
temperature  range  between  T  =  0.777  and  T -  7.777. 

SUMMARY 

We  presented  a  new  implementation  of  the  Clausius-CIapeyron  integration  procedure  for  the 
determination  of  phase  coexistence  boundaries  using  atomistic  simulation  techniques.  Our 
approach  is  based  on  the  Reversible-Scaling  free  energy  method  and  allows  the  calculation  of  an 
entire  coexistence  curve  from  a  single,  relatively  short  nonequilibrium  simulation.  Application  of 
the  technique  to  the  calculation  of  the  melting  cur\'e  in  the  Lennard-Jones  phase  diagram  shows 
that  the  present  nonequilibrium  method  is  significantly  less  expensive  than  the  original 
equilibrium  implementation.  Although  further  exploration  of  the  technique’s  applicability  is 
needed,  the  demonstrated  efficiency  suggests  the  method  should  be  useful  for  the  determination 
of  coexistence  curves  using  computationally  demanding  modeling  approaches  such  as  tight- 
binding  and  first-principles  molecular  dynamics. 
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ABSTRACT 

Dynamic  Monte-Carlo  simulations  of  three  dimensional  ion  motions  are  carried  out  based 
on  a  multi-well  potential  model.  A  parallel  plate  capacitor  is  modeled  with  an  ionic  conducting 
polymer  having  two  ideal  blocking  electrodes.  Positive  ions  (maximum  1000)  are  located  on  a 
cubic  lattice  with  a  maximum  size  of  100x100x100  locations.  A  negative  background  charge, 
constant  in  space  and  time,  is  used  to  provide  charge  neutrality.  The  positive  ions  can  perform 
hops  between  neighboring  sites  with  a  probability  corresponding  to  distributed  energy  barriers. 
To  calculate  the  potentials  due  to  an  interaction  of  the  ions  the  method  of  images  is  used.  The 
steady  state  and  the  dynamic  properties  are  studied  after  application  of  a  voltage  step  in 
dependence  on  the  sample  thickness,  the  ion  concentration  and  the  voltage.  A  simulation  of  a 
space  charge  polarization  yields  an  explanation  for  the  experiments  in  the  time  and  in  the 
frequency  domain. 

INTRODUCTION 

Electrical  relaxation  processes  in  dielectric  materials  as  well  as  in  solid  ionic  conductors 
often  show  a  dispersed  behavior  in  a  wide  range.  In  many  cases  this  can  be  expressed  in  a  power 
law  j  oc  t  ~*^  of  the  response  function  in  the  time  domain  [1].  In  the  frequency  domain  we  find  a 
power  law  of  the  imaginary  part  of  the  permittivity  e”(co) (O^  respectively  of  the  real  part  of 
the  conductivity  cj’(co)  vdth  (3  =  a-1  [2],  In  the  dielectrics  this  behavior  can  be  explained 

with  the  aid  of  debye  processes  with  distributed  relaxation  times  due  to  an  internal  static  energy 
barrier  distribution.  For  solid  polymer  electrolytes  several  models  are  developed,  which  attribute 
the  power  law  to  the  microscopic  dynamic  disorder  in  the  material  [3].  hi  this  picture  the  ions 
can  change  their  pathways  through  the  electrolyte  due  to  a  rearrangement  of  the  polymer  host. 
For  other  classes  of  solid  electrolytes  similar  assumption  are  made  [4].  A  model,  which  uses  a 
combination  of  static  disorder  and  interaction  between  the  ions,  is  the  counter-ion  model  [5].  In 
this  model  an  energy  distribution  is  caused  by  the  coulomb  interaction  of  counter-ions,  which  are 
fixed  on  lattice  sites.  In  our  model  we  use  a  constant  negative  background  charge  to  provide 
charge  neutrality.  Furthermore,  we  introduce  an  intrinsic  barrier  energy  distribution,  which  may 
be  due  to  a  disordered  polymer  host.  Because  the  goal  is  to  simulate  thin  structures,  we  have  to 
consider  the  electrode  effects  due  to  image  charges.  The  existence  of  blocking  layers  allows  us  to 
separate  an  injection  of  charges  from  a  space  charge  polarization  and  the  related  accumulation  of 
charges  at  the  electrodes. 

EXPERIMENTAL 

Thin  films  (0.3  pm  to  30  pm)  of  poly(ethylene  oxide)  (PEO)  with  molecular  weights  from 
6x  10^  to  4x  10^  were  prepared  from  aqueous  solutions  by  a  spin  technique  as  Al-PEO-Al 
structures.  Dielectric  measurements  (capacitance  and  loss  angle)  were  carried  out  in  a  frequency 
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range  3  mHz  <  f  <  1  MHz  in  atmospheres  of 
different  relative  humidity  (0%  r.h.  to  75%  r.h.) 
and  at  different  temperatures  (293  K  to  323  K) 

[6,7]. 

The  capacitance  Cp((0  =  27tf)  exhibits  a 
remarkable  dependence  on  the  sample  thickness  d 
in  the  high  frequency  range  and  is  independent  of  d 
at  low  frequencies  (Fig.  I).  The  relaxation 
frequency  decreases  with  increasing  thickness.  The 
real  part  of  the  relative  permittivity  e’  »:  Cpd  is  not 
dependent  on  the  sample  thickness  in  the  high 
frequency  range  and  in  the  low  frequency  regime 
the  permittivity  increases  linearly  with  increasing 
thickness.  This  can  be  explained  by  a  true  volume 
polarization  in  the  high  frequency  range  and  a 
relaxation  process  due  to  an  ion  (hydrogen  and 
lithium)  movement  in  the  low  frequency  range.  The 
relaxation  process  is  thermally  activated  and  the 
time  constant  is  shifted  towards  high  frequencies 
with  increasing  relative  humidity  [7]. 

The  ions  move  through  the  sample  to  the 
electrode  interfaces  and  form  an  ionic  space 
charge.  We  assume  that  at  the  PEO-Al  interface  an 
oxide  layer  is  fonned,  which  is  impermeable  for 
these  ions.  The  imaginary  part  of  the  permittivity- 
shows,  that  the  relaxation  process  is  not  only  due  to 
a  simple  ionic  conduction  between  the  electrodes  (Fig.  2).  We  find  a  dispersed  imaginary  part  of 
the  permittivity  e”(®)  O)'  respectively  a  conductivity  (T’(a))  « 

MODEL 

For  the  simulation  of  our  system  wc  use  a  model,  in  which  the  movement  of  the  ions  can  be 
described  by  an  ion  hopping  in  a  multi-well  potential  structure  with  thermally  activated  hopping 
rates.  In  the  model  it  is  assumed,  that  only  the  positive  ions  are  mobile.  A  negative  background 
charge,  constant  in  space  and  time,  is  used  to  provide  charge  neutrality.  Positive  ions  (maximum 
1000)  are  distributed  on  a  cubic  lattice  with  up  to  10^  cells,  which  are  separated  by  energy 
barriers  Wo.  The  intrinsic  energy  barriers  can  have  different  heights.  A  simple  assumption  is  a 
box-like  distribution  function,  which  is  used  in  the  simulation  besides  a  uniform  height.  To 
calculate  the  potentials  between  the  electrodes  due  to  an  interaction  of  the  ions  we  use  the 
method  of  images.  The  potential  of  a  test  charge  is  the  sum  of  the  coulomb  potentials  of  all 
original  charges  and  the  image  charges.  The  potential  of  the  charge  itself  is  excluded  from  the 
sum.  For  the  four  sample  surfaces  not  in  contact  with  the  electrodes,  periodic  boundary 
conditions  are  used.  With  the  aid  of  this  method  it  is  possible  to  calculate  the  potential  respec¬ 
tively  the  energy  level  for  all  lattice  cells  which  contain  ions  and  for  their  neighboring  cells. 

The  influence  of  the  energy  distribution  can  be  explained  most  clearly  by  a  one-dimensional 
representation  of  the  sample  structure.  The  polymer  electrolyte  with  thickness  d  is  enclosed 
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Fig.  1:  Capacitance,  0  %r.h.,  303  K 
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Fig.  2:  Imaginaiy  part  of  the  nominal 
permittivity.  303  K,  d  =  2.3  pm 
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between  two  electrodes  (Fig.  3).  Between  the  dielectric  and  the  electrodes  an  oxide  layer  is 
modeled,  which  is  impermeable  for  ions.  The  dielectric  can  be  subdivided  in  layers  or  sites 
with  a  distance  t  between  them.  The  ions  with  a  positive  charge  q  are  located  on  the  sites,  which 
correspond  to  minima  in  a  multi-well  energy  structure.  To  jump  from  a  well  z  to  the  neighboring 
well  z+l  the  ion  has  to  surmount  the  energy  barrier  ^+1  and  the  energy  barrier  in  the 

opposite  direction.  The  barrier  height  at  the  blocking  oxide  layer  is  infinite.  Each  energy  barrier 
is  the  sum  of  three  energy  parts  ^ ^  ^ 

Wzz+l  =Wo-AW/2-8W/2  (1)  K'l  K 

u'-.-- 1 ;  Qj 

The  first  term  Wo  is  the  intrinsic  energy  barrier  g  -  Si'  :  /  w  J 

height,  which  may  be  distributed.  The  energy  term  8  ^  :  ^  ^  « 

AW/2  is  due  to  the  interaction  of  the  ions  and  the  J !  .2  ' 

last  term  8W/2  is  due  to  the  external  applied  field  t  t  ^ 

Ea  with6W  =  qE3f.  For  a  thermally  activated  z  z+l  i 

hopping  process  between  two  layers  we  use  the  1  ^z,z+l  I 

transition  rates  \  ^’'^z+l,z  1 


Wo 

8W 

AW 

kT 

_| _ 

2kT 

2kT 

Wo 

8W 

AW 

kT 

2kT 

2kT 

w  _  V  .  exnf  —  I  Fig,  3:  One-dimensional  representation 

z+u  0  PI  2]^X  2kT  1  of  the  sample  structure 

The  complement  of  the  transition  rate  is  the  average  transition  time  t  =  1/iv.  For  the  one¬ 
dimensional  model  two  possible  directions  of  ion  hopping  must  be  considered.  By  expanding  the 
model  to  three  dimensions  the  layers  are  replaced  by  lattice  cells,  which  can  contain  one  single 
ion  per  cell.  Then  six  possible  hop  directions  to  the  nearest  neighbors  have  to  be  considered.  A 
Monte-Carlo  algorithm  can  be  formulated:  For  all  ions  i  and  all  possible  jump  directions  k  the 
average  transition  times  are  calculated  and  a  set  of  equidistributed  random  numbers  x  in  the 
interval  ]0,1]  is  generated.  The  random  jump  time  t  for  all  ions  and  all  directions  can  be  derived 
assuming  an  exponential  time  distribution  of  hopping  events  [8].  Using  the  distribution  law  we 
find  ti^k  =  Inx.  The  ion  with  the  minimum  time  tmin  =  min[ti^k]  jumps  in  direction  k.  After 
the  jump  the  system  time  is  increased  by  tmin  and  the  interesting  quantities:  polarization,  current 
density,  charge  distribution,  etc.,  can  be  calculated.  After  that  all  niust  be  recalculated.  By 
repeating  each  step  in  a  loop  we  are  able  to  perform  a  simulation  of  the  temporal  evolution  of  the 
system.  The  loop  is  interrupted,  if  the  maximum  system  time  is  reached. 

SIMULATION 


Basic  properties  of  Ion  Systems 

The  algorithm  is  implemented  in  a  computer  simulation.  The  basic  configuration  of  the 
system  is  a  lattice  with  50x50x50  lattice  cells  and  1000  ions,  which  are  distributed  randomly  on 
the  lattice.  The  hopping  distance  is  1  nm  and  the  blocking  layer  thickness  is  2  nm.  Starting  the 
simulation  with  an  external  voltage  V  =  Egd  =  0,  we  find  a  fluctuation  of  the  ions  due  to  random 
hops  in  all  directions.  By  application  of  an  external  voltage  we  find  an  average  movement  in  the 
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direction  of  the  field  until  a  new  steady  state  is 
reached.  In  Fig.  4  the  space  charge  density  of  positive 
ions  is  plotted  versus  the  distance  from  the  left 
electrode  in  the  relaxed  system.  To  reduce  the  noise 
from  the  data  the  space  charge  is  averaged  over  the  x- 
and  the  y-axis.  For  the  zero  voltage  case  the  space 
charge  is  constant  and  equal  to  the  negative  value  of 
the  constant  background  charge.  After  application  of  a 
4  V  step  the  ions  arc  moved  from  the  positive  (left)  to 
the  negative  (right)  electrode.  A  depletion  of  ions  is 
generated  at  the  positive  electrode  and  an  accumulation 
at  the  negative  electrode.  In  addition  to  the  external 
field  the  positive  ions  are  attracted  to  the  electrode  by 
their  negative  image  charges  resulting  in  an  increase  of 
the  transition  times,  i.e.  a  trapping  of  the  ions  at  the 
electrode.  Positive  ions  neighboring  the  accumulation 
layer  are  repelled  because  of  their  equal  polarity  and  an 
additional  depletion  zone  can  be  observed.  The  center 
of  the  positive  charge  is  shifted  by  Ax  out  of  the  center 
of  the  electrolyte.  Together  with  the  negative 
background  charge  this  yields  a  polarization  of  the 
sample. 

The  local  electrical  field,  which  is  proportional  to 
the  integral  of  the  space  charge,  has  a  finite  value  at  the 
electrodes.  There  is  no  electrical  field  in  the  center  of 
the  electrolyte  due  to  a  shielding  by  the  ions. 
Corresponding  to  the  electrical  field  the  potential  in  the 
center  of  the  sample  is  a  constant.  After  release  of  the 
external  voltage  the  ions  relax  due  to  an  interaction  and 
due  to  diffusion. 


Fig.  4:  Space  charge  distribution 


Fig.  5:  Current  response  after  a  voltage  step 
of  0.5  P' for  one  single  harrier  height  Wo 


Dynamic  properties 

The  dynamic  properties  of  the  ionic  systems  are 
studied  after  application  of  an  external  voltage  step.  In 
Fig.  5  and  Fig.  6  the  current  density  versus  the  time  is 
shown  in  a  log-log  plot  for  a  voltage  step  of  0.5  V 
(linear  regime).  For  one  single  transition  time  due  to  a 
constant  energy  barrier  height  of  27.6  kT,  an 
exponential  decay  of  the  current  density  can  be 
observed  (Fig.  5).  The  system  relaxation  time  constant 
is  a  multiple  of  a  single  transition  time  due  to  a  jump 
over  multiple  wells  and  depends  on  the  sample 
thickness.  Considering  a  box-like  distribution  of 
energy  barrier  heights  from  27.6  kT  to  47.6  kT  we  find 
a  current  density  j  «  t '  ”  with  a  =  0.6  (Fig.6).  For  a 
LTI-system  in  the  frequency  band  a  gradient  (3  of  the 


Fig.  6:  CtoTcrjt  response  after  a  voltage  step 
of  0.5  V for  a  box-like  distribution  of  harrier 
heights  W„ 
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imaginary  part  of  the  permittivity  is  found  with  P  =  a  -1  =  -  0.4.  Compared  to  the  measurements 
(Fig.  2)  this  value  is  to  high.  But,  by  a  variation  of  the  energy  distribution  function  it  should  be 
possible  to  adapt  the  experimental  value.  In  the  following  simulations  a  constant  barrier  height 
Wo  =  27.6  kT  is  used. 

Variation  of  the  electrolyte  thickness 

From  the  low  frequency  capacitance  the  steady 
state  polarization  P  ~  Cgd  is  derived,  which  increases 
linearly  with  the  sample  thickness  d  (Fig.  1).  In  the 
simulation  the  thickness  d  was  also  varied  with  a 
constant  density  of  ions  and  a  constant  applied  field 
Eg.  A  linear  increase  of  the  polarization  with 
increasing  d  is  found  (Fig.  7).  The  ions  travel  over 
longer  distances  and  increase  therefore  the  dipole 
moment  p  (Fig.  4).  The  experiment  also  shows  a 
linear  increase  of  the  system  relaxation  time  with 
increasing  d.  This  is  also  found  in  the  simulation. 

The  system  time  constant  in  thicker  samples  is 
longer,  because  the  ions  have  to  travel  over  longer 
distances  between  the  electrodes  with  multiple  hops. 

Variation  of  the  ion  density 

The  relaxation  frequency  of  the  measured 
process  increases  linearly  with  the  dopant 
concentration  n  in  a  log-log  scale.  The  simulated 
reciprocal  system  relaxation  time  also  shows  this 
behavior  (Fig.  8),  but  with  a  lower  slope.  The 
increase  can  be  explained  by  a  long  range 
displacement  for  lower  ion  concentrations  and  by  a 
short  range  displacement  for  higher  ion 
concentrations.  Corresponding  to  the  hop  over  less 
energy  barriers  a  faster  relaxation  is  found  in  the 
second  case. 

Variation  of  the  external  voltage 

The  static  polarization  is  simulated  in 
dependence  on  the  applied  voltage  U  (Fig.  9)  for  a 
50x50x50  lattice  cells  and  1000  ions  coiresponding 
to  n  =  0.8x1  O^'^/m^  In  the  low  voltage  range  the 
steady  state  polarization  increases  linearly  with  the 
applied  voltage.  The  internal  electrical  field  is  zero 
nearly  in  the  complete  electrolyte.  For  larger  values 
of  U  the  slope  of  the  curve  decreases  with  increasing 
voltages.  The  non-linear  behavior  of  the  polarization 
is  correlated  with  an  increasing  width  of  the 
depletion  and  the  accumulation  zones  at  the 
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Fig.  7:  Steady  state  polarization  after  a 
step  of  the  electrical  field  Ea  =  9.3x1  V/m 
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Fig.  8:  Reciprocal  relaxation  time 
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electrodes  (Fig.  4).  The  small  signal  permittivity  Eg  oc  dP/dU  decreases  in  the  experiments  with 
an  increasing  applied  voltage  U.  This  corresponds  to  the  simulated  behavior.  To  test  the  validity 
of  the  model  in  the  static  and  small  field  limit,  the  polarization  by  the  MC  simulation  can  be 
compared  to  the  polarization  by  the  continuum  equation  assuming  an  ionic  surface  charge  at  the 
blocking  layers  (dashed  line  in  Fig.  9).  For  small  voltages  (U^  0)  the  results  of  the  MC 
simulation  and  of  the  continuum  model  are  in  good  agreement. 

Thin  blocking  layers 

An  important  parameter  in  the  simulation  is  the 
thickness  of  the  blocking  oxide  layers.  For 
dox  =  0.1  nm  we  find  a  polarization  current  density, 
which  differs  completely  from  the  exponential  decay 
observed  for  dox  =  2  nm  (Fig.  5).  For  longer  times  a 
current  density]  oc  t  *  is  found,  which  is  due  to  an 
attraction  of  ions  towards  the  electrodes  by  the  image 
charges.  This  is  the  first  time  we  find  the 
t'”- behavior  without  the  need  of  any  intrinsic 
distributed  transition  times.  Measurements  in  the  long 
time  range  show  a  current  density]  oc  t '  ’ We  assume 
that  the  thickness  of  the  blocking  layer  and  therefore 
the  electrode  material  plays  an  important  role  for  the 
behavior  at  long  times. 

CONCLUSION 

Monte-Carlo  simulations  of  the  steady  state  and  dynamic  properties  of  a  space  charge 
polarization  are  performed.  For  an  Al-PEO-Al  thin  film  structure  we  find  a  qualitative  agreement 
of  experiment  and  simulation  by  a  variation  of  the  parameters  thickness,  ion  density  and  applied 
voltage.  Due  to  a  shielding  of  the  external  field  by  the  mobile  ions  the  electrical  field  is  zero  in 
the  center  of  the  structure.  For  short  time  scales  a  polarization  current  ]  ~  t  ’  is  found  due  to  a 
box-like  energy  distribution.  In  the  long  time  range  a  polarization  current  j  ~  t  ’ '  ^  is  due  to 
image  charges  in  the  electrodes. 
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ABSTRACT 

In  this  work  we  report  the  self-affinity  analysis  of  the  fracture  surfaces  of  a  polymeric 
semicrystalline  material  and  an  opal  glass.  In  the  case  of  the  plastic  material,  samples  of  isotactic 
polypropylene  (i-PP)  were  prepared  by  varying  the  cooling  rate  from  the  melt;  this  resulted  in 
different  spherulite  sizes.  Samples  were  then  broken  in  bend  test  after  being  immersed  in  liquid 
nitrogen.  In  the  case  of  the  opal  glass,  samples  with  different  sizes  of  the  opacifying  particles, 
obtained  by  different  thermal  treatments,  were  broken  in  a  punch  test.  In  both  cases  the  fracture 
surfaces  were  analyzed  by  both  Scanning  Electron  Microscopy  (SEM)  and  Atomic  Force 
Microscopy  (AFM)  in  the  contact  mode.  Self-affinity  analysis  was  performed  by  the  variable 
bandwidth  method,  covering  a  range  of  length  scales  spanning  from  a  few  nanometers  up  to  ten 
micrometers.  The  roughness  exponents  are  found  to  be  of  similar  values  close  to  ^  =  0.8  with  the 
correlation  length  corresponding  to  the  size  of  the  spherulites  in  the  plastic  material  and  to  the 
size  of  the  opacifying  particles  in  the  opal  glass.  These  results  should  be  taken  into  account  in  the 
development  of  multiscale  models  and  simulations  of  the  fracture  process  of  real  heterogeneous 
materials. 


INTRODUCTION 

Fracture  surfaces  are  natural  anisotropic  fractals,  their  self-affme  character  is  now  almost 
universally  accepted.  The  first  quantitative  description  of  these  irregular  surfaces  using  fractal 
geometry  were  published  in  1984  by  Mandelbrot  et  al,  his  results  suggested  a  correlation 
between  the  fractal  dimension  of  the  fracture  surface  of  maraging  steel  with  the  impact  energy  in 
samples  with  different  heat  treatments  [1].  Later  on,  refined  experiments  in  a  variety  of  materials 
did  not  corroborate  this  relationship  between  fractal  dimension  and  mechanical  properties[2,3,4]. 
It  was  accepted  that  the  so-called  roughness  exponent,  is  a  more  appropriate  parameter  to 
describe  fracture  surfaces.  Studying  fracture  surfaces  obtained  in  rapid  kinetic  conditions  and 
analyzed,  mainly  by  SEM,  Bouchaud  proposed  the  idea  of  a  universal  roughness  exponent, 
^-0.78,  independent  of  the  fracture  mode,  the  microstructure  and  properties  [2].  This  universality 
was  questioned  by  the  finding  of  a  self-affine  regime  with  a  low  roughness  exponent  ^=0.5  for 
fracture  surfaces  generated  at  low  crack  propagation  speeds  and/or  analyzed  at  the  nanometer 
scale  using  Scanning  Probe  Microscopy.  At  the  present  the  co-existence  of  the  two  self-affme 
regimes  has  been  reported  in  several  materials.  Both  regimes  are  separated  at  a  cut-off  length, 
which  appears  to  be  dependent  on  the  kinetic  conditions  [5].  Attempts  have  been  made  to 
correlate  the  cut-off  length  with  microstructural  parameters  [6]. 

Hinojosa  et  al  demonstrated  that  the  correlation  length  was  closely  related  to  the  grain 
size  in  a  nickel  superalloy  [7].  This  result  supports  the  idea  that  the  crack  front,  imagined  as  a 
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line,  interacts  with  the  different  obstacles  present  in  the  microstmctnre  and  thus  the  largest 
heterogeneities  should  determine  the  correlation  length.  More  recently,  it  was  also  reported  that 
the  correlation  length  is  also  related  to  the  characteristic  size  of  the  dendrites  in  cast  aluminum 
alloys  [8].  In  this  work  our  aim  is  to  provide  more  evidence  to  support  the  above  mentioned 
hypothesis,  i.c.  that  the  correlation  length  is  determined  by  the  largest  characteristic 
heterogeneities,  and  that  this  is  valid  not  only  for  metals  but  for  polymers  and  ceramics  as  well 
[9,10]. 


EXPERIMENT 

The  materials  whose  fracture  surfaces  were  analyzed  in  this  work  are  representative  of 
the  plastics  and  ceramic  materials.  The  plastic  material  selected  for  our  analysis  was  a  semi¬ 
crystalline  material,  isotactic  polypropylene  (i-PP),  which  was  chosen  due  to  its  facility  to 
crystallize.  Characterization  of  this  material  by  Gel  Permeation  Chromatography  showed  that  the 
number  average  molecular  weight  is  60,359,  and  the  polydispersity  index  was  5.1.  The  melting 
temperature  and  the  degree  of  crystallinity  were  165.4°C  and  46.7%  respectively  according  to 
Differential  Scanning  Calorimetry  measurements.  Two  samples  in  the  form  of  small  discs  of 
about  10  mm  in  diameter  and  1  mm  thick  were  obtained  and  then  melted  and  cooled  at  two 
different  rates  in  order  to  alter  the  crystallization  process.  As  a  result  two  different  spherulitic 
sizes  were  obtained,  fine-spherulites  and  coarse-sphenilites.  The  average  spherulite  diameter  was 
measured  by  Optical  Microscopy  and  image  analysis  techniques  as  well  as  by  AFM  in  the 
contact  mode.  The  specimens  were  immersed  in  liquid  nitrogen  for  15  minutes  then  broken  in 
bending  mode. 

In  the  case  of  the  glass  materials,  two  samples  of  commercial  opal  glass  were  analyzed. 

As  a  result  of  different  heat  treatment  during  the  manufacturing  process,  the  samples  had 
different  sizes  of  the  opacifying  precipitates.  Flat  specimens  were  broken  using  a  punch  tester. 
The  size  of  the  opacifying  particles  was  measured  from  SEM  images  as  well  as  by  AFM 
observations. 

Fractographic  analysis  was  performed  by  SEM,  for  this  analysis,  some  samples  of  both 
materials  were  gold  sputtered.  The  fractometric  study  was  carried  out  with  the  AFM  in  contact 
mode  for  both  materials.  The  maximum  scan  size  in  AFM  was  1 0  micrometers  and  the  best 
resolution  of  the  512  x  512  images  was  about  10  nm.  Height  profiles  were  extracted  from  these 
AFM  images  and  at  least  30  profiles  were  obtained  for  each  specimen.  The  average  roughness 
exponent  and  correlation  length  were  then  calculated  by  applying  the  self-affine  analysis. 

Self-affinity  analysis  was  performed  using  the  variable  bandwidth  method  [1 1].  In  this 
method  we  computed  the  quantities  W2(r)  and  Zmax(r).  Zmax(r)  is  calculated  as  follows; 

^max(r')  =  <  max{z(r')}x<r’<x+r  -  min{z(r’)}  x<r  <x+r 

where  r  is  the  width  of  the  window,  Zmax(r)  is  the  difference  between  the  maximum  and  the 
minimum  heights  z  within  this  window,  averaged  over  all  possible  origins  x  of  the  window.  W2{r) 
is  the  second  moment  or  the  standard  deviation  of  the  height  distribution  within  the  windows. 
This  quantity  also  scales  as  a  power  law: 


W2(r)oc  r^ 
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The  second  moment,  W2(r) ,  allows  the  most  accurate  determination  of  the  self-affme 
correlation  length.  For  each  material,  at  least  30  individual  self-affinity  curves  were  averaged. 
The  results  were  also  compared  with  the  Zmax  method,  but  only  the  results  for  the  second  moment 
are  presented. 


RESULTS 

Fractographic  and  ffactometric  analysis  corroborate  that  the  fracture  surfaces  of  both  i-PP 
and  opal  glass  are  self-affme  objects. 


i-PP 


The  average  spherulitic  diameter  were  estimated  as  0.34  and  0.96  pm  for  the  fine- 
spherulites  and  the  coarse-spherulites  samples,  respectively. 

Figure  1(a)  and  1(b)  show  the  fracture  surface  of  the  coarse-spherulite  sample  as 
observed  by  SEM  and  AFM  respectively.  Qualitative  SEM  observations,  Figure  1(a),  show 
irregular  curved  lines,  named  Chevron  marks.  These  lines  seem  to  depart  from  a  point  where  the 
cracks  started,  and  give  the  direction  of  crack  propagation.  These  features  were  also  observed  in 
the  fracture  surface  of  the  fme-spherulite  samples.  In  all  the  analyzed  SEM  images,  the  fracture 
surfaces  present  similar  morphologies  at  different  magnifications.  This  can  be  considered  a 
qualitative  evidence  of  self-affinity. 


Figure  1(a). Fracture  surface  of  i-PP,  coarse- 
spherulites  sample  (SEM  micrograph). 


Figure  1(b).  3-D  image  of  the  fracture  surface 
of  coarse-spherulites  of  i-PP,  constructed  with 
the  height  profiles  obtained  by  AFM. 
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Figure  2.  Self-affinity  curves  for  the  two  samples  of  i-PP. 


Results  of  the  self-affinity  analysis  are  shown  in  Figure  2.  The  self-affine  curves  are 
apparently  disturbed,  probably  due  to  rheologic  effects  as  the  crack  front  causes  some  local 
viscoelastic  deformation.  The  roughness  exponent  was  ^=0.83  for  fine-spherulitcs  and  ^=0.84  for 
coarse-spherulites.  The  correlation  lengths  are  not  clearly  defined,  but  they  were  estimated  as  0.7 
|im  and  1.1  |im  for  the  fine-spherulites  and  the  coarse-sphenilites  samples,  respectively.  These 
values  are  in  good  agreement  with  the  estimated  spherulite  size. 


OPAL  GLASS 

Two  samples  of  opal  glass  with  different  size  of  the  opacifying  particles  were  broken 
with  a  punch  tester  and  their  fracture  surfaces  were  analyzed  by  SEM  and  AFM  in  the  contact 
mode.  One  of  the  sample  had  a  homogeneous  distribution  of  fine  particles  with  an  average  size 
of  0.34  |Jm,  the  other  had  a  distribution  of  a  coarse  particles  of  about  4  pm,  together  with  fine 
particles  of  average  size  of  0.47  pm. 

Figure  3(a)  shows  a  typical  fracture  surface  observed  by  SEM,  the  mirror,  mist  and 
hackle  zones  are  clearly  seen.  The  AFM  observations  were  concentrated  in  the  mirror  region  for 
the  two  samples  analyzed.  Figure  3(b)  is  an  AFM  image  showing  coarse  particles. 
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Figure  3(a).  SEM  image  of  the  fracture  surface  figure  3(b).  AFM  image  of  mirror  region 
of  opal  glass.  showing  opacifying  particles. 


The  results  of  the  self-affinity  analysis  are  shown  in  Figure  4.  In  the  case  of  the  fine- 
particle  sample  the  roughness  exponent  has  a  value  of  0.8  and  the  correlation  length  is  clearly 
seen  at  a  value  of  around  0.3  ^im,  which  agrees  with  the  size  of  the  opacifying  particles.  For  the 
sample  with  coarse  particles,  the  self-affine  regime  is  apparently  disturbed  by  the  presence  of  the 
two  types  of  fine  and  coarse  particles.  The  roughness  exponent  has  a  value  of  0.78  and  the 
correlation  length  is  about  3.5  pm,  which  again  is  of  the  order  of  the  coarse  opacifying  particles. 
In  figure  4  the  arrow  indicates  the  region  where  the  self-affine  regime  corresponding  to  the 
coarse-particle  specimen  is  disturbed  presumably  by  the  presence  of  the  two  distributions  of 
particles  with  different  size. 


Figure  4.  Self-affinity  curves  for  the  two  samples  of  opal  glass. 
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CONCLUSIONS 


The  qualitative  and  quantitative  results  shown  in  this  work  eorroborate  the  sclf-affine 
eharacter  of  the  fracture  surfaces  of  i-PP  and  opal  glass.  It  is  shown  that  the  correlation  length  is 
determined  by  the  size  of  the  largest  heterogeneities  in  the  microstructure:  the  sphemlites  in  the 
case  of  i-PP  and  the  largest  opacifying  particles  in  opal  glass.  In  all  cases  the  roughness  exponent 
was  estimated  to  about  0.8,  in  good  agreement  with  previously  published  result  for  similar 
propagation  conditions. 
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ABSTRACT 

The  propagation  of  cracks  along  homophase  and  heterophase  interfaces  is  studied  within  the 
framework  of  discrete  dislocation  plasticity.  The  crack  is  described  by  a  distribution  of 
discrete  interface  dislocations  and  a  mode  II  loading  is  exerted  on  the  crack  and  surrounding 
lattice  dislocations.  In  this  paper  special  attention  is  paid  to  the  ratio  of  the  phonon  viscosity 
between  a  running  crack  and  a  moving  dislocation.  It  is  shown  that  this  ratio  affects  the 
possibility  of  screening  the  running  interface  crack  to  a  great  extent.  Further,  it  was  found 
that  the  shape  and  size  of  the  dislocation  structure  around  the  crack  depends  critically  on  the 
actual  distribution  and  value  assumed  for  the  nucleation  strength  of  the  dislocation  sources. 


INTRODUCTION 

The  objective  of  this  work  is  aimed  at  examining  the  propagation  of  an  interfacial  crack 
surrounded  by  lattice  dislocations  within  the  framework  of  discrete  dislocation  plasticity 
(DDP),  The  modeling  is  essentially  based  on  the  superposition  principle  that  can  be  find 
already  in  Bueckner’s  work  K  It  involves  a  separation  of  the  total  stress  fields  in  stress  fields 
in  an  infinite  medium  and  a  complimentary  field  to  correct  for  the  boundary  conditions.  The 
correction  part  is  formulated  as  a  boundary  value  problem  and  can  be  conveniently  solved 
using  a  finite  element  method  When  there  are  no  free  boundaries  near  a  crack  within  a 
radius  of,  say,  twice  the  crack  length  the  crack  problem  can  be  solved  to  a  good  accuracy  by 
assuming  it  embedded  in  an  infinite  medium.  Otherwise  the  full  integral  approach  or  a 
numerical  approach  like  DDP  can  be  used.  An  excellent  review  of  various  approaches 
depending  on  the  boundary  conditions  is  presented  in’^.  Here,  we  are  interested  in  the 
description  of  the  propagation  of  a  crack  on  a  meso-scale  in  multi-layer  systems  where  the 
finite  boundary  conditions  may  affect  the  actual  physical  phenomena.  A  mode  II  loading  is 
exerted  on  the  simulated  structure  containing  both  an  interfacial  crack  and  surrounding 
dislocations. 

COMPUTATIONAL  METHODOLOGY 

Because  dislocations  represent  discontinuities  in  displacement,  they  can  also  be  adopted  to 
describe  a  crack,  at  least  in  a  mathematical  sense.  Eshelby,  Frank  and  Nabarro  introduced  the 
idea  that  a  crack  can  be  thought  of  as  an  array  of  discrete  co-planar  and  parallel  dislocations 
along  the  crack  plane  However,  a  much  simpler  method  (at  least  in  a  numerical  sense),  first 
suggested  by  Leibfried  ^  is  to  make  a  continuum  approximation  right  from  the  beginning.  For 
a  review  on  dislocation-based  fracture  mechanics  reference  is  made  to  Weertman  The  stress 
field  of  a  crack  running  from  -a  to  a  can  simply  be  related  to  the  stress  fields  of  individual 
dislocations.  Using  a  dislocation  distribution  B(^)  on  the  crack  plane  (for  xj  =  0)  the  stress 
fields  are  given  as: 
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(I) 
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The  boundary-value  problem  of  a  crack  occupying  |xi|  <  a  with  -«>  <  <  «>  and  subjected  to 

either  tensile  or  shear  stresses  turns  out  to  be  equivalent  to  a  double  pile-up  of  either  edge  or 
screw  dislocations  in  the  region  -a<xi<a  caused  by  a  dislocation  source  at  X|=0. 
Components  of  the  stress  show  a  square-root  singularity  close  to  the  crack  tip  at  Xi  =  ±a, 
X2  =  0.  The  stress  field  for  a  Griffith-Inglis  crack  under  mode-II  loading  condition,  with  Kj 
Kolosov’s  constant,  i.e.  3-4  Vj  in  plane  strain,  p  the  shear  modulus  and  v  Possion’s  ratio,  is: 

-a 

The  function  Bx(^)  describes  the  distribution  function  of  the  crack  dislocation.  The 
distribution  function  can  be  found  by  realizing  that  there  is  no  tangential  displacement 
between  one  end  of  the  crack  and  the  other.  The  dislocation  density  physically  represents  the 
negative  slope  at  any  point  of  the  relative  tangential  shift  between  the  upper  and  lower  crack 
faces.  Integrating  the  distribution  function  from  the  middle  to  the  tip  yields  the  number  of 
dislocations  needed  to  represent  the  crack  as  a  function  of  materials  constants  and  the 
external  stress.  This  method  was  employed  here  to  describe  a  crack  shielded  in  the  stress 
fields  of  surrounding  dislocations.  Nevertheless,  the  crack  is  described  by  discrete 
dislocations  instead  of  using  a  distribution  of  infinitesimally  small  dislocations.  This 
approximation  has  been  validated  by  comparing  the  resulting  stress  fields  with  the 
corresponding  stress  field  components  of  the  analytical  description.  An  advantage  of  this 
approach  is  that  the  interactions  between  the  crack  and  surrounding  lattice  dislocations  can  be 
fully  incorporated  within  the  framework  of  the  DDP  method. 

An  important  aspect  in  the  description  of  moving  defects  in  crystalline  solids  is  the 
drag  force  during  actual  motion.  The  velocity  of  the  dislocations  is  assumed  to  be 
proportional  to  the  applied  stress,  that  is  to  say  the  solid  acts  as  a  Newtonian  viscous  material 
and  a  drag  force  works  in  the  direction  opposite  to  the  motion: 

Forag^-nOrag  V,  (3) 

where  TlDrag  represents  the  damping  coefficient.  Eq.  3  dates  back  to  the  original  analyses  by 
Leibfried’  and  Eshelby®  in  which  phonon  radiation  and  momentum  transfer  lead  to  a  linear 
relationship  between  the  drag  force  and  a  uniform  velocity.  It  should  be  realized  that  this 
damping  force  becomes  in  particular  relevant  above  v  ~  10  Ct  (Or  is  the  transversal 
velocity)  whereas  at  lower  velocities  other  processes,  such  as  thermally  activated  glide  and 
diffusive  glide/climb,  are  rate  controlling.  The  driving  force  of  the  dislocation  motion  is  the 
Peach-Koehler  force  and  the  velocity  can  be  solved  from  the  force  equilibrium  of  the  Peach- 
Koehler  force  and  the  frictional  force.  In  addition,  a  criterion  is  needed  to  describe  the 
propagation  of  the  crack  as  a  function  of  the  applied  stress.  From  the  previous  section  it  is 
tempting  to  choose  a  criterion  for  crack  propagation,  which  is  based  on  the  same  rule  as  for 
the  motion  of  a  lattice  dislocation,  i.e.  the  ‘Peach-Koehler’  force  is  calculated  on  a  super 
lattice  dislocation.  A  crack  can  only  expand  if  the  potential  energy  exceeds  the  amount  of 
energy  it  needs  to  create  free  surfaces  (Griffith  criterion).  The  critical  stress  associated  with  it 
is  used  as  an  offset  of  the  ‘Peach-Koehler’  force  of  the  crack. 

It  is  necessary  to  understand  the  physics  behind  q^rag  both  for  the  crack  and 
surrounding  dislocations  because  these  might  be  significantly  different.  In  a  homogeneous 
isotropic  solid  the  drag  coefficient  consists  basically  of  two  contributions  qnra!:~ni'ii’''’li. 
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where  the  subscripts  refer  to  phonon  viscosity  and  electron  viscosity.  When  moving  in  a  flux 
of  phonons  the  dislocations  and  cracks  experience  frictional  forces.  This  phonon  viscosity  is 
related  to  the  density  of  phonon  modes  per  unit  frequency  range,  D(co),  i.e.  inversely 
proportional  to  the  group  velocity  Acd^k.  Thermal  phonons  may  excite  vibrations  in  the 
dislocation  line,  which  are  then  re-radiated  around  the  dislocation  line  or  the  phonons  are 
scattered  by  (an)harmonicities  in  the  strain  field.  A  moving  dislocation  and  running  crack 
encounter  more  phonons  in  the  direction  of  motion  than  in  other  directions  and  it  gives  rise  to 
a  net  force  opposing  the  motion.  Peculiar  interactions  may  arise  due  to  the  deviation  from 
linearity  of  the  dispersion  in  a  real  crystal  It  is  clear  that  there  will  be  a  singularity  in 
D((o)  whenever  the  dispersion  relation  a)(k)  becomes  horizontal  that  is  to  say,  whenever  the 
group  velocity  becomes  zero.  In  the  case  of  fee  materials  only  small  flat  areas  inside  the 
Brillouin  zone  can  be  found,  in  sharp  contrast  to  bcc  materials.  Therefore  we  anticipate  that 
this  peculiar  behavior  is  of  less  importance  for  fee  materials  compared  to  bcc  materials  and  it 
will  be  ignored  in  the  following. 

Assuming  only  interactions  of  the  moving  defects  via  an  elastic  scattering  process  that 
accompanies  momentum  transfer,  phonons  are  interchanged  between  the  various  modes 
which  leads  to  a  variation  of  the  occupation  number  N(k).  The  average  retarding  force  is  then 

fphonon=-Z^^ 

The  rate  of  change  of  the  average  numbers  of  phonons  N(k)  in  mode  { k}  can  be  expressed 
in  a  general  form  _  _ 

N  ( k)  =  5],  W  ( k,  -k')  [n  (k')  -  N  (k)]  +  •  ■  ■  (S) 


and  according  to  Fermi’s  Golden  Rule, 


W(k,-k')  =  27r 


'  V(k,-k')  ' 

^oPo 

o)(k)  o:)(k') 

8((o(k)-a)(k')) . 


(6) 


The  delta  function  means  that  the  energy  of  the  phonons  is  conserved  in  collisions  with  the 
defects  (only  elastic  interactions).  W  contains  the  basic  physics  of  the  description  via  V, 
which  is  the  coupling  between  the  vibrational  modes,  represented  by  (k),  their  polarisation 
vectors  and  the  defects,  which  are  represented  by  the  Fourier,  transforms  of  their  strain 
fields  e.  We  assume  that  the  time  the  dislocation  and  crack  need  to  travel  a  distance  of  the 
order  of  the  phonon  mean  free  path  is  large  compared  to  the  phonon  relaxation  time,  i.e.  the 
phonon  distribution  is,  on  average,  equal  tot  the  distribution  in  thermal  equilibrium.  The 
phonon  relaxation  time  rj^honon  can  be  estimated  from  the  thermal  conductivity  yielding  the 
relaxation  time  zj,honan  =  10“^^  s  in  Al.  r|PH  can  now  be  found  by  taking  the  Fourier  transform 
of  the  strain  fields.  At  300K  tIph  is  calculated  to  be  43  )iPa  s  for  dislocation  drag  in  Al. 

The  interaction  of  moving  defects  with  conduction  electrons  is  attributed  to  the 
interaction  of  propagating  elastic  waves  with  the  electrons.  T|e  can  be  derived  from  standard 
perturbation  theory  or  on  the  basis  of  the  Boltzmann  equation  The  latter  leads  to 


q 

where  is  the  Fourier  component  of  the  dilatation  field  of  the  defect.  The 

smnmation  can  be  replaced  by  an  integral  over  the  Debye  sphere  of  radius.  r\E  (Al)  is 
calculated  to  be  0.9  pPa  s.  From  the  experimental  values  of  Al  at  temperatures  above  100  K, 
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ranging  between  24  and  57  |U.Pa  s  at  room  temperature,  we  may  conclude  that  the  principal 
contribution  to  the  dislocation  drag  is  due  the  phonon  viscosity  and  the  electronic 
contribution  is  far  less  in  this  temperature  range. 

The  drag  coefficient  of  a  moving  crack  relative  to  that  of  a  moving  edge  dislocation 
can  be  obtained  by  evaluating  the  Fourier  transform  of  the  strain  fields  of  a  mode  II  crack, 
Eqs.  (6)  and  (7).  Here  we  assume  that  the  damping  force  is  solely  due  to  the  phonon 
viscosity  and  not  rate-controlled  by  the  formation  of  steps,  ledges,  emitting  dislocations  etc, 
like  in  a  ductile  material.  The  leading  term  in  the  strain  fields  of  the  crack  is  the  stress 
intensity  factor  Kn.  With  a  total  crack  length  of  1  pm  and  a  far  field  stress  of  150  MPa  the 
drag  coefficient  of  a  moving  crack  is  about  equal  to  that  of  a  dislocation  at  a  distance  of  the 
order  of  the  Burgers  vector  in  Al.  In  Fig.  1  the  ratio  of  these  drag  coefficients  arc  displayed  as 
a  function  of  distance  to  the  defect  in  Fourier  space.  It  is  reasonable  to  assume  that  the 
effective  area  involved  in  the  phonon  viscosity  of  the  running  crack  due  to  elastic  scattering 
is  much  larger  compared  to  a  moving  dislocation.  In  Dugdale’s  description  the  extent  of  the 
zone  involved  in  elastic  scattering  scales  with  (K/Xo)^,  with  x©  the  effective  yield  stress. 
Assuming  that  the  plastic  zone  remains  fixed  in  size,  i.e.  corresponding  to  the  size  of  the 
crack  as  it  propagates,  from  Fig.l  we  may  conclude  that  drag  term  of  the  running  crack  is  at 
least  one  order  of  magnitude  larger  than  of  a  moving  dislocation. 

When  the  crack  propagates  along  a  heterophase  interface  a  similar  calculation  can  be 
executed.  The  stress  intensity  factors  were  calculated  within  the  so-called  contact  model  It 
avoids  the  oscillatory  stress  fields  and  overlapping  and  wrinkling  of  the  crack  surfaces  near 
the  tips,  which  are  all  unphysical  in  the  open  crack  model Although  there  are  ways  to 
overcome  the  latter  difficulties  by  defining  a  certain  length  scale  ’  ^  essentially  the  problem 
remains  because  this  length  scale  is  totally  arbitrary  and  the  mode-mixity  is  fully  dependent 
on  this  choice.  An  exact  solution  as  far  as  the  stress  intensity  factors  are  concerned  was 
obtained  by  Gautesen  and  Dundurs  in  series  form,  for  the  contact  model  and  the  length  of 
the  contact  zone  can  be  calculated  depending  on  the  difference  in  elastic  properties  of  the  two 
materials.  With  the  ratio  of  the  shear  moduli  of  the  two  elastic  media  P2/P1  -2  and  with 
identical  Poisson’s  ratio  of  Vi=l/3  the  stress  intensity  factor  of  the  interfacial  crack  is  found 
to  be  1 .4  higher  than  the  stress  intensity  factor  for  the  homogenous  case,  at  equal  values  of 
the  far-field  stress  state.  This  result  was  incorporated  in  the  calculation  of  the  drag  of  a 
moving  crack  along  a  dissimilar  material  and  is  also  depicted  in  Fig.l.  Here,  we  may 
conclude  that  the  drag  of  a  crack  along  a  heterophase  interface  is  even  more  enhanced 
compared  to  the  drag  exerted  on  a  moving  dislocation  in  a  homogeneous  material  at  larger 
distances.  In  this  work  velocity-dependent  (i.e.  non-Newtonian  drag)  and  effects  of 
accelerations  are  ignored.  These  aspects  were  treated  elsewhere'^. 

COMPUTER  SIMULATIONS  AND  DISCUSSION 

The  main  part  of  the  modeling  is  done  in  a  computational  ‘plastic’  cell  in  which  edge 
dislocation  can  move  on  their  glide  plane.  Obstacles  and  nucleation  sources  are  randomly 
positioned  on  these  glide  planes.  The  initial  lattice  dislocations  are  generated  by  a  pre¬ 
deformation  step,  where  the  pre-existing  crack  is  kept  stationary.  The  nucleation  sources  are  a 
2D  representation  of  a  Frank-Read  source  and  it  may  generate  new  dislocation  pairs  if  the 
local  applied  stress  exceeds  the  nucleation  stress  for  a  certain  period  of  time.  The  actual 
values  of  both  obstacle  stress  and  nucleation  stress  are  chosen  according  to  a  Gaussian 
distribution.  The  mode  II  loading  conditions  are  placed  on  the  remote  boundaries  of  the 
elastic  cell,  in  which  the  plastic  cell  is  contained.  The  elastic  cell  is  much  larger  then  the 
plastic  cell.  Throughout  the  simulation  the  loading  is  increased  using  a  fixed  loading  rate.  All 
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the  elastic  interaetions  are  handled  using  the  Discrete  Dislocation  method  and  the  ‘crack 
dislocations’  are  described  analytically.  The  various  parameters  are  listed  in  Table  1. 


distance  in  units  of  reciprocal  b 

Figure  1.  Ratio  of  the  drag  on  a  running  crack  and  a  moving  dislocation  as  a  function  of  the  distance 
in  Fourier  space  to  the  defect.  Solid  line  refers  to  a  homogeneous  material  whereas  the  dashed  line 
illustrates  the  situation  when  the  crack  moves  along  a  heterophase  interface  (P2/P1  =2  and  Vi==V2=l/3). 

Table  1 


Property 

Value 

Property 

Value 

Young’s  modulus 

70GPa 

Obstacle  strength 

450  MPa 

Poisson  ratio 

0.33 

Nucleation  strength 

140  ±  20  MPa 

Material  density 

2.70  Mgm'^ 

Nucleation  time 

2  lO-’^'s 

Burgers  vector 

0.286  nm 

Dislocation  drag  constant 

40  pPas 

The  shape  of  the  graph  can  be  explained  according  to  the  Griffith  criterion  for  a  moving 
crack;  the  critical  stress  decreases  with  increasing  crack  size.  It  results  in  an  increase  of  the 
effective  stress  and  consequently  in  an  increase  of  the  crack  tip  velocity.  An  increasing  drag 
value  leads  to  an  extension  of  the  first  linear  region  with  a  lower  slope  as  can  be  seen  in  the 
unshielded  crack  result.  Comparing  the  unshielded  result  with  the  shielded  crack  simulations 
the  response  looks  roughly  the  same.  Some  striking  differences  can  be  seen,  especially  at 
higher  values  of  the  drag.  These  can  be  explained  by  looking  at  the  surrounding  dislocations 
in  more  detail.  In  all  cases  the  initial  dislocation  structure  is  able  to  shield  the  crack  tip  but  as 
soon  as  the  stress  inside  the  crack  reaches  the  critical  stress  level  the  situation  alters.  At  the 
lowest  value  of  the  drag  coefficient  the  increase  in  velocity  with  increasing  crack  length  is  so 
fast  that  the  dislocation  structure  cannot  rearrange  itself  anymore  so  as  to  shield  the  crack. 
Nucleation  is  also  a  time-limited  process  and  it  also  proves  to  be  too  slow  to  shield  the  crack. 
As  soon  as  the  crack  breaks  away  it  almost  looses  its  interaction  with  the  surrounding 
dislocation  structure.  A  higher  drag  value,  means  a  slower  increase  of  the  crack  tip  velocity, 
which  in  turn  means  that  the  shielding  processes  may  longer  stay  effective.  In  the  comparison 
of  the  graphs  in  Fig.  2,  it  is  important  to  realize  that  the  constant  stress  level  of  the  unshielded 
stress  is  compared  with  a  continuously  increasing  stress  level  in  the  shielded  case,  due  to  the 
fixed  load  rate.  During  various  simulation  runs  it  was  also  found  that  the  shape  and  size  of  the 
dislocation  structure  depends  critically  on  the  actual  value  of  the  nucleation  strength  (see 
Fig.3).  From  the  simulation  with  a  non-uniform  strength  we  see  that  the  moving  dislocations 
trigger  the  weaker  sources  and  thus  filling  quickly  the  structure. 
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Figure  2.  The  crack  tip  velocity  versus  the  crack  length  for  various  drag  values  for  the  crack. 
Left:  an  unshielded  crack.  Right:  a  crack  shielded  by  dislocations. 
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Figure  3.  The  effect  of  nucleation  strength  on  the  resulting  dislocation  structure  around  a  crack. 
Left:  the  strengths  are  dispersed  with  a  Gaussian  distribution  function  with  a  spread  of  20  MPa 
around  an  average  of  140  MPa.  Right:  uniform  nucleation  strength  of  1 50  MPa. 
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ABSTRACT 

A  bridging  law  for  fiber  reinforced  composites  under  dynamic  crack  propagation  conditions 
has  been  derived.  Inertial  effects  in  the  mechanism  of  fibre  pullout  during  dynamic  propagation 
of  a  bridged  crack  are  critically  examined  for  the  first  time.  By  reposing  simple  shear  lag  models 
of  pullout  as  problems  of  dynamic  wave  propagation,  the  effect  of  the  frictional  coupling 
between  the  fibres  and  the  matrix  is  accounted  for  in  a  fairly  straightforward  way.  The  solutions 
yield  the  time-dependent  relationship  between  the  crack  opening  displacement  and  the  bridging 
traction.  Engineering  criteria  and  the  role  of  material  and  geometrical  parameters  for  significant 
inertial  effects  are  identified. 


INTRODUCTION 

The  mechanics  of  pullout  and  the  resulting  traction  law  have  been  much  studied  and  are  well 
understood  for  static  loading.  Simple  analytical  forms  are  available  for  p(u)  when  the  frictional 
coupling  of  the  reinforcement  to  the  matrix  is  uniform  and  slip  extends  over  distances  that  are 
large  compared  to  the  reinforcement  diameter  [1-3].  In  this  limit,  which  is  a  common  case  in 
ceramic  composites  and  textile  polymeric  composites,  the  shear  lag  model  of  load  transfer 
between  the  reinforcement  and  the  matrix  is  accurate. 

In  this  paper,  we  extend  existing  models  of  the  mechanics  of  pullout  to  high  loading  rates. 
An  approach  to  evaluating  a  traction  law  that  takes  account  of  the  inertia  of  the  reinforcement 
and  the  matrix  is  formulated  as  a  direct  extension  of  the  elementary  static  loading  model. 
Attention  will  be  focused  on  identifying  a  characteristic  time  for  the  frictional  pullout  problem 
that  will  allow  rapid  assessment  of  when  inertial  effects  will  be  important. 

THEORY 

The  crack  propagation  and  pullout  problem  can  idealized  as  follows.  A  matrix  crack 
propagates  on  the  plane  z  =  0  and  is  bridged  by  intact  fibres  in  its  wake.  The  crack  propagation 
problem  is  represented  by  replacing  the  process  zone  by  elastic  composite  material  down  to  the 
fracture  plane  and  representing  the  phenomena  within  the  process  zone  by  bridging  tractions 
applied  continuously  on  the  fracture  surfaces.  The  bridging  tractions,  p,  are  related  to  the  axial 
stress  in  the  fibres.  The  total  crack  opening  displacement,  2u,  is  defined  as  the  difference  in  the 
actual  displacement  evaluated  across  the  process  zone  and  the  displacement  that  would  be 
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expected  if  the  material  in  the  process  zone  was  elastic.  The  traction  law,  p{u),  is  derived  by 
considering  the  micromechanics  of  frictional  sliding.  The  traction  boundary  conditions  arc  as 
follows.  At  z  =  0,  the  matrix  is  traction-free,  while  the  fibres  sustain  the  axial  traction  p.  At  2  = 
4,  the  strain  in  the  fibres  and  the  matrix  must  equal  the  average  strain  in  the  composite  adjacent 
to  the  process  zone  (2  >  4)-  Shear  tractions  may  arise  along  the  vertical  boundaries  of  the 
representative  volume  (parallel  to  2),  but  these  are  neglected. 

Micromechanics  of  Dynamic  Pullout 


Figure  1:  Schematic  of  the  dynamic  pullout  problem  in  a  composite  near  the  fracture  plane. 


When  friction  is  the  only  active  force  of  resistance,  the  dynamic  pullout  problem  is  one  of 
wave  propagation  along  a  fibre  in  the  presence  of  frictional  retardation.  A  representative  volume 
(Fig.  1)  consists  of  cylindrical  fibres  of  radius  R  and  volume  fraction / embedded  in  a  matrix  (2  > 
0).  The  fibre  and  the  matrix  have  axial  Young’s  moduli  E(  and  and  densities  pr  and  pm 
respectively.  The  axial  displacement,  strain,  and  stress  of  the  fibre  and  the  matrix  arc  denoted  U{ 
and  Mm,  Grand  Gm,  and  errand  Cm,  respectively.  The  axial  displacements  will  be  assumed  to  be  the 
only  nonzero  displacement  components  induced  by  loading  and  to  be  unifonn  across  any  section 
of  the  fibre  or  the  matrix.  Thus  the  displacement,  strain,  and  stress  in  the  fibre  and  the  matrix  are 
functions  of  2  and  t  only.  The  fibres  are  coupled  to  the  matrix  by  friction  tractions,  Tr,  which  are 
assigned  the  following  properties.  If  relative  motion  exists  between  the  fibres  and  the  matrix, 
then,  Tf  =  T  if  Mf  <  li,,,  and  if  =  -T  if  lij-  >  ^m  •  indicates  time  differentiation,  T  is  a 

positive  constant  and  Tr  >  0  indicates  friction  tractions  acting  on  the  fibres  in  the  positive  z 
direction.  The  friction  law  is  simplified  to  be  rate  independent  since  the  focus  in  this  analysis  is 
get  analytical  results  and  engineering  estimates  for  inertial  effects  on  bridging.  With  such  a 
friction  law,  the  dynamic  wave  equations  for  the  fibre  and  the  matrix  are: 

ay  _ 

82' 


29t  1  d\ 

RE, 
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82^  \-fRE,,,  '  d 
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where  c,-  =  /  p,-  ,  0  =  1  if  w„,>  Wf  and  0  =  -1  otherwise.  The  boundary  conditions  are  as 

follows:  On  the  fracture  plane  Wf(0,  ?)  =  0  and  (Tm(0,  t)  =  0;  On  the  boundary  of  the  process  zone 
(z  =  4),  Wf  =  Wm  =  tie,  where  is  the  displacement  of  the  adjacent  intact  composite.  Conditions 
also  exist  on  stress  or  strain  and  particle  velocities  at  the  process  zone  boundary.  These 
conditions  depend  on  the  nature  of  the  loading  history,  which  can  be  expressed  as  the  function 
£(t),  where  £  is  the  strain  in  the  z  direction  in  the  intact  composite  adjacent  to  the  process  zone 
boundary. 


Composite  Stress  Rising  Linearly  in  Time 


In  the  depiction  of  Fig.  1,  the  process  zone  boundary  will  propagate  away  from  the  fracture 
plane  as  £(t)  rises.  If  the  load  history,  e(0,  possesses  discontinuities,  e.g.,  a  step  load,  then 
discontinuities  in  stress  and  velocity  will  also  propagate  at  the  boundary  of  the  process  zone  [4]. 
A  case  of  representative  interest  for  dynamic  bridged  crack  problems  and  for  which  analytical 
results  can  be  found  is  that  of  a  load  or  bridging  traction  that  increases  linearly  in  time.  A 
linearly  increasing  load  might  give  insight,  for  example,  into  bridging  effects  in  a  specimen  in 
which  substantial  bending  arises,  such  as  a  standard  double  cantilever  beam  delamination 
specimen.  In  such  specimens,  the  crack  profile  is  often  approximately  linear  and  the  rate  of 
increase  of  the  bridging  tractions  at  any  point  might  also  be  approximately  linear  if  the  crack 
propagates  at  approximately  constant  speed.  Therefore,  e{t)  =  kt,  where  k  is  constant  and  all 
displacements  and  boundary  tractions  are  zero  for  t  <  0.  The  location  of  the  zone  boundary  at 
time  t  may  then  be  written  as  4  =  where  the  function  rj(0  depends  on  material  and 

geometrical  parameters  and  the  form  of  e(0  and  it  will  be  shown  to  be  bounded  by  0  <  7](0  <  1  . 
For  the  loading  conditions  considered,  the  additional  boundary  conditions  at  z  =  4  are: 
and  £f  =  =  e(t).  In  this  case,  0  =  1  and  the  wave  equations  have  the  solutions 

Mf  =  — —az^  +  [l  +  2ria^  (2a) 

Cm 

«'m=— +  (2b) 

2r)  2 

where  rj  is  independent  of  time  and  satisfies 

arf^  +  Virf  +  jSar]  -1/2  =  0  (2c) 


with  the  dimensionless  parameters  a  and  ^  given  by 


l-/^n 


Analysis  shows  that  Eqn.  (3)  has  only  one  real  root,  which  always  lies  in  (0,1).  The 
displacement,  u,  is  given  by  the  common  fibre/matrix  displacement  at  the  boundary  of  the 
process  zone  minus  the  displacement  expected  if  the  process  zone  material  were  elastic: 


Equation  4  constitutes  the  traction  law  for  the  case  of  linearly  rising  loads.  The  limit  of  very  fast 
loading  corresponds  to  <=°,  whereupon  a  -»  0  and  rj  ^  1,  since  the  first  and  third  terms  in 
Eqn.  (2c)  become  negligible.  The  disturbance  then  propagates  at  the  bar  wave  speed  in  the 
matrix.  Static  loading  is  represented  by  the  limit  a  ^  for  which  the  first  two  terms  of  Eqn. 


(2c)  become  small  and  one  has  the  asymptotic  solution  rj  I/(2aP )  which  coincides  with  the 
results  obtained  by  McCartney  [2],  We  can  also  show  that  for  loads  that  increase  linearly  with 
time  [5],  the  form  of  the  traction  law  is  identical  in  the  static  and  dynamic  cases  and 

=  ■  (5) 

Since  la^rf  <  1  always,  inertial  effects  increase  the  stiffness,  dp/du,  of  the  traction  law  for  loads 
that  increase  linearly  in  time. 

Fibre  Pullout  from  a  Rigid  Matrix 

In  this  section,  the  pullout  of  a  single  fibre  from  a  rigid  matrix  to  which  it  is  coupled  by 
friction  is  examined.  The  problem  considered  for  a  rigid  matrix  is  the  case  of  the  fibre  being 
loaded  on  the  fracture  plane  by  tractions,  p  ^(a/O.t)).  The  response  of  the  system  that  is  of 
interest  is  wholly  represented  by  the  load  point  displacement,  i.e.,  the  displacement,  1/0(01  of  the 
fibre  at  z  =  0,  since  the  matrix  is  rigid  (motionless).  Specifying  a  boundary  condition  on  the 
fracture  plane,  rather  than  at  the  end  of  the  slip  zone,  as  for  the  composite  problem,  is  preferred 
because  it  allows  for  a  simpler  statement  on  the  imposed  loading.  This  is  then  exactly  identical  to 
the  problem  of  an  end  loaded  rod  damped  by  friction  [6].  Analytical  solutions  can  be  found  for 
step  loads  as  well  as  for  linearly  increasing  loads. 


Figure  2:  The  variation  of  the  load  point  displacement  (normalized  by  the  corresponding  quasi¬ 
static  value)  as  a  function  of  the  normalized  time  for  various  values  of  to. 

The  most  interesting  features  are  the  following.  While  the  load  point  displacement  is 
reduced  by  inertial  effects  for  linearly  increasing  loads,  for  a  step  load  it  is  increased.  For  a 
linearly  increasing  load,  £0  =  kt, 
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(6) 


^  =  2 


(t,.y 


where  the  characteristic  time  of  the  system,  is  given  by  t^.=EjR/(TCf)>  with  the  subscript  “r” 
referring  to  the  matrix  being  rigid.  The  expression  in  (6)  is  always  less  than  unity.  In  contrast, 
for  a  step  function  load  £o(0  =  a  constant  for  t  >  0,  all  motion  ceases  when  t  =  EqU,  at  which 
point  Mo  ^  :  inertial  effects  double  the  displacement  expected  from  loading  statically  to  the 

same  applied  load.  Correspondingly,  the  strain  gradient  left  in  the  fibre  following  dynamic 
(step)  loading  is  exactly  half  that  found  after  static  loading. 


Figure  3:  The  traction  law  for  load-unload  case.  The  traction  is  normalized  by  the  fibre  modulus 
and  the  load  point  displacement  is  normalized  by  the  fibre  radius.  The  inner  loop  corresponds  to 
the  quasistatie  load-unload  case  and  the  outer  loop  to  the  step  load-unload  case. 


For  more  general  loading  configurations,  a  finite  difference  numerical  scheme  is  used  to 
solve  the  non-linear  wave  equation  [7].  The  finite  difference  method  is  based  on  a  second-order 
upwind  scheme  written  for  the  linearized  scalar  form  of  the  Euler  equations.  Further,  by 
directional  discretization  of  the  derivatives,  the  local  Euler  equation  is  solved  for  discontinuous 
neighboring  states  [8].  This  approach  results  in  artificial  viscosity  being  introduced  into  the 
governing  equation  but  solutions  thus  generated  allow  resolution  of  the  discontinuities  without 
oscillations.  This  last  aspect  is  important  since  discontinuities  in  stresses  and  particle  velocities 
at  the  wavefront  are  essential  phenomena  for  loading  histories  having  discontinuous  time 
derivatives. 
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With  the  numerical  method,  the  load-point  displacement  when  the  boundary  traetion  is 
p(t )  =  )  is  computed.  In  the  limit  to  0,  this  approximates  the  step  loading  case. 

For  fast  loading  (small  to),  the  bridging  traction  law  is  initially  stiff  and  then  softens  (see  Fig.2). 
The  crack  opening  displacement  when  all  particle  motion  stops  is  greater  than  the  corresponding 
value  for  the  static  loading  to  that  stress  level.  Significant  deviation  from  the  static  value  even 
for  moderate  loading  rates  (especially  from  small  time)  is  observed.  Finally,  the  numerical 
scheme  was  also  used  to  examine  the  influence  of  inertial  effects  on  the  traction  law  during  a 
load-unload  cycle.  Next,  consider  loading  the  fiber  instantaneously  with  a  unit  step  load,  wait  for 
particle  motion  to  cease  and  then  remove  the  load  instantaneously.  The  hysterisis  behavior  (Fig. 
3)  and  the  energy  dissipated  are  significant  when  inertial  effects  are  present. 


CONCLUSIONS 

Analytical  results  have  been  presented  for  the  problem  of  bridging  by  the  mechanism  of  fibre 
pullout  when  the  inertia  of  the  fibre  and  the  matrix  are  taken  into  account.  Simple  criteria  for 
significant  inertial  effects  in  the  bridging  mechanism  in  representative  mode  I  crack  propagation 
problems  are  calculated.  For  pullout  or  bridging  stresses  that  rise  linearly  in  time,  the 
instantaneous  crack  displacement  is  less  in  the  presence  of  inertial  effects  than  it  would  be  under 
static  loading  to  the  same  bridging  stress.  However,  solutions  for  pullout  from  a  rigid  matrix 
suggest  that,  if  the  bridging  stress  rises  rapidly  and  is  then  held  at  a  constant  value,  the  crack 
displacement  when  all  particle  motion  finally  stops  will  be  greater  than  it  would  have  been  under 
static  loading  to  that  stress  level.  Thus  regimes  of  both  hardening  and  softening  of  the  bridging 
traction  law  due  to  inertial  effects  can  be  expected  in  bridged  crack  problems.  To  conclude, 
inertial  effects  can  significantly  modify  bridging  behavior,  even  at  moderate  loading  rates. 
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ABSTRACT 

We  simulate  the  microscopic  details  of  brittle  fracture  in  silicon  by  dynamically  coupling 
empirical-potential  molecular  dynamics  of  a  strained  sample  to  a  quantum-mechanical 
description  of  interatomic  bonding  at  the  crack  tip.  Our  simulations  show  brittle  fracture 
at  loads  comparable  to  experiment,  in  contrast  with  empirical  potential  simulations  that 
show  only  ductile  crack  propagation  at  much  higher  loading.  While  the  ductility  of  the 
empirical  potentials  can  be  attributed  to  their  short  range,  it  is  unclear  whether  the 
increased  range  of  the  tight-binding  description  is  sufficient  to  explain  its  brittle  behavior. 
Using  the  multiscale  method  we  show  that  at  a  temperature  of  1100  K,  but  not  at  900  K,  a 
dislocation  is  sometimes  nucleated  when  the  crack  tip  impinges  on  a  vacancy.  While  this 
result  is  too  limited  in  length  and  time  scales  to  directly  correspond  to  experimental 
observations,  it  is  suggestive  of  the  experimentally  observed  brittle  to  ductile  transition. 

INTRODUCTION 

Many  materials,  ranging  from  silicon  to  ferritic  steels,  exhibit  a  transition  between  brittle 
and  ductile  fracture  as  a  function  of  temperature  [1].  The  qualitative  differences  between 
these  two  modes  of  failure  lead  to  great  differences  in  material  toughness.  While  long-range 
elastic  strain  fields,  well  described  by  continuum  elasticity  theory,  provide  the  energy  that 
drives  fracture  and  failure,  the  nature  of  fracture  itself  is  ultimately  determined  on  the 
scale  of  atoms  and  the  electrons  that  bind  them.  Therefore,  a  microscopic  description  is 
required  for  reliable  prediction  of  the  nature  of  fracture  in  a  given  material. 

Silicon  has  become  a  model  system  for  the  brittle  to  ductile  transition  (BDT)  since  it  shows 
a  particularly  sharp  transition  between  the  two  types  of  behavior  [1].  Below  the  BDT 
temperature  (about  850  K)  failure  occurs  at  the  Griffith  criterion  [2],  when  elastic  energy 
relief  due  to  crack  elongation  balances  the  energetic  cost  of  the  new  surface.  Atomistic 
simulations  of  fracture  in  silicon  using  empirical  potentials  (EP)  show  a  disordered  zone 
around  an  atomically  blunt  crack,  shown  in  Fig.  1,  which  propagates  only  at  much  higher 
loadings  than  the  Griffith  criterion  [3,  4,  5].  Ab-initio  simulations  of  quasistatic  fracture  of 
small  samples  show  brittle  behavior  with  some  lattice  trapping  but  no  disorder  [6,  7]. 

To  explore  the  nature  of  fracture  in  silicon  at  the  atomic  scale,  we  have  developed  an 
atomistic  simulation  technique  based  on  molecular  dynamics  (MD).  The  method 
incorporates  a  simple  quantum-mechanical  description  of  atomic  interactions  near  the 
crack  tip,  dynamically  coupled  to  EP  MD  far  from  the  crack  tip.  In  contrast  to  simulations 
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Figure  1:  A  snapshot  from  a  simulation  of  fracture  using  the  EDIP  empirical  i)otential.  The  crack  tip  is 
blunt,  and  a  disordered  region  has  formed  ahead  of  the  crack. 

utili?:ing  EP  models  alone,  our  results  show  good  agreement  with  experiment.  Tliis  suggests 
that  an  accurate  quantum-mechanical  treatment  of  bonds  near  the  crack  tip  provides  a 
qualitative  improvement  in  description  of  fracture  over  the  EP  models  used  previously. 

METHOD 

Recognizing  that  fracture  involves  physical  processes  on  a  wide  range  of  length  scales, 
Abraham  et  al.  constructed  a  multiscale  tool  for  simulating  fracture.  They  dynamically 
coupled  time-dependent  finite  elements  for  the  far  field.  EP  MD  for  atoms  on  the 
mesoscopic  length  scales,  and  tight-binding  (TB)  MD  in  a  nm  sized  region  that  includes 
the  crack  tip  [8].  Other  groups  have  also  presented  similar  approaches  that  couple  various 
subsets  of  these  methods  [9,  10,  11,  12,  13].  Here,  we  simulate  the  process  of  dynamic 
fracture  in  silicon  with  a  coupling  of  length  scales  approach  using  two  regions  [5].  Far  from 
the  crack  we  use  EP  MD  with  the  environment  dependent  interatomic  potential 
(EDIP)  [14,  15].  In  the  immediate  vicinity  of  the  crack  tip  we  include  explicitly  the 
electrons  that  mediate  interatomic  bonds  through  a  quantum-mechanical  model  based  on  a 
semi-empirical  TB  total-energy  method  [16].  The  tight-binding  forces  arc  computed  using  a 
Green’s  function  based  method  that  scales  linearly  with  the  number  of  atoms  [5,  17]. 

The  MD  time  evolution  is  computed  using  the  velocity  Verlet  algoritlun  [18]  at  constant 
energy  whth  a  1.0  fs  time  step.  The  system  consists  of  a  3  x  25  x  60  siipercell  of  a  12  atom 
("O)  X  (111)  X  (I^T)  (from  here  on  denoted  as  r,  y,  and  z)  unit  cell.  Periodic  boundary 
conditions  are  used  along  x  and  The  thin,  periodic  geometry  of  the  system  along  x  leads 
to  a  nearly  two-dimensional  plane-strain  configuration  in  the  y-z  plane. 

A  seed  crack  with  (111)  faces  and  a  (110)  crack  front  is  introduced  by  removing  a  bilaycr  in 
the  th{^  x-z  plane.  The  crack  extends  through  the  entire  system  along  .r,  and  is  198.6  A 
long  (half  the  system  size)  along  2.  The  crack  is  centered  with  respect  to  the  sample  in  the 
2  direction,  so  that  it  has  two  tips,  one  at  each  end.  The  entire  system  includes  ov('r  53000 
atoms.  We  use  a  TB  region  that  is  alrout  17  A  (five  bilayers)  thick  along  y,  and  about  45  A 
long  (17  lattice  periodicities)  along  surrounded  by  a  6.5  A  coupling  layer.  This  volume, 
including  the  coupling  layer,  includes  about  1000  atoms.  The  TB  region  is  placed  around 
one  of  the  tips  of  the  seed  crack,  and  is  not  moved  during  the  simulation.  Fig.  2  shows  the 
configuration  of  atoms  and  the  TB  region  near  the  crack  tij). 

The  initial  configuration  is  set  by  moving  each  atom  according  to  the  clastic  displacement 
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Figure  2:  Atomic  configuration  in  the  vicinity  of  one  of  tips  of  the  seed  crack.  EP  region  atoms  are  drawn 
in  white,  TB  region  atoms  in  grey,  and  coupling  layer  atoms  in  black. 


Figure  3:  Snapshots  from  a  multiscale  simulation  at  T  =  200  K  and  1.7%  applied  strain  at  0.4  ps,  1.0  ps, 
1.6  ps  and  2.1  ps  (from  left  to  right). 


field  in  a  strained  infinite  plate  with  an  infinitely  thin  crack  [19],  and  fixing  the  +y  and  —y 
surfaces.  We  rescale  the  EDIP  length  scale  (parameter  c  of  ref.  [15])  to  reduce  the  EDIP 
equilibrium  lattice  constant  to  the  TB  model  equilibrium  value  of  5.406  A. 

RESULTS 

Four  snapshots  from  a  simulation  of  a  system  under  1.7%  strain  at  T  =  200  K  are  shown  in 
Fig.  3.  The  crack  retains  an  atomically  sharp  tip,  propagating  in  a  straight  line  without 
branching  or  meandering,  and  leaves  behind  a  smooth,  unreconstructed  surface.  The 
velocity  of  the  crack  tip  as  a  function  of  loading  is  plotted  in  Fig.  4.  Onset  of  crack 
propagation  is  just  above  the  Griffith  criterion,  in  good  agreement  with  experiment.  The 
limiting  speed  of  the  crack,  about  2.7  m/s,  is  0.6  times  the  Rayleigh  wave  speed  of  EDIP. 
The  saturation  of  the  crack  speed  at  about  0.6  to  0.9  of  the  Rayleigh  wave  speed  appears 
to  be  universal,  having  been  observed  in  our  simulations  using  EDIP  and  Stillinger- Weber 
(SW),  as  well  as  a  modified  form  of  SW  that  gives  brittle  fracture  [3],  and 
experiment  [2,  20,  21].  It  is  interesting  to  note  that  this  speed  is  close  to  the  critical  speed 
for  instability  to  branching  seen  in  ball  and  spring  models  [21],  although  we  have  not 
observed  such  an  instability. 

In  experiment,  ductile  behavior  above  the  BDT  temperature  is  accompanied  by  a  large 
number  of  dislocations.  To  see  if  our  model  can  shed  some  light  on  the  microscopies  of  the 
BDT,  we  simulated  the  fracture  of  a  sample  at  1100  K.  While  we  observed  no  dislocations 
in  simulations  of  fracture  in  a  perfect  crystal,  a  vacancy  directly  ahead  of  the  crack  tip 
altered  this  behavior.  Snapshots  from  one  such  simulation  are  shown  in  Fig.  5.  Upon 
reaching  the  vacancy  a  90°  shuffle  set  partial  dislocation  is  nucleated  immediately  above 
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Figure  4:  Tlic  speed  of  the  crack  tip  as  a  function  of  energy  rel(‘as<'  rat<’,  which  is  proportional  to  tlu' 
applied  strain  squared.  Solid  line  with  open  circle's  is  the  results  of  the  present  work,  solid  circles  with  error 
bars  are  exijeriineiital  data  from  ref.  [2],  and  dashed  line  is  an  approximate  sketch  of  EDIP  simulation.  The 
vertical  line  indicates  the  Griffith  criterion  for  the  multiscale  simulation. 


Figure  5:  Snapshots  from  a  imdtiscale  simulation  at  T  —  1100  K  and  1.7%  api)lied  strain  of  a  sami)l('  with 
a  vacancy  ahead  of  the  crack.  The  left  panel  shows  the  crack  tip  immediately  before  reaching  the  vacancy. 
The  middle  panel  shows  the  nucleated  dislocation  core,  visible  as  a  sevenTold  ring  adjacent  to  a  five  fold 
ring.  The  right,  panel  shows  the  system  at  the  end  of  the  simulation,  with  the  arrested  crack  tip. 


the  crack  tip,  and  the  crack  arrests.  Repeating  the  same  simulation  11  times,  changing 
only  the  initial  velocities,  has  shown  this  behavior  twice.  At  a  temperature  of  900  K,  no 
dislocations  nucleated  in  10  repetitions  of  the  simulation. 

DISCUSSION 

The  material  properties  that  load  to  the  difference  between  the  EP  and  multiscale 
simulation  are  not  obvious  despite  the  striking  contrast  in  their  morphologies.  One  model, 
proposed  by  Rice,  provides  a  quantitative  measure  of  the  tendency  of  a  material  to  be 
brittle  or  ductile  in  terms  of  the  ratio  of  the  energies  for  surface  and  dislocation  formation 
Isilus  [22].  Values  of  Rice’s  criterion  for  silicon  computed  using  different  methods  are 
shown  in  Table  1.  While  none  of  the  models  agree  perfectly  with  the  LDA  calculation, 
which  is  expected  to  be  quite  accurate,  no  trend  is  apparent.  For  both  glide  and  shuffle  set 
dislocations,  Rico’s  criterion  for  the  TB  model  is  quite  similar  to  at  least  one  of  the  EP 
models.  Therefore  application  of  Rice’s  criterion  would  predict  that  the  rnultiscalc 
siniiilation  should  be  quite  similar  to  an  EP  simulation.  Since  this  is  not  the  case,  clearly 
something  other  than  this  energetic  criterion  is  controlling  the  behavior. 

One  alternative  is  a  criterion  based  on  stresses  rather  than  energies  [4].  To  describe  covalent 
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Table  1:  Rice  criterion  for  glide  and  shuffle  set  dislocations  computed  using  LDA,  TB,  EDIP,  and  SW. 

LDA  BK-TB  EDIP  SW 

Ishus  (glide)  0.90  0.40  0.59  0.45 

(shuffle)  1.02  0.90  0.85  1.71 


Opening  displacement  (A)  opening  displacement  (A) 


Figure  6:  Energy  as  a  function  of  displacement  for  two  blocks  of  silicon  pulled  apart  rigidly,  exposing  a 
(111)  surface  (panel  a),  and  the  stress,  defined  as  the  derivative  of  the  energy  (panel  b).  Solid  line  is  LDA, 
dashed  line  is  TB,  dotted  line  is  SW  and  dash-dotted  line  is  EDIP. 

bonding  in  a  simple  functional  form,  EP  models  such  as  SW  and  EDIP  include  only  nearest 
neighbor  interactions.  In  TB  and  LDA,  and  presumably  in  experiment,  two  surfaces 
interact  even  when  the  atoms  are  substantially  farther  apart.  Since  the  surface  energies  of 
all  the  models  are  similar,  the  stresses  needed  to  pull  apart  two  blocks  of  silicon  to  form  a 
new  surface  are  much  higher  for  the  short  range  potentials,  as  shown  in  Fig.  6.  Therefore, 
even  when  it  is  energetically  favorable  for  the  crack  to  propagate,  the  stress  at  the  crack  tip 
may  not  be  high  enough  to  break  a  bond.  The  stress  needed  to  form  a  dislocation,  on  the 
other  hand,  is  not  systematically  overestimated  by  the  short  range  EP  models.  As  a  result, 
for  the  EP  models  the  shear  stress  directly  above  the  crack  tip  exceeds  the  value  needed  to 
nucleate  a  dislocation  before  the  tensile  stress  is  high  enough  to  break  a  crack  tip  bond. 
While  the  range  of  the  potential  appears  to  explain  why  the  empirical  potentials  are  ductile, 
it  is  not  necessarily  sufficient  to  explain  why  TB  is  brittle.  Another  possibility  is  suggested 
by  the  explicitly  quantum-mechanical  description  of  the  electrons  that  form  the  interatomic 
bonds.  This  inherently  non-local  description  is  only  approximated  by  the  three  body  and 
coordination  dependent  terms  in  the  EP  models.  However,  some  more  subtle  non-local 
eflFect,  for  example  a  weakening  of  the  crack-tip  bond  by  the  local  strain,  could  also  reduce 
the  effect  of  the  peak  stress  for  the  TB  model  and  therefore  the  multiscale  simulation. 

CONCLUSION 

We  have  developed  a  multiscale  simulation  tool  that  allows  us  to  study  fracture  and  other 
multiscale  phenomena  with  accuracy  and  efficiency.  The  dynamical  coupling  of  TB  and  EP 
atomistic  simulations  has  produced  a  simulation  of  dynamic  brittle  fracture  in  silicon  that 
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is  in  good  agreement  with  experiment.  In  contrast,  EP  simulations  so  far  have  shown  onl,>- 
ductile  fracture  at  unphysically  high  loads.  The  quantum-mechanical  description  of 
bonding  at  the  crack  tip  gives  the  mnltiscale  method  the  necessary  accuracy,  while  the  rest 
of  the  system  is  more  efficiently  (and  sufficiently  accurately)  described  by  an  EP. 

The  qualitative  difference  in  the  morphology  of  fracture  between  empirical  potentials  and 
the  multiscale  approach  cannot  be  attribntc'd  to  Rice’s  energetic  criterion.  It  seems  lik('ly 
that  for  the  empirical  potentials  the  short  range  of  the  interactions  inagnifics  the  peak 
stress  that  the  system  can  sustain  to  imphysical  levels.  However,  it  is  not  clear  that  the 
intermediate  range  of  the  TB  model  is  sufficient  to  explain  its  brittleness,  and  the 
fundamental  reason  for  the  qualitative  differences  is  still  an  open  question. 

Our  observation  of  dislocation  nucleation  at  1100  K,  but  not  at  900  K.  suggests  that  a 
BDT  may  occur  at  a  temperature  close  to  the  experimental  value. 
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ABSTRACT 

Interfacial  defects  like  grain  boundaries  and  phase  boundaries  play  an  important  role  in  the 
mechanical  behaviour  of  engineering  alloys.  In  this  work  the  problem  of  a  crack  on  a  bi¬ 
crystal  interface  is  studied  at  the  atomic  scale,  with  the  goal  of  elucidating  the  effects  of 
varying  interatomic  interaction  on  crack  behaviour  and  to  assess  the  suitability  of  existing 
fracture  criteria  to  the  anisotropic  bi-crystal  case.  Calculations  are  performed  using  the 
Quasicontinuum  (QC)  method  [1].  Using  suitable  approximations,  some  of  the  existing 
fracture  criteria  were  used  to  predict  ductile  or  brittle  fracture  and  compared  to  the  QC 
results. 

INTRODUCTION 

One  goal  of  theoretical  studies  of  fracture  has  been  the  ability  to  predict  whether  a  given  crack 
system  is  inherently  brittle  or  ductile.  Two  widely  used  models  with  this  predictive  capability 
are  the  model  of  Rice  and  Thomson  (RT)  [2]  and  that  of  Rice  [3].  Rice  and  Thomson 
computed  the  critical  energy  release  rate  G  for  dislocation  emission  in  single  materials  [2]. 
The  RT  model  was  later  modified  by  Rice  et  al  to  make  it  suitable  for  isotropic  bimaterials 
[4].  Later,  dislocation  emission  from  a  stressed  crack  tip  was  analysed  based  on  the  Peierls 
concept  by  Rice  [3]  for  isotropic  single  materials.  The  aim  of  the  present  work  is  to  provide, 
via  atomistic  simulation,  a  library  of  different  bi-crystal  crack  results  against  which  to  test 
the  suitability  of  these  models.  We  find  that  even  though  the  Rice  model  has  been  formulated 
for  an  isotropic  single  crystal,  it  does  a  reasonably  good  job  of  predicting  the  behaviour  of 
bi-crystal  interfacial  fracture.  The  RT  model  is  not  as  successful  at  matching  the  simulations. 

Crack  studies  have  been  done  extensively  using  atomistic  modelling  or  a  mixed  atomistic 
and  continuum  approach.  Numerous  authors  (see  for  example  [5],  [6],  [7]  and  [8])  have 
studied  fracture  in  single  crystals  using  atomistic  techniques.  Thomson  and  Zhou  [9]  studied 
a  bi-crystal  interface  crack  in  an  interface  in  a  model  2D-hexagonal  lattice  and  compared 
their  results  to  continuum  models.  Atomistic  modelling  has  been  used  to  study  the  behaviour 
of  cracks  in  grain  boundaries  by  Cleri  et  al.  [10]  whose  work  helped  interpret  the  direction 
dependence  of  fracture  experiments  on  copper  bi-crystals. 

The  main  disadvantage  of  atomistic  modelling  tools  is  that  they  are  computationally 
very  slow^  To  circumvent  this  problem,  various  approaches  have  been  developed  whereby  a 
mixed  atomistic/continuum  formulation  is  employed  to  reduce  the  computational  demand. 
These  include  the  FEAt  (finite  element-atomistic)  method  of  Gumbsch  [11],  the  MAAD 
method  of  Abraham  et  al.  [12]  and  the  Quasicontinuum  (QC)  method  of  Tadmor  et  al.  [1]. 
In  this  work  the  QC  technique  is  used  to  simulate  cracks  on  interfaces  between  a  variety 
of  crystals  described  by  EAM  [13]  interatomic  potentials.  By  systematically  varying  the 
interface  strength,  wc  have  produced  a  library  of  results,  for  which  the  critical  energy  release 
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rate  for  failure  (either  brittle  or  ductile)  has  been  computed.  The  continuum  models  to 
predict  these  material  responses  were  then  tested  against  these  simulation  results. 

FRACTURE  SIMULATIONS 

III  this  work  wo  have  considered  a  very  simple  crack  geometry  using  FCC  (face  centered 
cubic)  crystals.  The  crack  is  in  the  <  110  >  direction  and  this  geometry  is  selected  so  that 
the  slip  planes  intersect  the  crack  line,  which  is  one  of  the  requisites  for  applying  the  existing 
fracture  criteria.  The  four  slip  planes  are  at  angles  54.7,  125.3,  234.7  and  305.3  degrees  from 
the  crack  direction,  as  shown  schematically  in  figure  1(A)  (Note  that  the  actual  dimensions 
of  the  models  are  70x70  A). 

The  loading  of  this  crack  is  quasi-static,  applied  by  incrementing  the  displacement  in 
small  steps.  The  increment  in  displacement  for  every  load  step  is  found  using  the  functional 
form  of  an  isotropic,  linear  clastic  material: 

=  (1) 

where  is  the  increment  in  displacement  and  A/j  is  the  incrementing  factor.  After  each 
increment,  the  boundary  nodes  in  the  QC  model  are  held  fixed  while  the  internal  nodes  are 
allowed  to  relax  to  their  minimum  potential  energy  configuration.  Note  that  the  form  of  (1) 
is  taken  only  as  a  good  initial  guess  to  the  incremental  disi)lacement  field  of  the  anisotropic* 
bi-crystal.  By  taking  small  load  steps  Atj  between  relaxations,  this  has  been  found  to  lead 
to  quick  convergence  and  good  solutions.  Note  also  that  only  the  boundary  nodes  on  the 
specimen  are  fixed,  keeping  the  nodes  on  the  crack  surfaces  stress  free. 

The  critical  energy  release  rate  for  crack  propagation  or  dislocation  emission  is  calculated 
using  a  J  integral  calculation  just  before  the  critical  load  step.  lurr  the  anisotropic  bi-crystal, 
J  can  be  calculated  numerically.  In  this  work  we  have  followed  the  domain  integral  method 
given  by  Shih  et  al.  [14] .  As  well,  the  stress  intensity  factors  Kj  and  A//  are  calculated 
based  on  the  work  by  Cho  et  al.  [15]. 

In  order  to  avoid  the  complexity  of  misfit  dislocations  at  the  interface,  we  have  modified 
the  EAM  potentials  of  Cu,  Ag,  Ni,  Pt,  Pel,  originally  due  to  by  Foiles,  Daw  and  Baskes 
[16].  We  have  done  this  by  making  the  lattice  constants  the  same  for  all  these  elements, 
using  a  scaling  factor  /  =  do/ao-  the  ratio  of  the  scaled  lattice  constant  to  the  original  lattice 
constant.  Thus  the  scaled  EAM  potentials  (indicated  In*  the  '  )  are  derived  from  the  original 
potentials  as: 

F{p)  =  fF{p),  p(f)  -  p(/f),  (2) 

where  (f)ij  is  the  pair  potential  between  atoms  i  and  j  ,  F  is  the  embedding  energy  and  p  is 
the  electron  density. 

Using  this  scaling  will  change  the  lattice  constants  but  leave  the  elastic  moduli  unchanged, 
and  thus  the  elastic  properties  remain  as  they  were  in  the  original  reference  [16],  We  have 
arbitrarily  chosen  to  scale  all  lattice  parameters  to  do  =  3.84A. 

The  consequence  of  the  scaling  is  that  we  are  not  using  real  materials,  but  from  this  work 
we  hope  to  get  insight  into  generic  fracture  behaviour.  Scaling  docs  not  mean  that  we  arc 
simply  using  the  same  materials  with  different  elastic  constants,  since  other  parameters  like 
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the  unstable  stacking  fault  energy,  stacking  fault  energy  and  cohesive  energy  are  different 
between  these  materials.  Hence  these  can  be  considered  to  be  different  materials  with  only 
the  lattice  constants  the  same.  We  vary  the  interface  strength  by  introducing  a  constant,  (p 
in  the  pair  potential  between  the  unlike  atoms.  Thus  for  atom  types  A  and  B 

(f>AB{r)  =  ip^(pAA{r)(i>BB{r).  (3) 

To  systematically  name  each  system  we  have  studied,  we  wall  use  the  notation  (lower  grain)- 
(upper  grain)-i,^3.  Thus  for  example  the  system  with  Ni  in  the  low^er  grain  and  Pt  in  the  upper 
grain,  with  (p  —  1.0  would  be  indicated  as  Ni-Pt-1.0. 

CONTINUUM  MODELS  FOR  FRACTURE  PREDICTION 

The  critical  energy  release  rate  for  crack  propagation  was  calculated  for  each  system  using 
the  Griffith  model.  The  energy  release  rate  for  crack  propagation  is  given  as 

G crack  ”  7.5  T  7s  ~  7int>  (4) 

where  7^  and  7^  are  the  free  surface  energies  of  material  1  and  material  2,  respectively,  and 
jint  is  the  energy  of  the  interface  between  the  two  materials. 

In  this  work  we  have  used  both  the  Rice  model  [3]  and  the  RT  model  [2]  to  calculate  the 
energy  release  rates  for  dislocation  emission.  The  RT  model  was  originally  developed  for  the 
isotropic  bimaterial  case  [17],  so  we  have  used  Voigt  averages  of  our  anisotropic  constants 
[18].  The  Rice  model  was  originally  developed  for  isotropic  single  materials  and  so  an  average 
of  the  elastic  constants  of  the  two  materials  was  used  here. 

The  end  result  of  both  models  is  an  expression  for  the  critical  energy  release  rate  for 
the  emission  of  a  dislocation,  Gdi$i,  which  is  compared  to  G crack  to  decide  brittle  or  ductile 
response.  The  RT  model  requires  a  dislocation  core  radius,  which  we  take  to  be  equal  to  6, 
the  Burgers  vector.  It  also  requires  the  elastic  constants  of  the  two  materials  and  the  atomic 
scale  phase  angle,  which  is  the  arctan  of  the  ratio  of  the  stress  intensity  factors.  The 
Rice  model  requires  the  elastic  constants,  the  unstable  stacking  fault  energy  and  the  stress 
intensity  factors  at  the  crack  tip.  In  our  work,  we  find  the  stress  intensity  factors  numerically 
and  use  the  minimum  of  the  unstable  stacking  fault  energy  between  the  two  materials. 

In  this  work  we  make  use  of  the  Rice  model  for  a  bi-crystal  case  by  recognizing  two  facts: 
(1)  €  for  our  materials  is  small  and  therefore  the  two  materials  are  elastically  very  similar, 
and  (2)  we  can  compute  local  values  of  Kj  and  Kn  at  our  crank  tip  from  the  numerical 
simulations.  In  addition,  for  both  the  Rice  and  the  RT  models  we  are  assuming  that  the 
anisotropy  of  our  crystals  can  be  neglected.  Whether  or  not  these  approximations  are  valid 
will  be  borne  out  by  the  comparisons  described  next. 

SIMULATION  RESULTS  AND  COMPARISON  TO  CONTINUUM  MODELS 

The  different  kinds  of  results  obtained  from  the  simulations  are  shown  in  parts  B  to  F  in 
figure  1.  Figure  1(B)  shows  Ni-Pt-1.0  just  before  dislocation  emission.  This  is  shown  just 
as  a  typical  example  of  the  specimen  just  before  the  critical  event  (i.e.  either  cleavage 
or  dislocation  emission).  Figure  1(C)  shows  dislocation  emission.  The  case  shown  is  the 
dislocation  emission  into  platinum  for  a  combination  of  Ni-Pt-1.0.  As  seen  in  the  figure,  the 
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Figure  1:  (A)  Geometry  of  the  crack  at  a  bimaterial  interface;  (B-F)  typical  results,  as 
described  in  the  text. 


cra(‘k  tip  has  become  blunt  as  a  result  of  dislocation  emission.  The  dislocation  is  caused  due 
to  the  slip  of  a  block  of  atoms  along  the  slip  plane  shown. 

Figure  1(D)  shows  crack  propagation  along  the  interface  (in  Ni-Pt-1.15),  the  second  type 
of  result  observed.  Part  B  shows  crack  propagation  one  layer  above  the  interface  into  Cu 
(in  Ni-Cu-1.0).  As  a  result  of  the  crack  propagation,  the  free  surfaces  formed  are  a  free 
surface  of  Cu  and  a  surface  of  Ni  with  one  layer  of  Cu  atoms  attached.  For  the  case  of 
Ag-Pt-1.0,  the  result  observed  was  crack  propagation  into  Ag.  Part  F  of  figure  1  shows  the 
crack  propagating  one  layer  below  the  interface  into  Ag. 

The  seven  columns  on  the  left  of  Table  2  give  the  details  of  all  the  simulations  and  will 
be  discussed  next.  The  remaining  columns  present  the  predictions  of  the  continuum  models 
and  will  be  discussed  later  in  this  section. 

The  variation  in  behaviour  can  be  explained  using  the  example  of  Xi-Pt.  For  —  1.0  the 
result  observed  was  dislocation  emission.  As  the  value  of  ip  was  increased  the  crack  behaA'iour 
changed  from  dislocation  emission  to  crack  propagation  along  the  interface.  The  transition 
from  dislocation  emission  to  crack  propagation  took  place  at  the  value  of  1.15.  The  values 
of  Gcrii  for  dislocation  emissions  remains  the  same.  For  the  case  of  crack  propagation,  the 
value  of  Gcrii  is  gradually  decreasing  because  as  the  constant  ip  is  increased  the  interface 
becomes  weaker. 

In  the  case  of  Ni-Ag-1.0,  the  crack  propagation  took  place  one  layer  above  the  interface, 
parallel  to  the  interface  plane.  The  transition  of  behaviour  from  crack  propagation  into  one 
of  the  materials,  to  crack  propagation  along  the  interface  took  place  at  (p  =  1.4.  The  critical 
energy  release  rate  decreases  as  the  interface  is  made  weaker  with  the  exception  of  Ni-Ag-1.4. 
The  higher  value  in  this  case  can  be  attributed  to  bigger  load  steps  (A^)  =  0.1, 5  *  A^  taken 
for  this  combination,  and  thus  greater  uncertainty  in  this  result.  The  different  values  of  the 
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Figure  2:  Results  obtained  from  the  simulations.  “Load”  is  the  total  load  fE  Mi)  just  before 
the  critical  event,  KnjKj  gives  the  ratio  of  stress  intensity  factors,  “jint”  is  the  interface 
energ}',  “Gcrit”  is  the  critical  energy'  release  rate  calculated  using  the  J-integral,  “Description” 
gives  details  of  the  observed  behaviour,  which  is  further  indicated  in  the  column  “QC”  as 
either  brittle  (B)  or  ductile  (D).  Columns  right  of  the  double  line  pertain  to  the  predictions 
of  the  continuum  models.  “Gcrack’^  is  the  Griffith  energy  release  rate  for  crack  propagation 
from  equation  4,  “GdisC  is  the  energy  release  rate  for  dislocation  emission.  R  indicates  the 
Rice  model,  RT  the  Rice-Thomson  model,  and  P  denotes  the  prediction,  either  brittle(B) 
or  ductile(D),  for  the  two  models. 
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critical  energy  release  rates  G^rii,  on  switching  the  materials  (Cu-Pt  vs  Pt-Cu)  is  due  to  the 
unsymmetric  crack  tip.  The  crack  tip  in  this  work  is  not  a  perfectly  sharp  crack,  but  one 
atom  layer  thick,  with  the  crack  tip  on  a  layer  of  atoms  which  belongs  to  the  lower  material 
as  seen  from  the  figures  in  1(A)  and  1(B). 

In  the  case  of  Ni  and  Cu  it  is  seen  that  as  ip  is  changed  the  crack  behaviour  changes  from 
crack  propagation  one  layer  above  the  interface  to  crack  propagation  along  the  interface.  As 
the  interface  is  made  weaker  the  critical  energy  release  rate  obtained  [Gcrit)  decreases. 

The  last  five  columns  of  table  2  gives  details  of  the  comparison  of  simulation  results  with 
the  Rice  and  RT  model  predictions.  In  this  table  all  the  predictions  shown  in  bold  indicate 
that  the  predictions  arc  the  same  as  the  simulation  results.  In  the  case  of  ductile  predictions 
it  is  noted  that  the  Rice  model  systematically  undorpredicts  G^ish  as  can  be  very  clearly 
seen  for  the  case  of  Ni-Pt  in  table  2.  The  RT  model  predictions  are  more  sporadic,  for  the 
case  of  ductile  predictions  in  Ni-Pt  G^isi  values  are  in  good  agreement  with  the  G^■rit,  but 
for  the  case  of  Pt-Cu  and  Pt-Pd  the  Gn^i  values  are  not  in  good  agreement  with  the  Gcrit 
values.  Gcrack  tends  to  be  in  good  agreement  with  Ga  it  for  the  brittle  cases,  so  long  as  care 
w'as  taken  to  use  the  correct  surface  energies  in  equation  (1).  Specifically,  the  fact  that  the 
materials  often  chose  to  cleave  one  layer  above  or  below  the  interface  must  be  incorporated 
by  computing  the  energy  of  a  surface  of  material  A  covered  by  a  single  layer  of  B  atoms. 
Further  details  of  the  comparison  of  predictions  are  given  in  the  thesis  by  Pillai  [19]. 

From  the  above  observations  it  was  concluded  that  Gcrack  obtained  from  the  Griffith 
model  is  reliable  as  long  as  the  correct  surface  energy  is  used  for  the  calculations.  The  RT 
model  predictions  arc  very  sporadic  hence  not  very  reliable.  The  Rice  model,  even  though 
it  underpredicts  the  value  of  Gdisi,  is  very  systematic  and  the  uiidcrprediction  can  partly  be 
attributed  to  the  slightly  blunted  crack  used  in  this  study. 
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ABSTRACT 

The  mechanics  of  generalized  continua  provides  an  efficient  way  of  introducing  intrinsic 
length  scales  into  continuum  models  of  materials.  A  Cosserat  framew'ork  is  presented  here 
to  describe  the  mechanical  behavior  of  crystalline  solids.  The  first  application  deals  with  the 
problem  of  the  stress  strain  field  at  a  crack  tip  in  Cosserat  single  crystals.  It  is  shown  that 
the  strain  localization  patterns  developping  at  the  crack  tip  differ  from  the  classical  picture  : 
the  Cosserat  continuum  acts  as  a  bifurcation  mode  selector,  whereby  kink  bands  arising  in 
the  classical  framework  disappear  in  generalized  single  crystal  plasticity.  The  problem  of  a 
Cosserat  elastic  inclusion  embedded  in  an  infinite  matrix  is  then  considered  to  show  that 
the  stress  state  inside  the  inclusion  depends  on  its  absolute  size  Ic-  Two  saturation  regimes 
are  observed  :  when  the  size  R  of  the  inclusion  is  much  larger  than  a  characteristic  size  of 
the  medium,  the  classical  Eshelby  solution  is  recovered.  When  R  is  much  small  than  the 
inclusion,  a  much  higher  stress  is  reached  (for  an  inclusion  stiffer  than  the  matrix)  that  does 
not  depend  on  the  size  any  more.  There  is  a  transition  regime  for  which  the  stress  state  is 
not  homogeneous  inside  the  inclusion.  Similar  regimes  are  obtained  in  the  study  of  grain 
size  effects  in  polycrystalline  aggregates  of  Cosserat  grains. 

INTRODUCTION 

The  incompatibility  of  plastic  deformation  in  heterogeneously  deforming  single  crystals 
can  be  the  origin  of  size  effects  in  their  mechanical  behavior.  It  is  related  to  the  so-called 
dislocation  density  tensor  g  arising  in  the  continuum  theory'  of  dislocations  [1].  In  contrast, 
classical  crystal  plasticity  [2]  relies  on  hardening  variables  related  to  the  scalar  densities  of 
dislocation  well-known  in  physical  metallurgy.  The  question  then  is  how  to  introduce  g  into 
a  general  constitutive  framework.  Two  main  ways  have  been  traced.  According  to  the  first 
one,  the  dislocation  density  tensor  is  regarded  as  an  additional  non  local  internal  variable 
[3].  The  second  one  acknowledges  the  fact  g  is  related,  on  the  one  hand,  to  the  gradient  of 
plastic  deformation  and  therefore  indirectly  to  the  second  gradient  of  the  displacement.  On 
the  other  hand,  the  dislocation  density  tensors  is  directly  related  to  lattice  curvature,  namely 
the  gradient  of  the  lattice  rotation  vector.  That  is  why  the  second  class  of  models  resorts 
to  the  mechanics  of  generalized  of  continua  [4].  Generalized  continua  can  be  classified  into 
three  main  groups.  Higher  grade  media  involve  higher  order  gradients  of  the  displacement 
field  or  of  some  internal  variables.  In  higher  order  media,  independent  degrees  of  freedom  are 
introduced  in  addition  to  the  usual  displacements.  Fully  non  local  media  are  characterized  by 
an  integral  formulation  of  the  constitutive  equations  [5] .  In  this  work,  attention  is  drawn  to 
the  Cosserat  continuum  for  which  independent  displacement  u  and  microrotation  $  degrees 
of  freedom  are  attributed  to  each  material  point.  The  vector  $  describes  the  rotation  of 
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an  underlying  tryad  of  rigid  directors,  here  the  crystal  lattice  directions  in  an  intermediate 
stress  released  configuration.  Deformation  and  curvature  tensors  can  bo  defined  [8],  so  tliat 
there  exist  two  associated  stress  tensors  :  the  force-stress  tensor  q  and  the  coujtle-stress 
tensor  fi.  They  are  not  necessarily  symmetric.  Two  balance  equations  must  be  fulfilled, 
namely Ihe  balance  of  momentum  and  the  balance  of  moment  of  momentum  : 

—  0;  0  (^) 

where  volume  forces  and  couples  have  been  excluded  for  simplicity. 

There  have  been  at  least  two  main  attempts  to  deal  with  the  single  crystal  as  a  generalized 
continuum  :  a  Mindlin-t.ype  strain  gradient  theory  [6,7]  and  a  Cosserat  model  [8].  Both 
theories  account  for  additional  hardening  due  to  lattice  curvature.  The  slight  differences 
concern  the  treatment  of  clastic  curvature  and  the  ability  of  the  Cosserat  continuum  to 
account  for  non-symmetric  stre.sses.  This  last  possibility  is  not  exploited  in  this  work  and 
only  effects  associated  with  lattice  curvature  are  presented. 

The  whole  constitutive  framework  of  Cosserat  .single  crystal  plasticity  is  detailed  in 
[8,10,11]  and  is  not  recalled  here.  It  is  based  on  a  generalized  Schmid  law  and  the  most 
important  part  of  the  model  lies  in  the  hardening  rule  : 

=  +  +  (2) 

tvhero  r"'  is  the  resolved  shear  stress  on  slip  system  .s,  Tq  the  initial  critical  resolved  shear 
stress.  Non-linear  hardening  is  introduced  as  a  function  of  cumulative  slip  Y  on  slip  system 
r.  being  the  interaction  matrix  accounting  for  latent  and  self-hardening.  Additional 
hardening  associated  with  lattice  curvature  Oyic  is  added,  Ir  being  an  intrinsic  length  scale. 
Tlie  consequences  of  the  introduction  of  this  non~cla.ssical  term  are  investigated  in  three 
cases  in  the  sequel.  The  first  example  deals  with  Cosserat  plasticity  in  a  single  crystal.  In 
the  second  one,  only  Cosserat  elasticity  is  regarded.  And  the  la.st  one  concerns  aggregates 
of  Cosserat  single  ciystals. 

STRAIN  LOCALIZATION  PHENOMENA  AT  A  CRACK  TIP 

The  asymptotic  stre.s.s-strain  field  at  a  stationary  crack  tip  in  ela.stic- ideally  plastic  f.c.c. 
and  b.c.c.  single  crystals,  as  determined  by  Rice  et  al  [9],  turns  out  to  be  locally  constant 
within  angular  sectors.  It  involves  shear  displacement  discontinuities  at  sector  boundaries, 
that  can  be  interpreted  as  strain  localization  bands.  The  numerical  analysis  of  the  same 
problem  using  finite  strain  crystal  clastoplasticity  in  [2]  reveals  that  the  condition  of  constant 
stress  state  in  each  sector  must  be  relieved  because  of  possibh'  local  unloading,  but  also  that 
the  strain  localization  patterns  pertain.  Two  types  of  deformation  bands  exist  in  single 
crystals  undergoing  single  slip  :  slip  bands  lying  in  the  slip  plane  of  the  locally  activated 
slip  system,  or  kink  bands  lying  in  a  plane  normal  to  the  slip  direction  of  the  slip  system 
[10].  The  formation  of  a  kink  band  is  associated  with  the  development  of  strong  lattice 
rotation  gradients  at  its  houndary  and  may  therefore  bo  precluded  if  the  model  incorporates 
additional  hardening  due  to  lattice  curvature  [10].  An  example  is  given  in  this  section  but 
a  more  thorough  analysis  of  aj)plication  of  generalized  crystal  plasticity  at  the  crack  tip  can 
be  found  in  [12]. 
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Figure  1.  Strain  localization  phenomena  at  the  crack  tip  of  a  f.c.c.  single  crystalline  CT 
specimen  with  vertical  orientation  [001]  and  horizontal  one  [110]  :  equivalent  plastic  strain 
(a),  lattice  rotation  (b)  in  the  classical  case..  The  picture  (c)  gives  the  equivalent  plastic  strain 
distribution  when  the  Cosserat  continuum  is  used  :  the  vertical  kink  band  has  disappeared. 
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[001] 


Figure  2.  Interpretation  of  the  strain  localization  pattern  at  the  crack  Up  of  a  single  crystal 
CT  specimen  :  (1)  and  (3)  are  effex:tive  slip  bands,  (2)  is  an  effective  kink  band. 


Figure  3.  Ratio  of  the  m,ean  stress  in  an  heterogencovs  inclusion  over  the  classical  Eshclhy 
rcsnU  as  a.  function  of  R/lc- 

Discrete  models  based  on  dislocation  dynamics  also  lead  to  strongly  localized  dislocation 
distributions  near  the  crack  tip  and  to  the  progressive  formation  of  the  predicted  sectors,  but 
kink  bands  do  not  seem  to  form  [13].  A  single  crystal  CT  specimen  is  considered  here  and  its 
deformation  is  computed  with  the  finite  element  method  using  firstly  classical  multiplicative 
single  crystal  plasticity.  A  ideal  plastic  f.c.c.  crystal  with  12  octahedral  slip  is  computed 
under  plane  strain  conditions.  Three  localization  bands  are  observed  at  the  crack  tip  (figure 
1)  ;  two  intense  slip  bands  and  one  kink  band  are  obtained,  as  explained  on  figures  1  and  2. 
The  application  of  Cosserat  extra  hardening  leads  to  the  disappearance  of  the  kink  band  as 
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shown  figure  Ic.  The  physical  relevance  of  this  result  cannot  he  definitively  assessed,  because 
there  are  only  scarce  detailed  experimental  analysis  of  the  crack  tip  field  in  a  single  crystal. 
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Figure  4.  Deformation  field  in  an  heterogeneous  elastic  inclusion  and  microrotation  field 
in  the  matrix  submitted  to  tension;  the  deformation  field  is  non-homogeneous  inside  the 
inclusion  contrary  to  the  classical  case. 

HETEROGENEOUS  COSSERAT  INCLUSION  IN  AN  INFINITE  MATRIX 

The  extension  of  the  classical  Eshelbian  inclusion  problem  to  the  Cosserat  framework  may 
well  be  of  the  major  importance  to  design  homogenization  techniques  being  able  to  account 
for  absolute  size  effects  in  heterogeneous  materials.  Some  aspects  of  the  Eshelby  inclusion 
problem  have  been  reported  in  [14].  Let  us  consider  a  Cosserat  elastic  inclusion  having  elastic 
properties  jii^ embedded  in  an  inifinite  matrix  endowed  with  different  moduli 

(jE,  i/, /if,  ^c)-  Furthermore  the  matrix  is  loaded  at  infinity  and  a  tensile  test  is  considered 
(axisymmetric  case). 


For  a  given  set  of  Cosserat  elastic  parameters  for  the  inclusion  and  tlie  matrix,  the 
inflnenco  of  the  inclusion  size  i?  on  the  mean  stress  within  the  inclusion  has  been  investigated 
and  the  results  are  presented  on  figure  3.  For  a  large  ratio  R/lc,  the  solution  tends  towards 
the  classical  one.  For  lower  ratios,  in  the  case  of  an  inclusion  more  rigid  than  the  matrix, 
liigher  values  of  the  mean  stress  arc  reached.  Again,  the  stress  tends  to  an  asymptotic 
value  for  ever  decreasing  inclusion  sizes.  Note  that  in  our  example,  the  stre.ss  in  the  tiny 
inclusion  is  more  than  twice  as  large  as  in  the  big  one.  In  the  transition  domain,  generalized 
stresses  and  deformations  are  non-hoinogeneoiis  within  the  inclusion,  as  seen  on  figure  4, 
and  contrary  to  the  classical  case.  The  typical  curve  with  bvo  saturation  plateaus  of  figure  3 
shows  that  the  characteristic  length  of  the  Cos.serat  medium  acts  as  a  resolution  parameter 
(as  in  microscopy).  When  tlie  geometry  interacts  witli  this  length  scale,  size  effects  will  be 
observed. 

GRAIN  SIZE  EFFECTS  IN  POLYCRYSTALS 

Efficient  homogenization  techniques  are  available  to  derive  the  overall  mechanical  j)rop- 
erties  of  polycrystals,  starting  from  the  knowledge  of  single  ciystal  constitutive  equations 
and  the  texture  (orientation  distribution  function).  They  also  provide  an  estimation  of  the 
mean  stress  and  strain  of  the  grains  having  a  same  given  onentation.  However,  two  major 
shortcomings  of  these  now'  classical  approaches  must  be  recalled.  Firstly,  they  do  not  provide 
the  stress  concentration  inside  tlie  grains  that  are  relevant  for  damage  prediction,  and  there¬ 
fore  strongly  underestimate  the  intergranular  and  intragranular  stress-strain  heterogeneity 
[11,15].  Secondly,  the  effective  properties  deduced  from  cla.ssical  homogenization  theories  do 
not  depend  on  the  absolute  size  of  heterogenities  but  only  on  their  volume  fraction  and.  at 
best,  on  the  morphology  of  the  constituents.  In  contrast,  it  is  well-know'n  in  experimental 
metallurgy,  that  microstructures  can  he  optimized  for  the  desired  overall  nonlinear  properties 
by  varying  the  size  of  inclusions  or  grains. 

That  is  why  polycrystalline  aggregates  have  been  considered  containing  a  detailed  de¬ 
scription  of  grain  morphology  and  intragranular  ficls.  A  volume  element  wnth  up  to  1000 
grains  has  been  computed  in  [15]  to  show'  the  tremendous  dispersion  of  stress  and  strain.  The 
grains  of  a  polycrystal  are  regarded  as  three-dimensional  Voronoi  polyhedra.  an<l  the  finite 
element  mesh  is  fine  enough  to  get  a  converged  solution  of  the  field  inside  each  grain.  This 
requires  parallel  computing  as  explained  in  [15].  This  approach  lias  been  used  in  classical 
crystal  plasticity  but  also  using  Cn.sserat  crystal  plasticily  so  as  to  introduce  an  actual  scale 
in  the  computation.  Small  periodic  aggregates  have  been  computed  in  [11]  to  derive  a  grain 
size  effect  for  f.c.c.  crystals. 

A  larger  hut  not  periodic  volume  element  is  considered  here  containing  50  Cosscrat  grains, 
the  mesh  remaining  small  enough  to  allow'  a  soqiiental  computation.  A  crystal  orientation  is 
attributed  to  each  grain  in  a  random  way.  The  displacement  in  direction  .r  is  prescribed  at 
the  bottom  and  top  faces  of  the  aggregates  to  simulate  a  tensile  test.  Six  computations  arc 
reported  here  w'ith  the  same  set  of  material  parameters,  tlu;  saiiu!  number  and  morphology 
of  grains  and  the  same  mesh.  Tlie  only  difference  is  the  absolute  size  of  the  cube  edge 
length  d  which  will  vary  from  10/nn  to  10mm.  Due  to  the  Cosserat  hardening  effect  (2), 
a  different  overall  curve  =<  >  vs.  E~.  =<  >  is  obtained  in  each  case  as 

show  on  figure  7.  The  considered  material  is  an  alloyed  zinc  polycr^-stal  for  which  material 
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parameters  are  available  from  [16].  The  only  essential  additional  parameter  is  H'  which  has 
been  arbitrarily  fixed  to  evidence  the  induced  size  effects.  Two  slip  sytem  families  must  be 
taken  into  account  :  the  3  basal  slip  systems  with  a  low  initial  critical  resolved  shear  stress, 
and  the  6  pyramidal  112  slip  systems  with  a  ten  times  higher  initial  threshold. 


Figure  5.  Tension  of  a  50-grain  zinc  aggregate  :  morphology  and  map  of  cumulated  basal 
slip  (top)  and  cumulated  pyramidal  112  slip  (bottom). 
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Figure  7.  Mean  stress-strain  curves  for  the  same  50-grain  zinc  aggregates  but  different 
absolute  sizes  d  of  the  cube. 

Figure  5  shows  the  grain  distribution  in  the  aggregate  and  that  basal  slip  is  predominantly 
activated  in  the  grains.  In  contrast,  pjTamidal  slip  exclusively  develops  at  the  grain  bound¬ 
aries  where  basal  slip  alone  cannot  accommodate  plastic  incompatibilies  between  neighbour¬ 
ing  grains.  A  map  of  a  norm  of  the  lattice  curvature  tensor  in  a  slice  of  the  sample  is  given  in 
figure  6,  showing  that  plastic  curvature  preferently  develops  near  the  grain  boundaries.  This 
confirms  the  fact  mentioned  in  [11]  that  lattice  rotation  tends  to  be  relatively  homogeneous 
in  the  core  of  the  grains  and  is  disturbed  near  the  boundary.  The  curves  of  figure  7  shows 
that  when  the  grains  are  very  large,  there  is  no  difference  between  the  computation  using 
classical  crystal  plasticity  and  the  Cosserat  case.  In  contrast,  when  the  grain  size  decreases, 
the  response  becomes  more  and  more  elastic.  Figure  8  gives  the  same  overall  stress-strain 
curves  but  after  removing  the  overall  elastic  deformation  from  the  total  one.  This  enables 
us  to  plot  the  difference  between  the  mean  axial  stress  E  reached  by  the  aggregate  for  each 
grain  size  at  a  given  mean  strain  E  =  0.1%,  minus  the  corresponding  strain  for  the  classical 
size-insensitive  case,  as  a  function  of  the  grain  size  {figure  9).  Three  regimes  appear  in  a 
similar  way  as  for  the  inclusion  problem  (figure  3)  ;  for  very  small  and  very  large  grains,  a 
slope  of  approximately  -1/2  is  observed,  whereas  the  transition  regime  is  characterized  by 
a  slope  of  approximately  —1. 
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plastic  strain 


Figure  8.  Mean  fftrass-plastic  strain  curves  corresponding  to  the  overall  curves  of  figure  7. 
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Figure  9.  E  — Eo  for  o,  plastic  strain  of  O.lVd  as  a  function  of  grain  size,  Eq  bring  the  stress 
reached  by  the  classical  solution. 
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CONCLUSION  AND  PROSPECTS 


The  proposed  Cosserat  framework  to  model  size  -dependent  crystal  plasticity  is  based 
on  the  introduction  of  additional  hardening  proportional  to  lattice  curvature.  Physically 
more  relevant  constitutive  equations  should  be  proposed.  In  particular,  the  reference  [17] 
indicates  that  the  effect  of  so-called  geometrically  necessary  dislocations  associated  with 
lattice  curvature  is  more  important  at  the  beginning  of  plastic  flow,  so  that  a  nonlinear 
additional  hardening  term  with  possible  saturation  would  be  better.  In  particular,  this  would 
affect  the  initial  yield  stress  of  polycrystalline  aggregates  and  not  subsequent  hardening, 
contrary  to  the  result  of  figure  7. 

Generalized  crystal  plasticity  has  been  shown  to  strongly  affect  the  stress-strain  field 
at  a  crack  tip  in  an  ideally  plastic  single  crystal.  In  particular,  strain  localization  bands 
of  kink  type  are  significantly  weakened  or  even  precluded.  Experimental  investigations  are 
necessary  to  assess  the  physical  relevance  of  the  result  but  some  experimental  results  and 
discrete  dislocations  models  seem  to  confirm  this  feature  of  crystal  plasticity. 

The  prediction  of  the  overall  properties  of  polycrystals  including  grain  size  effects  arc 
possible  using  Cosserat  crystal  plasticity  and  corresponding  homogenization  techniques  [18]. 
The  promising  results  on  small  polycrystal  volume  element  presented  here  for  hexagonal 
crystal  structures  must  be  confirmed  by  more  intensive  computations  involving  more  grains 
and  much  finer  meshes.  Parallel  computing  will  play  a  major  role  in  the  future  investigations. 
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ABSTRACT 

A  classification  of  size  effects  (SE)  in  plasticity  is  attempted. 

"Intrinsic"  SE  are  perceived  'when  any  internal  length  scale  directly  influencing  some  process 
or  property  interferes  with  the  size  of  the  material  region  where  the  process  is  going  on  or 
when  two  internal  length  scales  directly  affecting  the  same  process  or  property  interfere. 
"Extrinsic"  SE  arise  from  the  external  imposition  of  spatial  gradients  in  the  plastic  process  or 
by  the  building  up  of  internal  gradients  by  the  (externally  induced)  process  itself.  In 
dislocation-mediated  plasticity  plastic  strain  gradients  are  resolved  by  the  storage  of 
geometrically  necessary  dislocations  (GND)  leading  to  prominent  size  effects. 

Of  course,  mixed  effects  with  intrinsic  and  extrinsic  contributions  can  be  found  as  well  as 
superposed  effects  involving  more  than  two  characteristic  lengths  (i.e.,  size  effects  on  size 
effects).The  inclusion  of  both  types  of  SE  in  continuum  or  crystallographic  theories  is 
commented. 

INTRODUCTION. 

The  strong  impetus  experienced  by  a  broad  spectrum  of  micro-technologies  has  recently 
awakened  the  interest  on  the  mechanical  behaviour  of  small  volumes.  As  it  has  occurred  with 
other  physical  phenomena,  small-scale  plasticity  has  afforded  many  surprises. 

Some  effects  of  size  on  the  plastic  behaviour,  namely  the  indentation  size  effect,  ISE,  on  the 
hardness  value  of  a  material,  the  torsional  size  effect  of  small  wires  or  the  ductile-brittle  size 
transition  observed  on  crystalline  whiskers  were  known  since  a  long  time  [1-3].  However, 
with  the  exception  of  the  "normal  size'Vwhisker  transition,  the  question  of  their  origin  was  far 
from  settled  and  a  quantitative  explanation  for  them  was  not  yet  conceived.  When  the 
technological  importance  of  size  effects  (SE)  on  plasticity  was  highlighted  by  the  publication 
of  a  remarkable  paper  by  Ashby  and  co-workers  [4],  interest  in  the  exploration  and 
understanding  of  plastic  size  effects  boomed. 

That  size  matters  was  nothing  new  for  materials  scientists  and  engineers.  Structural  SE  like 
the  Hall-Petch  effect  on  the  strength  of  polycrystals  or  the  strength  dependence  on  the  inter¬ 
particle  distance  and  particle  size  in  precipitation  or  dispersion  strengthened  materials,  crucial 
for  structural  materials  design,  are  very  well  studied.  The  abundant  structural  size/plasticity 
relationship  knowledge  could  guide  the  understanding  of  non-structural  size  effects  of  micro- 
technological  interest.  In  fact,  the  aforementioned  paper  [4]  already  offered  a  successful  link 
between  many  non-structural  SE  and  the  concept  of  "geometrically  necessary  dislocations" 
(GND)  proposed  by  Nye  [5] and  applied  by  Ashby  to  the  extra  strengthening  of  non- 
homogeneous  materials  [6,7]. 

Atomistic  and  discrete  dislocation  approaches  to  plasticity  automatically  incorporate  internal 
lengths  in  their  analysis  and  plastic  SE  naturally  come  out  in  their  results.  However,  at  present 
they  are  limited  to  the  simulation  of  very  small  volume  elements  even  at  the  price  of  large 
computing  power  and  time.  In  order  to  reasonably  reproduce  the  mechanical  behaviour  of 
complex  microstructures  or  the  development  of  plastic  zones  in  patterned  regions  of 
microelectronic  devices  it  is  still  necessary  to  make  use  of  numerical  solutions  of  continuum 
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or  crystallographic  theories  of  plasticity.  By  contrast,  results  of  conventional  (local,  first 
order)  continuum  or  crystallographic  theories  are  scale  independent.  Consequently,  a  strong 
activity  is  being  currently  devoted  to  the  building  up  and  validating  of  non-local  or  second 
order  continuum  or  crystallographic  plasticity  theories  capable  of  dealing  with  SE  without  any 
ad-hoc  hyjiothesis  (like  introducing  an  explicit  structural  size  dependence,  i.e.,  the  Hall-Pctch 
relationship,  in  the  flow  stress  equation).  Among  others,  higher  order  theories  making  a 
connection  with  the  underlying  dislocation  accumulation/annihilation  processes  have  been 
proposed  by  Aifantis,  Nix  and  Gao,  Fleck  and  Hutchinson,  Achaiya  and  Bassani,  Forest  [4,  8- 
13].  The  state  of  the  question,  from  a  Continuum-Mechanics  point  of  view,  has  been  reviewed 
by  Hutchinson  and  by  Needleman  [14-16]. 

In  this  paper,  a  classification  of  SE  in  Plasticity  is  attempted.  Intrinsic  and  extrinsic  SE  arc 
distinguished.  Of  course,  there  are  mixed  SE  where  intrinsic  and  extrinsic  effects  superpose, 
as  well  as  SE  on  SE.  The  distinction  between  intrinsic  and  extrinsic  SE  is  not  artificial.  For 
instance,  some  non-negligible  intrinsic  effects  are  not  incorporated  to  the  currently  available 
gradient-dependent  plasticity  theories.  Also  this  paper  stresses  the  need  for  a  further 
combined  theoretical  and  experimental  effort  for  attaining  a  reliable  quantitative  prediction  of 
SE  with  continuum  or  crystallographic  theories  of  general  application  to  stnictured  materials 
or  patterned  devices  up  to  the  sub-micron  scale. 

A  CLASSIFICATION  OF  SIZE  EFFECTS  IN  PLASTICITY. 

Intrinsic  size  effects. 

"Intrinsic"  SE  occur, 

•  when  the  size  of  the  material  region  where  the  plastic  process  is  taking  place  interferes 
with  the  order  of  magnitude  of  any  internal  length  scale  influencing  the  plastic  properties 
involved  in  the  process, 

•  when  two  internal  lengths  independently  influencing  the  plastic  process  interfere. 

By  the  tenn  "intrinsic"  we  want  to  emphasise  that  such  effects  are  due  to  the  limited  size  of 
the  plastic  domain  and  their  existence  does  not  require  the  presence  of  any  mesoscopic  strain 
gradient.  The  size,  L,  we  are  speaking  of  can  be  either 

•  the  physical  size  limited  by  free  surfaces  if  we  are  defonning  a  single  crystal, 

•  the  size  of  a  plastic  island  embedded  in  elastic  material  or 

•  the  size  of  a  plastic  domain  limited  by  grain  or  phase  boundaries  not  penetrable  to 
dislocation-mediated  slip,  when  deforming  polycrystals  or  polyphasic  materials. 

Many  effects  of  structural  size  on  mechanical  properties  are  intrinsic  size  effects:  e.g.,  the 
strengthening  effect  of  intcr-particlc  distance,  the  blocking  of  slip  in  low  stacking-fault  energy 
materials  leading  to  pile-up  formation,  the  confinement  of  slip  in  narrow  corridors  in  layered 
materials,  or  in  thin  coatings,  etc.  Given  the  scale  of  integrated  circuits  and  microsystems,  any 
plastic  activity  in  them  will  be  affected  by  intrinsic  size  effects.  Artz  [17]  has  recently  made  a 
review  of  such  effects  with  a  perspective  on  micro-technology. 

The  number  of  possible  internal  lengths  is  high  even  for  a  single-phase  region.  Going  ft-om 
the  modulus  of  the  Burgers  vector,  b,  to  the  grain  size,  D,  the  mean  distance  between  foreign 
solute  atoms  on  the  slip  plane,  c‘’^^,  the  average  inter-dislocation  distance,  the  cell  or 
subgrain  average  size,  d,  the  mean-tree-path  of  mobile  dislocations,  etc.,  are  to  be 
considered,  among  others.  There  will  always  be,  at  least,  b,  as  internal  length,  with  respect  to 
the  continuum,  of  course. 

Most  usually  there  is  a  hierarchy  of  the  internal  length  variables,  e.g., 

b«c'’'^«p’’^^«d«A.«D«L  (1) 
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and  each  one  varies  in  a  range  respecting  the  above  hierarchy.  The  "normal"  structural 
dependence  of  some  plastic  property  (strength,  work  hardening  rate,  etc.)  is  manifested  as  the 
partial  derivative  of  the  property  relative  to  an  internal  length,  e.g.,  the  Taylor  relationship 
[3o/3(p-'“)]c,  D,  L,  provided  the  variable  remains  in  its  "normal"  range.  We  thus  have  many 
intrinsic  SE  of  structural  type  and  we  are  so  accustomed  to  them  that  we  often  forget  to  call 
them  SE. 

Sometimes  either  one  internal  length  or  the  external  size  take  a  value  out  of  its  usual  range. 
An  interference  between  two  lengths  occurs  and  the  subsequent  "anomalous"  behaviour  is 
clearly  perceived  as  a  genuine  SE.  Possible  SE  of  this  crossed  type  are  very  numerous.  In  fact, 
they  are  SE  on  SE.  Examples  of  crossed  SE  can  be,  for  L  or  D  decreasing  their  size, 

•  when  L  ==  D,  a  deviation  from  the  Hall-Petch  effect  sets-in 

•  when  L  ~  X  or  D  »  X,  the  work  hardening  ability  of  the  material  starts  to  weaken  [18] 

•  when  L  ~  a  transition  towards  a  whisker  type  behaviour  will  be  perceived 

•  when  b  =  is  reached,  mechanical  amorphisation  would  be  around. 

Extrinsic  size  effects. 

"Extrinsic"  SE  arise  from  the  external  imposition  of  spatial  strain  gradients  in  the  plastic 
process  or  by  the  building  up  of  internal  gradients  during  the  development  of  the  (externally 
induced)  process  itself 

It  is  well  known  that,  in  dislocation-mediated  plasticity,  plastic  strain  gradients  are  resolved 
by  the  storage  of  geometrically  necessary  dislocations  (GND)  leading  to  prominent  size 
effects,  fig.  1. 


Fig.  1.  The  original  sketch  (Ashby.  1970  [6, 7])  of  storage  of  geometrically  necessary  dislocations  during 
plastic  deformation  of  a  polycrystal. 

Notice  the  distinction  of  strain  (S)  or  rotation  (R)  gradients. 


As  it  has  been  mentioned  in  the  introduction  to  this  paper,  the  indentation  size  effect  on 
hardness,  ISE,  and  the  strengthening  effect  induced  by  decreasing  the  diameter  of  torsional 
samples  are  paradigmatic  examples  of  SE  produced  by  externally  imposed  strain  gradients. 
The  strengthening  effect  derived  from  the  curling  of  the  grains  in  transverse  sections  of 
axisymmetrically  drawn  wires  of  BCC  or  HCP  polycrystals  developing  <1 10>  fibre  textures 
is  a  good  example  of  the  effect  of  internal  gradients  [19-20]. 

In  the  ISE  case,  the  plastic  zone  under  the  indenter  is  embedded  in  elastic  material.  At  the 
elastic-plastic  border,  plastic  strain  is  zero  and  it  raises  up  to  a  high  value  close  to  the  sharp 
indenter  tip.  Ignoring  second  order  effects  (i.e.,  assuming  similarity  of  the  plastic  field  for 
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different  plastic  zone  sizes),  the  plastic  gradient  at  equivalent  locations  in  plastic  zones  will  be 
inversely  proportional  to  the  size  of  the  indentations.  The  later  can  be  measured  by  the 
indentation  depth  or  by  the  size  of  the  imprint  projection  on  the  material  surface). 

In  the  case  of  torsion  of  cylindrical  samples,  a  constant  simple  shear  gradient  develops 
anywhere  in  the  sample,  proportional  to  the  twisted  angle  and  to  the  inverse  of  the  sample 
diameter. 

In  largely  strained  BCC  or  HCP  wires,  the  elongating  individual  grains  deform  by  plane  strain 
elongation  and  compatibility  of  the  grain  ensemble  requires  their  continuous  inter-bending 
around  the  axial  direction,  creating  increasing  rotational  gradients. 

The  plastic  relaxation  of  second  order  displacement  gradients,  Ujj  v,  is  performed  by  the 
storage  of  an  array  of  geometrically  necessary  dislocations,  GND.  In  a  volume  clement  the 
density  of  GND  to  be  stored,  pg,  is  proportional  to  the  current  value  of  the  displacement 
gradient.  For  instance,  a  purely  rotational  gradient  can  be  absorbed  by  the  Nye’s  tensor  of 
GND  dislocation  density, 

Pji  =  -  SijXkk/b  (2) 

where  Xn  represents  the  curvature  tensor  [5]. 

Nye’s  tensor  distinguishes  different  virtual  dislocation  families  (i  and  j  represent  the  virtual 
Burgers  vector  direction  and  the  direction  of  the  virtual  disloeation  line)  but  notiee  that  such 
dislocations  are  not  lattice  dislocations.  The  Burgers  vectors  of  those  "equivalent"  or  virtual 
dislocations  are  given  in  terms  of  the  external  reference  system  of  coordinates  [5]. 

In  a  real  crystal,  the  GND  dislocation  density  corresponding  to  the  Nye’s  tensor  represents  a 
lower  bound  of  the  actual  Pg,  the  later  being  composed  of  available  real  lattice  dislocations 
forming  a  geometrically  equivalent  array  in  terms  of  Burgers  circuits  around  the  element. 
Between  the  Nye’s  GND  dislocation  density  and  the  actual  one  in  the  real  crystal,  the  link 
must  be  a  redundancy  numerical  factor.  Mg  >  1,  orientation  dependent. 


Pg  MglrSpji 


(3) 


Nye’s  tensor  accounts  only  for  rotational  gradients.  Stretching  gradients  can  also  make  a 
contribution  to  the  GND  density  (fig.  1).  Some  of  the  proposed  high-order  theories  include 
them  and  have  made  experimental  tests  for  calibrating  their  relative  importance  versus  the 
contribution  of  rotational  gradients  [11,  14,  15,  21],  The  transition  from  a  coherent  to  a  semi- 
coherent  interface  beyond  some  critical  thickness  of  a  growing  thin  film  on  a  flat  substrate  is 
the  simplest  example  of  relaxation  of  a  pure  stretching  gradient  by  a  GND  array. 
Consequently,  in  principle,  the  contribution  of  the  gradient  Ujjk  of  the  whole  relative  (plastic) 
displacement  tensor,  Ujj  should  be  considered. 

Uij  =  Eij  +  COij  (4) 

Uij,k  =  eij,k  +  C0ij,k 

where  Ejj  and  cOij,  the  symmetric  and  anti-symmetric  part  of  uy,  are  respectively  the  plastic 
strain  (pure  distortion)  and  the  rotation  tensors.  By  analogy  with  eq.  (3),  it  appears  reasonable 
to  write 


Pg  =  M/(uij,k)/b 


(5) 
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where /(uij,k)  is  some  convenient  function  of  the  invariants  of  Uij,k.  For  instance,  one 
possibility  would  be 

Pg  =  Mg(uij,kUij,k)^^^/b  =  Mg(8ij,keij,k  +  C0ij,k0)ij,k)  (6) 

(on  account  of  £ij,k(Oij,k  =  0).  Hutchinson  and  Fleck  [11]  have  considered  an  independent 
contribution  of  stretching  and  rotational  gradients  that  we  can  thus  translate  in  our  notation 

Pg  =  Mgs(e,j,keij,k)’^^  /b+  MgR(o)y,kCOi|,k)*-^  /b  (7) 

Available  experimental  evidence  suggests  that  Mgs  =  O.lMgR  [1 1 , 14,  15,  21],  but  much  more 
work  is  needed  for  assessing  eq.(7)  and  the  numerical  value  of  its  two  orientation/redundancy 
factors. 

Mixed  effects. 

In  many  practical  situations  confined  plasticity  occurs  in  the  presence  of  important  external  or 
internal  plastic  gradients.  Experimentally  observed  SE  will  thus  often  be  mixed  effects. 

The  Hall-Petch  effect  is  probably  the  most  prominent  mixed  SE.  Classic  interpretations  of  the 
Hall-Petch  effect  are  classified  as  "pile-up  theories"  and  "non  pile-up  theories"  [22],  both  of 
them  leading  to  the  same  functional  form  between  the  plastic  strength  and  the  grain  size.  Pile- 
up  theories  correspond  to  intrinsic  SE.  They  predict  a  direct  effect  on  the  elastic  limit,  Oy 

a,  =  a„  +  K,D'"  (8) 

Non  pile-up  theories  are,  in  general,  work  hardening  theories  and  are  based  on  the  storage  of 
GND  in  order  to  accommodate  plastic  heterogeneities  arising  from  the  orientation  dependent 
plastic  response  of  the  grains.  They  predict  a  work  hardening  enhancement  as  grain  size 
diminishes,  i.e.,  a  Hall-Petch  effect  on  the  flow  stress, 

o(e)  =  C!o(£)  +  K(e)D-''^  (9) 

K(8^0)  =  0 

but  no  effect  on  the  elastic  limit,  Oy. 

The  elastic  limit  (lower  yield  point)  of  ferritic  steel  and  in  general,  of  BCC  and  FCC  alloys 
age-hardened  by  dislocation-locking  solute  elements,  shows  a  strong  Hall-Petch  effect, 
indicative  of  an  important  intrinsic  SE.  After  the  yield  plateau  their  flow  stress  approximately 
obeys  eq.  (9). 

The  most  frequent  behaviour  of  FCC  alloys  and  interstitial-free  BCC  alloys  [23,  24]  is  well 
fitted  by  eq.  (9)  too  but  the  intrinsic  grain  SE  is  negligible  all  along  the  stress-strain  curve.  In 
both  cases  the  value  of  the  constant  K(e)  is  of  the  right  order  of  magnitude  predicted  from 
GND  calculations  [25,  26],  figs.  2  and  3. 
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Figure  2.  a)  Hall-Petch  slope  of  commercial  purity  Al  fepa),  super-pur  it)- A I  (spa)  and  Al-Mg  alloy  as  a  function 
of  tensile  strain  at  three  temperatures.  From  El-Haidaiy,  Fetch  and  de  los  Rios  [23], 

b)  Normalised  (adimensioual)  Hull-Fetch  slope  of  super-purity  Al  as  a  function  of  strain.  Data  from  the 
previous  figure. 

Figure  3.  Predicted  Hall-Fetch  slope  of polyciystalline  ferrite  as  a  function  of  strain  (Badiola  [26]).  Results  of  a 
calculation  based  on  a  continuum  approximation  using  a  rotational  strain  gradient  plasticity  tkeoiy 
(elastoplastic  data  valid for  an  IF  steel). The  "toy  model"  polycrysfal  approximated  by  an  aggregate 

of  12  "grains"  of  randomly  chosen  strength  from  a  continuous  distribution  between  limits  ranging  from 
simple  to  double.Cun>es  A,A  \  HoHomon  hardening  law  (resp.,  ftne  and  coarse  grain  size  range). Curves 
B  and  C:  id.,  Voce  hardening  low. 

The  numerical  value  ofKup  of  ferrite  coincides  with  its  adimensional  ratio  Kup/G  b’ 
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INCLUSION  OF  THE  EFFECTS  OF  PLASTIC  GRADIENTS  IN  HIGH-ORDER 
PLASTICITY  THEORIES:  THE  "GRADIENT  HARDENING  LOCUS^\ 


There  remain  some  points  of  controversy  among  continuum  mechanics  specialists  about  the 
correct  structure  of  a  gradient  dependent  plastic  theory,  for  instance,  the  necessity  or  not  of 
including  higher  order  stresses  in  the  plastic  work  calculations  [14,  27].  However,  the  key 
point  to  be  solved  in  order  to  make  reliable  applications  of  the  theories  is  the  relationship 
between  the  plastic  gradient  and  the  density  of  GND,  eq.  (3)  or  its  equivalents.  And  for 
achieving  that  there  is  urgent  need  a  profusion  of  experimental  support  under  theoretical 
guiding. 

The  current  situation  bears  a  strong  analogy  with  the  development  of  the  conventional  theory 
of  plasticity  during  the  first  half  of  the  XXth  century.  Supported  on  a  huge  amount  of 
empirical  knowledge,  phenomenological  yield  criteria  and  flow  rules  were  first  formulated. 
Based  on  a  microscopic  yield  criterion  supported  by  experimental  observations  and  physical 
interpretations  -  the  "Schmid  law"  -  Taylor  [28,  29]  put  the  foundations  for  the  complete 
explanation  by  Bishop  and  Hill  [30-32]  of  the  validity  (and  limitations)  of  the  Tresca  or  Von 
Mises  empirical  yield  criteria  and  the  Levy-Mises  flow  equations.  This  represented,  by  1950, 
the  completion  of  the  "mathematical  theory  of  plasticity"  and  the  building  up  of  the 
crystallographic  theory  of  plasticity.  Today,  what  we  need  to  know  for  fully  exploiting  semi- 
phenomenological  versions  of  strain  gradient  plasticity  is,  at  least,  a  "gradient  hardening 
locus"  (GHL):  a  surface  of  equal  density  of  geometrically  necessary  dislocations  in  the  space 
of  the  components  of  the  plastic  displacement  gradient  tensor.  This  is,  of  course,  the  simplest 
one-parameter  version  of  a  gradient  dependent  theory.  The  GHL  defines  a  set  of  "equivalent 
plastic  gradients"  characterised  by  some  value  of  the  GND  density,  pg. 

We  do  already  have  some  experimental  data  for  validating  possible  GHL  equations:  mainly 
ISE,  torsional  and  bending  results,  together  with  a  huge  amount  of  microstructural  SE  data. 
Furthermore,  there  is  the  possibility  of  macro,  meso  and  microscopic  modelling  of  the 
experiments  and  there  is  the  possibility  of  quantitatively  assessing  actual  dislocation  arrays  by 
TEM  (in  fact,  some  attempts  of  an  integral  approach  to  the  ISE  problem  have  been  made 
[33]). 

The  above  statement  constitutes  a  whole  program  for  future  research.  The  difficulties  ahead 
are  however  bigger  than  those  faced  by  the  past  generation  of  researchers  on  plasticity, 
because  the  GHL  is  presumably  much  more  complicated  than  the  yield  locus.  Its 
dimensionality  is  higher  (24  vs.  5  independent  dimensions),  i.e.,  grasping  its  physical  sense, 
covering  its  surface  with  experimental  data  points  or  simply  visualising  it  will  be  still  more 
complicated.  Moreover,  the  physically  guided  linking  of  the  plastic  gradients  with  the 
corresponding  GND  is  not  well  mastered.  Firstly,  GND  arrays  are  not  univocally  determined; 
the  same  plastic  gradient  can  be  solved  in  a  single  ctystalline  volume  element  by  different 
dislocation  arrays.  This  is  a  kinematical  problem  quite  similar  to  the  solution  of  a  prescribed 
strain  by  polyslip  [29,30].  In  the  case  of  the  strain  of  a  crystal,  on  the  basis  of  an  equilibrium 
argument,  the  Schmid  law  justifies  the  "maximum  plastic  work  principle"  that  enables  to 
select  the  actual  set  of  active  slip  systems,  as  shown  by  Bishop  and  Hill  [30,  31].  However,  up 
to  now  there  is  no  internal  energy  minimisation  argument  valid  for  the  selection  of  the  actual 
GND  array  for  a  given  strain  gradient.  A  criterion  of  selection  of  the  GND  array  on  the  basis 
of  stored  energy  minimisation  has  been  used  [34]  but  in  plasticity  the  stored  energy  is  most 
often  only  a  fraction  of  the  spent  plastic  work  necessary  for  creating  and  positioning  the 
dislocation  array. 

The  complexity  of  the  GND  selection  is  very  well  illustrated  by  the  experimental  evidence  of 
multiplicity  of  GND  arrays  resolving  a  pure  "simple  shear"  gradient  built  up  by  single  slip  of 
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a  crystal  element  containing  a  spherical  non-deforming  inclusion,  a  problem  thoroughly 
studied  and  reviewed  by  Humphreys  [35].  It  is  difficult  to  imagine  a  simpler  situation 
involving  plastic  gradients  but  it  turns  out  that  the  observed  GND  arrays  depend  on  the 
particle  size  (an  intrinsic  size  effect  superposed  to  an  extrinsic  one!)  and  on  the  gradient  level. 
The  results  collected  by  Humphreys  can  be  di.splayed  in  a  two-dimensional  map,  fig.  4.  Small 
plastic  gradients  are  resolved  by  GND  arrays  of  Orowan  loops  in  a  first  stage  of  pure  primary 
glide.  A  transition  to  GND  arrays  of  primary  prismatic  loops  follows.  Finally,  there  is  a 
transition  to  a  stage  of  GND  arrays  containing  secondary  dislocations.  The  later  stage 
corresponds  to  increasing  rotations  of  the  crystalline  material  containing  the  GND  array 
whereas  the  first  two  stages  do  not  imply  lattice  rotations.  The  borders  of  the  regions  of  the 
map  correspond  to  critical  stress  criteria  at  the  particle  matrix  interface. 


Figure  4.  Map  of  GND  arrays  developed  by  single  slip  in  aluminium  single  cry'stals  containing  spherical  non- 
deforming  particles,  as  a  function  of  strain  and  normalised  particle  radius.  Reproduced from 
Humphreys  [35], 

The  results  of  Humphreys  suggest  that  the  ratio  of  the  factors  Mgs  and  MgR  changes  as  a 
function  of  strain.  At  small  gradient  values  stretching  arrays  predominate,  Mgs  »  MgR,  but 
rotational  ones  prevail  in  presence  of  larger  gradients,  Mgs  «  MgR.  This  is  easily  seen  if  eq. 
(7)  is  particularised  for  the  gradient  of  simple  shear  situation: 


Pg  -  2'^^  (Mgs  ei2.i  +  MgR  (0i2,i) /b  (10) 

The  transition  from  stretching  to  rotational  arrays  occurs  the  sooner  the  larger  the  absolute 
size  of  the  region  (the  critical  stress  is  proportional  to  the  absolute  number  of  piled-up 
dislocations  in  the  stretch  type  GND  array).  According  to  fig.  4,  complex  rotational  arrays 
will  be  observed  for  sizes  above  0.1  pm  almost  right  from  the  beginning  of  the  straining.  The 
result  Mgs  =  MgR/ 10  was  obtained  in  bending  experiments  of  beams  not  thinner  than  0.1  um 
[21], 

If  the  above  considerations  were  correct,  one  can  have  a  glimpse  of  the  aspect  of  a  particular 
3d  section  of  the  GHL.  For  plane  plastic  strain  and  gradients  developing  only  in  one  direction, 
eq.  (7)  reduces  to 


Pg  ~  2’'^^  [Mgs  (£11,1^  +  £i2,i^)'^^  +  MgR  C0i2,i]  /b 


(11) 
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For  small  density  of  GND,  the  GHL  will  be  cigar  shaped  along  the  0)12,1  direction  of  the 
space  of  the  gradient  components.  Increasing  pg  will  change  the  shape  of  the  dilating  GHL 
towards  an  oblate  spheroid  parallel  to  the  (811,1,  £12,1)  plane,  fig.  5. 


Figure  5.  Hypothetical  shape  evolution  of  a  particular  section  of  the  GHL  (gradient  hardening  locus),  according 
to  eq.  (11).  Plane  plastic  strain.  Arbitrary  units. 

When  performing  detailed  micromechanical  calculations,  most  frequently  the  plastic  zones 
under  consideration  will  be  single-crystalline.  Crystallographic  gradient  plasticity  will  be  then 
a  much  better  approximation  to  reality  than  continuum  gradient  plasticity.  Use  of 
crystallographic  gradient  plasticity  offers  a  straightforward  possibility  for  achieving  a  much 
more  detailed  calculation  of  the  GND  density.  If  we  consider  a  single  crystalline  volume 
element  with  k  possible  slip  systems,  the  GND  density  of  gliding  dislocations  corresponding 
to  each  slip  system  is  simply  given  by  the  slip  gradient  normalised  by  b 


Pg  =  (Mg/b)5:k2i(ark/axi)  (12) 

where  i  represents  the  three  directions  of  the  external  reference  system  and  Fk  the  total 
amount  of  slip  in  the  k  system  in  the  element  (fig.  6).  A  redundancy  factor  has  also  been 
included  on  account  of  possible  reactions  inside  the  "primary"  GND  array.  If  the  slip 
gradients  are  calculated  relative  to  the  reference  system  associated  to  each  slip  system,  the 
density  of  screw  and  edge  GND  dislocations  can  be  distinguished  allowing  for  much  more 
detailed  work  hardening  calculations,  as  proposed  by  Shu  and  Fleck  [36]. 


From  the 
slip  gradient 
in  direction  x 


Figure  6.  The  geometrically  necessary  dislocation  density  calculated  from  cjystallographic  slip  gradients. 
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To  close  this  section  a  final  word  must  be  said  concerning  the  separate  treatment  of  the 
statistically  stored  and  geometrically  necessary  dislocation  densities  that  should  be  given  in 
the  plastic  constitutive  equation.  For  simplicity  we  do  not  distinguish  here  the  different 
dislocation  families.  The  macroscopic  deviatoric  stress  and  strain  increment  components  (or 
the  equivalent  stress  and  strain  increment)  are  respectively  related  to  the  resolved  shear  stress 
and  total  slip  increment  in  a  volume  element  by  an  appropriated  orientation  factor  M 

o  =  Mx 

de  =  dr/IVl  (13) 

The  crystallographic  yield  criterion 

T  <  Xc  — >  no  dislocation  glide  increment 

x  =  Xc  =  (Xc)o  +  aGb(p)^^^  — >  slip  increment  dT  (dislocation  glide)  (14) 

where  p  is  the  total  dislocation  density 

p  =  ps  +  pg  (15) 

The  moving  dislocations  will  not  distinguish  between  statistically  stored  and  GND 
dislocations,  at  least  as  a  first  approximation.  However,  their  different  behaviour  should  not 
be  ignored  in  the  evolution  equations  of  the  dislocation  density.  The  value  of  the  GND  density 
is  determined  by  the  current  value  of  the  plastic  gradient.  The  multiplication  term  of  the 
statistically  stored  dislocations  is  a  function  of  the  total  density  of  obstacles,  i.e.,  of  the  total 
dislocation  density,  but  the  annihilation  tenn  should  concern  only  the  density  of  statistically 
stored  dislocations.  The  reason  is  that  GND  arrays  are  locally  constituted  by  sets  of 
dislocations  of  the  same  family  and  the  same  sign,  unaffected  by  dynamic  recovery  at  low  or 
moderate  temperatures.  Consequently, 

dps/dr  =  ki(p)^'^  -  k2Ps  ps  <  (Ps)sat 

Pg  “  Pg(^y.><)  Pg  <  (Pg)sat  (lb) 

In  eqs.  (16)  provision  has  been  made  of  saturation  limits  for  both  types  of  dislocation 
densities.  Because  of  the  redundancy  of  the  statistically  stored  dislocations  and  the  same  sign 
of  the  GND  of  the  same  set, 

(Ps)sat  «  (pg)sa(  (17) 

A  very  important  consequence  derives  from  inequality  (17):  at  large  strains,  attainment  of  the 
saturation  limit  of  the  density  of  statistically  stored  dislocations  marks  the  end  of  Stage  III  of 
deformation.  Persistence  of  deformation  does  not  mean  the  end  of  work  hardening:  as  far  as 
plastic  gradients  monotonically  increase,  the  GND  density  can  still  increase.  This  is  Stage  IV! 
Of  course,  other  contributions  to  the  existence  of  Stage  IV  are  possible  [25]  but  it  could  turn 
out  that  this  one  was  the  most  important,  at  least  for  polycrystalline  materials. 
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INCLUSION  OF  INTRINSIC  SIZE  EFFECTS  IN  HIGH-ORDER  PLASTICITY 
THEORIES. 

The  inclusion  of  intrinsic  SE  in  high-order  plastic  theories  without  making  ad  hoc  hypothesis 
could  be  done,  even  in  continuum  theories,  by  defining  independent  plastic  domains  having 
recourse  to  higher  order  plastic  gradients  through  some  edge-enhancing  numerical  technique. 
This  is  still  an  unexplored  territory  but  the  simplest  approach  could  be  to  employ  the  spatial 
gradient  of  p  or  Pg  for  defining  plastic  domains.  Grain  or  phase  boundaries  could  be 
distinguished  in  polycrystals  or  in  two-phase  materials  because  of  the  orientation  dependence 
of  strength.  Moreover,  inside  each  grain,  a  strain-induced  subdivision  in  blocks  would  appear 
from  the  influence  of  the  neighbouring  grains,  as  observed  by  detailed  TEM  studies  of  sub- 
structural  development  [37].  Using  crystallographic  plasticity,  the  sub-division  in  independent 
plastic  domains  can  simply  make  use  of  a  criterion  of  a  critical  misorientation  complemented 
by  a  consideration  of  the  gradient  of  p  on  account  of  the  possible  non  penetrability  of  a 
domain  by  gliding  dislocations  beyond  some  critical  value  of  tlie  total  dislocation  gradient. 


CONCLUSIONS 

•  Two  types  of  size  effects  in  plasticity,  intrinsic  SE  and  extrinsic  SE,  can  be  distinguished. 

•  Intrinsic  SE  can  directly  influence  the  critical  resolved  shear  stress  or  the  work  hardening 
ability  since  the  elastic  limit  of  an  undeformed  material. 

•  Extrinsic  SE  derive  from  the  imposition  or  the  development  of  plastic  gradients.  They 
enhance  the  work  hardening  rate  because  they  imply  the  storage  of  a  surplus  of 
geometrically  necessary  dislocations,  GND,  besides  the  statistical  storage  of  dislocations 
that  would  occur  in  the  absence  of  gradients. 

•  For  a  reliable  inclusion  of  the  effect  of  plastic  gradients  in  plasticity  calculations,  the 
configuration  of  the  "gradient  hardening  locus",  GHL,  the  surface  of  equal  GND  density 
in  the  space  of  the  components  of  the  plastic  gradient  tensor,  is  to  be  explored.  Critical 
experiments  are  to  be  selected  and  performed,  complemented  by  TEM  observations  and 
by  simulations  using  continuum,  crystallographic  and  discrete-dislocations  plasticity 
calculations. 

•  Proper  inclusion  of  intrinsic  SE  in  plasticity  theories  other  than  discrete-dislocations  ones 
needs  to  make  use  of  higher-order  gradients  than  those  needed  for  include  the  effect  of 
extrinsic  SE.. 

•  The  effect  of  the  plastic  gradients  offers  an  explanation  for  the  quasi-universal  existence 
of  Stage  IV  of  deformation. 
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ABSTRACT 

Classical  plasticity  theories  generally  assume  that  the  stress  at  a  point  is  a  function  of  strain 
at  that  point  only.  However,  when  gradients  in  strain  become  significant,  this  localization 
assumption  is  no  longer  valid.  These  conventional  models  fail  to  display  a  ‘size  effect’.  This 
effect  is  seen  experimentally  when  the  scale  of  the  phenomenon  of  interest  is  on  the  order  of 
several  microns.  Under  these  conditions,  strain  gradients  are  of  a  significant  magnitude  as 
compared  to  the  overall  strain  and  must  be  considered  for  models  to  accurately  capture  observed 
phenomena. 

The  mechanics  community  has  been  actively  involved  in  the  development  of  strain  gradient 
theories  for  many  years.  Recently,  interest  in  this  area  has  been  rekindled  and  several  new 
approaches  have  appeared  in  the  literature.  Two  different  approaches  are  currently  being 
evaluated.  One  approach  considers  strain  gradients  as  internal  variables  that  do  not  introduce 
work  conjugate  higher  order  stresses.  Another  approach  considers  the  strain  gradients  as  internal 
degrees  of  freedom  that  requires  work  conjugate  higher  order  stresses.  Experiments  are  being 
performed  to  determine  which  approach  models  material  behavior  accurately  with  the  least 
amount  of  complexity.  A  key  difference  between  the  two  models  considered  here  is  the  nature  of 
the  assumed  boundary  conditions  at  material  interfaces.  Therefore,  we  are  investigating  the 
deformation  behavior  of  aluminum/sapphire  interfaces  loaded  under  simple  shear.  Samples  are 
fabricated  using  ultra-high  vacuum  diffusion  bonding.  To  determine  the  lattice  rotations  near  the 
boundary,  we  are  examining  the  samples  with  both  electron  backscatter  diffraction  methods 
(EBSD)  in  the  scanning  electron  microscope  and  with  a  variety  of  diffraction  techniques  in  the 
transmission  electron  microscope.  The  experimentally  found  boundary  conditions  shall  be 
subsequently  used  to  determine  whether  the  simpler  internal  variable  model  is  adequately 
descriptive  or  if  the  greater  complexity  associated  with  the  internal  degree  of  freedom  approach 
is  warranted. 


INTRODUCTION 

Although  not  predicted  by  classical  models,  an  increase  in  flow  stress  is  seen  during 
deformation  when  the  observed  phenomena  is  on  the  order  of  a  micron  and  inhomogeneties  are 
present.  For  example,  Fleck  et.al  [1]  showed  that  when  loaded  in  torsion,  a  wire  displays  greater 
strength  for  smaller  radii.  Others  authors  have  observed  this  type  of  effect  in  other  systems, 
including  bending  [2],  indentation  hardness  [3],  and  particle  hardened  alloys  [4].  The  increase  in 
hardness  under  these  conditions  is  due  to  additional  dislocations  needed  for  compatibility.  These 
dislocations  are  commonly  referred  to  as  geometrically  necessary  dislocations  [5].  The  presence 
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of  these  dislocations  can  be  ignored  and  continuum  theories  applied  at  large  size  scales  since 
gradients  in  strain  are  small.  However,  at  smaller  size  scales,  more  dislocations  are  fonned  in  a 
smaller  area,  resulting  in  large  strain  gradients  and  higher  flow  stresses.  This  effect  is  not 
captured  in  continuum  models  because  these  models  assume  that  the  stress  at  a  point  is  a 
function  of  strain  at  the  same  point  only.  When  strain  gradients  become  significant,  this 
localization  assumption  is  no  longer  valid  [6].  This  must  be  accounted  for  in  a  non-local  theory 
to  accurately  reflect  material  response.  Two  distinct  classes  of  models  that  extend  classical 
theories  to  include  strain  gradient  effects  are  currently  being  evaluated.  Fleck  and  Hutchinson  [7] 
have  developed  one  approach  in  which  strain  gradients  are  included  in  the  hyperelastic  work 
function.  This  type  of  formulation  considers  strain  gradients  as  internal  degrees  of  freedom  and 
requires  work  conjugate  higher  order  stresses,  which  need  additional  boundary  conditions. 
Acharya  and  Bassani  [8]  have  developed  an  alternative  approach  in  which  a  strain  gradient  tenn 
is  included  in  the  hardening  function.  In  this  method,  the  strain  gradients  are  considered  to  be 
internal  variables,  which  do  not  introduce  work  conjugate  higher  order  stresses  or  additional 
boundary  conditions.  This  approach  has  the  advantages  that  it  is  simpler  overall,  preserves  the 
structure  of  the  classical  boundary  value  problem,  and  can  easily  be  implemented  into  existing 
finite  element  codes.  However,  the  additional  boundary  conditions  in  the  higher  order  theory 
allow  for  the  presence  of  a  boundary  layer.  Specifically,  Fleck  and  Hutchinson  [7]  detennined 
theoretically  that  a  boundary  layer  of  lattice  rotation  should  be  present  at  an  interface  between 
dissimilar  materials  loaded  under  remote  simple  shear.  Since  boundary  layers  arc  not  allowed  in 
Acharya  and  Bassani’s  approach,  detecting  the  presence  of  these  layers  at  interfaces  will  supply 
critical  infonnation  in  the  continued  development  of  strain  gradient  plasticity  theories.  Boundary 
layers  seem  likely  in  real  materials,  since  dislocation  motion  is  governed  by  stress  fields  that  arc 
strongly  affected  by  boundaries  [9].  The  presence  of  a  boundary'  layer,  however,  has  not  yet  been 
definitively  determined.  Although  previous  experimental  work  on  bicrystals  by  Sun  et.al  [10] 
suggests  the  presence  of  a  boundary  layer,  the  data  is  difficult  to  interpret  due  to  the  movement 
of  the  grain  boundary.  Therefore,  experiments  perfonned  at  a  metal-ceramic  interface  are 
proposed  to  determine  deformation  behavior  without  the  complication  of  grain  boundary 
movement. 


EXPERIMENTAL  DETAILS 

Samples  have  been  designed  to  study  the  defonnation  behavior  at  a  metal-ceramic  interface. 
The  samples  consist  of  a  metal  foil  sandwiched  between  two  polished  ceramic  cylinders.  C-axis 
oriented  sapphire  polished  to  ?l/10  flatness  as  obtained  from  General  Ruby  &  Sapphire  is  used 
for  the  ceramic.  Aluminum  is  used  for  the  metal  because  of  its  relatively  simple  defonnation 
behavior  as  compared  with  other  available  choices.  99.999%  pure  aluminum  foils  are  obtained 
from  Metron  Company.  An  ultra-high  vacuum  diffusion-bonding  machine  [1 1]  is  used  to  bond 
the  sapphire  cylinders  to  the  aluminum  foil.  The  aluminum  foils  are  25  or  50  microns  thick  and 
the  sapphire  rods  measure  16  mm  in  diameter  and  20  mm  long.  Prior  to  bonding,  the  surfaces  are 
cleaned  by  sputtering  and  characterized  by  Auger  spectroscopy.  The  samples  are  held  at  600®C 
for  38  hours  with  an  applied  pressure  of  10  MPa.  These  samples  were  tested  in  a  prior  study  [12] 
to  determine  the  strength  of  the  aluminum-sapphire  bond.  A  notch  was  cut  in  the  aluminum  and 
symmetric  four-point  bend  tests. were  performed.  The  fracture  surfaces  had  the  dimpled 
morphology  characteristic  of  ductile  fracture,  indicating  that  failure  occurred  in  the  aluminum 
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and  not  at  the  interface.  This  shows  that  the  aluminum  is  strongly  bonded  to  the  sapphire  and  is 
assumed  to  deform  before  debonding  in  this  study. 


DISCUSSION 

In  order  to  shed  light  on  existing  strain  gradient  models,  a  simple  stress  state  is  needed  for 
testing.  This  is  because  all  models  predict  length  scale  effects  to  occur  during  inhomogeneous 
deformation  modes.  A  shear  stress  state  can  be  accomplished  by  testing  the  samples  under 
asymmetric  four-point  bending  [13].  A  schematic  illustration  of  the  test  geometry  is  shown  in 
Figure  1. 


Figure  1.  Schematic  of  the  sample,  loading,  and  the  .shear  and  moment  along  the  length  of  the  sample 


Z8.6.3 


A  constant  amount  of  shear  is  present  between  the  inner  contact  pins,  but  it  is  only  directly 
underneath  the  load-point  that  there  is  no  bending  moment.  Therefore,  proper  alignment  of  the 
interface  underneath  the  load-point  is  essential  to  avoid  mixed-mode  loading  of  the  interface.  To 
prepare  for  testing,  the  cylindrical  sandwiched  samples  are  cut  into  rectangular  rods  that  are 
approximately  40  mm  long,  2.5  mm  high,  and  3  mm  wide.  The  top  and  bottom  arc  ground  flat 
for  ease  of  mechanical  testing  and  polished  to  Ipm  to  remove  surface  flaws  that  would  lead  to 
premature  fracture  of  the  sapphire.  A  bending  test  apparatus  has  been  made  for  use  in  an  Instron 
mechanical  test  frame.  The  test  apparatus  is  designed  to  be  self-aligning,  so  that  the  load  from 
the  mechanical  test  frame  is  transmitted  directly  onto  the  center  of  the  bending  apparatus.  A 
5kN-load  cell  is  used  to  measure  the  force.  Displacement  is  measured  by  an  LVDT  as  well  as  by 
a  feeler  gauge  placed  underneath  one  side  of  the  interface.  The  stress-strain  curve  from  a 
mechanical  test  is  shown  in  Figure  2. 


strain 


Figure  2.  Streax-strain  cun  e  from  an  axy-mmetric  four-point  bend  text 


The  surfaces  of  the  samples  are  observed  using  a  scanning  electron  microscope  (SEM)  and 
displacement  between  the  sapphire  rods  is  observed.  The  displacement  within  the  aluminum 
appears  to  be  non-uniform.  An  average  value  of  48  ±  3pm  of  displacement  has  been  determined 
by  confocal  optical  microscopy.  Undeformed  samples  are  also  scanned  to  ensure  the  accuracy  of 
this  method.  These  scans  show  that  displacements  between  the  sapphire  were  not  present  before 
testing. 

In  order  to  detect  the  presence  of  a  boundary  layer  in  the  aluminum  near  the  sapphire,  the 
lattice  rotations  need  to  be  measured  from  the  center  of  the  aluminum  layer  to  the  interface.  To 
measure  the  rotation,  electron  backscatter  diffraction  patterns  (EBSD)  were  generated  in  a  SEM 
on  these  samples  (see  [14]  for  a  description  of  EBSD).  However,  the  signal  was  too  weak  to 
obtain  accurate  data  under  current  sample  preparation  methods.  Instead,  the  mechanically  tested 
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samples  were  cut  into  slices  for  observation  in  a  transmission  electron  microscope  (TEM). 

Lattice  rotation  can  be  measured  using  selected  area  electron  diffraction  patterns  that  display 
both  Kikuchi  lines  as  well  as  diffraction  spots.  The  type  of  rotation  in  the  diffraction  pattern 
depends  on  which  way  the  rotation  occurs  in  the  lattice.  Depending  on  the  axis  of  rotation  within 
the  aluminum,  either  the  lines  will  move  with  respect  to  the  spots  or  the  whole  pattern  will  rotate 
with  respect  to  the  optic  axis.  Either  type  of  rotation  can  be  measured  with  a  precision  of  at  least 
one  degree.  Unfortunately,  standard  TEM  sample  preparation  methods  cause  the  aluminum  to 
recrystallize.  Alternate  sample  preparation  methods  has  been  employed,  and  an  unrecrystallized 
sample  has  been  made  out  of  an  undeformed  bar.  From  initial  inspection  of  the  diffraction 
patterns  from  these  samples,  no  trend  in  rotation  is  detected.  Undeformed  samples  will  be  fully 
characterized  and  used  to  establish  a  baseline  trend  in  lattice  rotation.  Deformed  samples  are 
currently  being  prepared  in  this  newly  established  method  to  avoid  recrystallization 
complications. 

Once  deformed  samples  have  been  successfully  prepared,  lattice  rotations  will  be  measured 
using  selected  area  diffraction  in  the  TEM.  Diffraction  patterns  will  be  used  to  determine  the 
trend  in  lattice  rotation  as  the  interface  is  approached.  The  trends  in  rotation  will  be  confirmed 
using  electron  backscatter  diffraction  methods  (EBSD)  in  the  scanning  electron  microscope  once 
improved  sample  preparation  techniques  are  found  that  will  allow  for  a  stronger  signal.  Also, 
samples  using  single  crystal  metal  layers  will  be  fabricated.  Copper  will  be  used  since  it  is  easier 
to  polish  for  diffusion  bonding  as  well  as  TEM  sample  preparation.  It  should  also  produce  a 
stronger  signal  for  the  EBSD,  since  copper  generates  more  backscattered  electrons  that 
aluminum.  Single  crystal  aluminum  may  be  used  later  if  necessary. 


CONCLUSIONS 

We  are  currently  evaluating  two  models  of  strain  gradient  plasticity.  They  differ  from  one 
another  in  their  levels  of  complexity  and  concomitant  computational  demands.  The  comparison 
with  experimentally  observed  deformation  boundary  layers  at  interfaces  should  allow  for  an 
evaluation  of  the  level  of  complexity  that  is  necessary  to  capture  relevant  materials  behavior  in 
simulations.  Samples  have  been  fabrieated  with  interfaces  strong  enough  for  the  metal  layer  to 
deform  without  the  interface  debonding.  A  successful  preparation  method  for  TEM  samples  has 
been  found  and  an  initial  investigation  performed  on  undeformed  samples.  From  these  first 
observations,  no  trend  in  rotation  has  been  detected.  The  initial  microstructure  will  be  fully 
characterized  by  quantitative  measurement  of  the  diffraction  patterns.  The  successful  sample 
preparation  method  will  be  used  on  deformed  samples  to  detect  lattice  rotation  trends. 


ACKNOLEDGMENTS 

The  authors  would  like  to  thank  Dr.  J.  M.  McNaney  for  discussions  and  assistance  with  the 
mechanical  tests,  and  Dr.  J.  W.  Chan  for  assistance  with  the  confocal  microscope.  One  of  the 
authors  (MMB)  was  supported  through  the  Materials  Research  Institute  at  Lawrence  Livermore 
National  Laboratory.  This  work  was  performed  under  the  auspices  of  the  U.S.  Department  of 
Energy  by  the  University  of  California,  Lawrence  Livermore  National  Laboratory  under  contract 
number  W-7405-Eng-48. 


Z8.6.5 


REFERNCES 


1.  N.  A.  Fleck,  G,  M.  Muller,  M.  F.  Ashby,  and  J.  W.  Hutchinson,  Acta  Metall.  Mater,  42,  475 
(1993) 

2.  J.  S.  Stolken  and  A.  G.  Evans, /Ic/a.  Mater.  46,  5109  (1998) 

3.  N.  A.  Stelmashenko,  M.  G.  Walls,  L.  M.  Brown,  and  Y.  V.  Milman,  in  Mechanical 
Properties  and  Deformation  Behavior  of  Materials  Having  Ultra-Fine  Microstructures, 
edited  by  M.  Nastasi,  D.  M.  Parkin,  and  H.  Gleitcr.  (NATO  ASI  Series  E  233,  1993)  pp.  605- 
610 

4.  D.  J.  Lloyd,  Int.  Mater.  Rev.  39,  1  (1994) 

5.  M.  F.  Ashby,  Philos.  Mag.  21,  399  (1970) 

6.  E.  C.  Eringen,  Microcontinuum  field  theories  (Springer,  New  York,  1999) 

7.  N.  A.  Fleck  and  J.  W.  Hutchinson,  J.  Mech.  Phy.s.  Solids  41,  1 825  ( 1 993) 

8.  A.  Acharya  and  J.  Bassani,  in  Micromechanics  of  Plasticity  and  Damage  of  Multiphase 
Materials,  lUTAM  Symposium,  Paris.  Aug.  29  -  Sept  1,  1995 

9.  A.  Wikstrom,  Report  261,  Department  of  Solid  Mechanics,  Royal  Institute  of  Technology, 
Stockholm,  Sweden,  2000 

10.  S.  Sun,  B.L.  Adams,  C.  Shet,  S.  Saigal,  and  W.  King,  Scripta  Met.  39,  501  (1994) 

1 1.  W.  E.  King,  G.H.  Campbell,  A.W.  Coombs,  G.W.  Johnson,  B.E.  Kelly,  T.C.  Reitz,  S.L. 
Stoner,  W.L.  Wien,  and  D.M,  Wilson,  in  Joining  and  Adhesion  of  Advanced  Inorganic 
Materials,  edited  by  A.  H.  Carim,  D.  S.  Schwartz  and  R.  S.  Silberglitt  (Mat.  Res.  Soc.  Symp. 
Proc.  314,  Pittsburgh,  PA,  1993)  p.  61 

12.  W.  E.  King,  G.  H.  Campbell,  D.  L.  Haupt,  J.  H.  Kinney,  R.  A.  Riddle  and  W.  L.  Wien, 
Scripta  Metall.  Mater.  33,  1941  (1995). 

13.  G.  Hognestad,  and  D.  A.  Hills,  Journal  of  Strain  Analysis  for  Engineering  Design  29,  79 
(1994) 

14.  B.  L.  Adams,  S.  I.  Wright,  and  K.  Kunze,  Met.  Tran.s.  A  24A,  819  (1993) 


Z8.6.6 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  653  ©  2001  Materials  Research  Society 


Micromechanical  Modeling  of  Two-Phase  Steels 

Mikael  Nygards,  Dilip  Chandrasekaran^  and  Peter  Gudmundson 

Department  of  Solid  Mechanics 

’Department  of  Materials  Science  and  Engineering 

Royal  Institute  of  Technology 

100  04  Stockholm,  SWEDEN 

ABSTRACT 

A  two-dimensional  micromechanical  model  based  on  the  finite  element  method  is  presented  to 
model  two-phase  ferritic/pearlitic  steels,  by  aid  of  generalised  plane  strain  elements.  A  periodic 
representative  cell  containing  100  ferrite  grains,  and  the  desired  fraction  pearlite  is  used.  By 
applying  periodic  boundary  conditions,  loading  by  an  average  stress  or  strain  state  is  possible. 

Uniaxial  tensile  tests  were  performed  on  specimens  containing  the  ferrite  and  pearlite 
microstructures,  and  on  two-phase  materials  containing  25%  and  58%  pearlite  respectively.  The 
stress-strain  data  of  the  pearlite  material  is  used  to  fit  a  laminar  dependent  Taylor  relation  to 
represent  the  pearlite  workhardening.  Thereafter,  laminar  spacings  in  the  two-phase  materials  are 
measured,  and  the  total  stress-strain  response  of  the  materials  is  modelled.  Comparisons  between 
generated  data  and  experiments  show  good  agreement  up  to  a  strain  of  2%. 

INTRODUCTION 

Modeling  of  two-phase  materials  can  be  approached  with  self-consistent  methods  [1],  Mori- 
Tanaka  methods  [2]  or  can  easily  be  amenable  with  the  finite  element  method  (FEM).  The 
advantage  with  FEM  is  that  all  kinds  of  materials  may  be  modelled,  as  long  as  it  is  possible  to 
define  a  realistic  geometry  into  the  FEM  problem  formulation,  as  done  by  e.g,  Bohm  et  al.  [3] 
and  Johansson  et  al.  [4].  Since  this  work  focuses  on  modeling  of  two-phase  materials  from  a 
microstructural  viewpoint,  the  geometric  model  generated  must  be  representative  of  the  material 
at  the  microstructural  scale.  A  good  approach  in  modeling  microstructures  is  to  model  only  a 
representative  cell  that  is  characteristic  of  the  material.  In  this  case  a  small  fraction  of  the  whole 
material  is  considered,  typically  a  certain  number  of  grains.  If  the  cell  also  is  periodic,  one  may 
use  periodic  boundary  conditions,  which  is  favourable.  A  periodic  boundary  condition 
formulation  that  allows  one  to  introduce  dummy  nodes  to  control  the  average  strains  and  average 
stresses  over  a  periodic  cell  has  been  proposed  by  Adolfsson  and  Gudmundson  [5]. 

MATERIAL  CHARACTERISATION 

Four  different  ferrite/pearlite  steels  are  used  in  this  study.  The  materials  were  supplied  by  SSAB 
Swedish  Steel  AB,  and  have  varying  amount  of  pearlite:  0%,  25%,  58%  and  100%,  Micrographs 
of  Material  2  and  Material  3  are  shown  in  Figure  1.  From  microstructure  micrographs  (SEM)  it  is 
apparent  that  the  pearlite  laminar  spacing  differs  between  the  different  materials.  By  measuring 
the  finest  laminar  spacing  in  each  material  the  pearlite  in  the  material  could  be  characterised,  as 
presented  in  Table  1.  The  trend  is  that  the  pearlite  laminar  spacing  decreases  with  pearlite 
content. 
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Figure  1.  Microstructures  of  (a)  Material  2  (25%  pearlite)  ami  (b)  Material  3  (58%  pearlite). 

Table  1.  Pearlite  laminar  spacing,  I,  in  the  materials. 


Material  1  Material  2  Material  3  Material  4 

//pm 

0.3  0.25  0.15 

The  materials  have  been  tested  in  uniaxial  loading,  which  is  presented  in  Figure  2.  Pearlite  is  a 
laminar  structure,  built  up  of  ferrite  and  cementite,  and  is  harder  than  pure  ferrite.  Therefore,  a 
higher  pearlite  content  gives  a  harder  material. 


Figure  2.  Measured  stress-strain  curves.  Materials  1,  2,  3,  4  contain  respectively  0%,  25%,  58% 
and  100%)  pearlite. 
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NUMERICAL  MODEL 


The  idea  behind  the  numerical  modeling  is  to  use  a  unit  cell  model.  In  this  case  a  representative 
part  of  the  microstructure  is  modelled.  The  advantage  with  such  a  unit  cell  is  that  a  fairly  small 
part  of  the  material  can  to  be  considered  (in  this  study  the  cell  contains  100  grains),  which 
considerably  saves  computational  time.  Still  the  average  behaviour  of  the  materials  is  captured, 
as  long  as  the  unit  cell  is  representative. 

For  modeling  of  microstructures,  the  Voronoi  algorithm  has  been  found  to  be  applicable.  In  the 
general  two-dimensional  case,  the  algorithm  partitions  space  into  polygons.  This  structure  shows 
resemblance  with  real  microstructures,  which  is  advantageous.  The  original  unit  cell  used  in  this 
study  contains  100  Voronoi  cells.  It  is  worth  nothing  (in  Figure  3)  that  the  unit  cell  is  periodic,  it 
has  three  pairs  of  equivalent  sides,  and  this  enables  us  to  use  periodic  boundary  conditions. 

It  has  been  shown  earlier  that  the  model  predicts  the  experimental  data  quite  well  [6],  but  it  can 
be  improved  by  considering  microstructural  data.  The  purpose  of  this  study  is  to  incorporate  the 
pearlite  laminar  spacing  in  the  material  description,  for  modeling  of  the  two-phase  materials. 


Figure  3.  The  periodic  Voronoi  cell  containing  100  grains.  Note  the  periodicity,  there  are  three 
pairs  of  equivalent  edges:  left-right,  top-bottom  and  upper  left-lower  right. 

According  to  Ashby  [7]  the  stress-strain  relationship  for  the  pearlitic  structure  can  be  assumed  to 
depend  on  the  interlaminar  spacing,  /,  as, 

f7  =  CJo  +  C^^-^, 

where  do  is  the  yield  strength  and  is  plastic  strain.  The  equation  above  is  fitted  to  the  stress- 
strain  curves  for  Material  4,  and  thereby  the  constant  Q,  is  determined  (Cp=1.18  MPam^^^).  For 
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the  ferrite,  the  plastic  properties  are  fitted  to  the  stress-strain  curv'e  for  Material  1,  and  are  also 
assumed  to  behave  in  the  same  manner  for  all  materials. 

The  finite  element  method  is  used  to  solve  the  micromechanical  problem.  To  enable  the  use  of 
FEM,  the  cell  is  meshed.  Meshing  of  irregular  structures  is  a  fairly  difficult  task,  but  there  are 
several  commercial  and  public  domain  softwares  available.  In  this  case  a  Matlab  [8]  routine  with 
an  adaptive  mesh  generator  is  used.  Thereby,  finer  elements  are  created  around  short  boundaries. 
This  fact  is  utilised  to  create  our  two-phase  materials,  by  adding  the  pearlite  structure  in  a 
physieally  motivated  manner.  The  mesh  generator  creates  smaller  elements  close  to  grain 
boundaries  and  short  boundaries,  whieh  also  is  the  pearlite  location  in  the  materials.  Therefore, 
as  the  cell  is  meshed  the  desired  fraction  of  the  smallest  elements  is  sorted  out  to  represent  the 
pearlite,  In  this  way,  the  pearlite  “grows”  out  of  the  boundaries  as  the  amount  increases.  It  also 
creates  a  pearlite  structure,  with  smaller  and  larger  pearlite  colonies,  that  is  irregular  within  the 
cell.  In  Figure  4,  the  periodic  cell  representing  Material  2  and  Material  3  is  showTi.  Note  that  the 
same  finite  element  mesh  is  used  for  the  two  volume  fractions  pearlite.  The  only  feature  that 
differs  between  the  cells  is  the  amount  of  elements  that  represent  the  pearlite.  In  Material  2,  25  % 
of  the  cell  is  pearlite,  while  in  Material  3,  it  is  58  %. 


Figure  4.  Meshed  periodic  cells,  Material  2  (25%  pearlite)  and  Material  3  (58%  pearlite).  Dark 
grey  elements  represent  the  pearlite  and  light  grey  elements  represent  ferrite. 

The  finite  element  problem  is  solved  with  the  commercially  available  program  ABAQUS  [9].  In 
the  model,  5-noded  generalized  plane  strain  elements  are  used.  The  ferrite  and  pearlite  is 
modelled  as  elastic-plastic  materials  (E  =  202  GPa  and  v=0.3),  with  von  Miscs  plasticity  and 
isotropic  hardening. 

RESULTS  AND  DISCUSSION 

We  are  primarily  interested  in  studying  the  materials  on  a  continuum  basis,  particularly  the 
average  stresses  and  strains  over  the  periodic  cells.  By  aid  of  the  periodic  boundary  condition 
formulation  we  introduce  dummy  nodes,  one  node  for  each  component  in  the  average  strain 
tensor.  In  the  fomiulation,  the  displacement  of  the  nodes  are  interpreted  as  average  strains,  and 
by  use  of  the  principle  of  virtual  work,  the  reaction  forces  of  the  same  nodes  can  be  identified  as 
the  average  stresses  times  the  volume  of  the  cell.  This  fonnulation  makes  it  possible  to  compare 
average  stress-strain  curves  of  the  models,  with  experimental  uniaxial  tension  te.sts.  In  Figure  4, 
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the  results  for  Material  2  and  Material  3  are  plotted.  First,  we  have  the  solid  lines  that  represent 
the  experiments.  Secondly,  the  dotted  lines  that  are  generated  by  the  Voronoi  model,  without 
compensation  for  the  differences  in  pearlite  laminar  spacing.  Thirdly,  the  results  for  the  Voronoi 
model  with  the  pearlite  model  included  are  plotted  as  dashed  lines.  It  is  obvious  that  the  Voronoi 
model  overestimates  the  stresses,  but  when  the  pearlite  laminar  spacing  dependency  is 
incorporated  in  the  model,  the  stresses  at  high  strains  come  much  closer  to  the  experimental 
curv^es.  A  major  advantage  with  the  random  generation  of  the  Voronoi  model  is  that  it  is  possible 
to  generate  several  different  periodic  cells,  which  gives  a  statistical  basis  for  the  pearlite 
locations  because  of  the  different  meshes.  As  ten  different  cells  were  generated,  the  standard 
deviation  of  the  stress  at  2%  strain  was  5.0  MPa  for  Material  2  and  6.6  MPa  for  Material  3,  i.e. 
about  1%  deviation. 

However,  around  the  yield  point,  none  of  the  models  predicts  the  results  very  well.  This  is 
basically  due  to  the  fact  that  more  complicated  deformation  mechanisms  are  operating  around 
the  yield  point,  e.g.  Luders  band  formation,  and  other  dislocation  based  mechanisms  that  are 
difficult  to  catch  with  continuum  models.  Even  though  the  pearlite  structure  has  a  complicated 
laminar  structure,  it  is  fairly  well  predicted  with  continuum  mechanics  after  some  loading.  This 
fact  makes  us  optimistic  in  modeling  two-phase  microstructures  by  the  finite  element  method, 
and  especially  with  the  Voronoi  model,  which  has  been  compared  to  other  models  elsewhere  [6]. 
In  that  study  it  was  concluded  that  the  Voronoi  model  best  captured  the  behaviour  of  this  two- 
phase  steel. 

If  one  chooses  a  material  system  that  consists  of  two  phases  that  are  better  described  by  a 
continuum,  one  would  probably  predict  the  average  properties  even  better.  Especially,  as  the 
finite  element  method  offers  the  opportunity  to  model  very  realistic  microstructures,  and  periodic 
boundary  conditions  make  it  possible  to  model  a  representative  part  of  the  materials,  instead  of 
modeling  the  structure  in  whole. 

A  way  to  further  improve  the  model,  but  still  keeping  the  continuum  approach,  would  be  to 
model  the  microstructure  in  three  dimensions.  Then,  even  more  realistic  microstructures  could  be 
modelled.  As  for  now,  the  microstructure  is  only  elongated  in  the  third  direction.  However,  finite 
element  modeling  of  arbitrary  structure  in  three  dimensions  is  a  difficult  task.  It  is  especially  the 
meshing  procedure  complicates  the  model  generation,  since  it  is  difficult  to  keep  the  number  of 
elements  low  enough,  and  at  the  same  time  maintain  good  aspect  ratios  of  the  elements. 

CONCLUSIONS 

Modeling  of  two-phase  ferrite/pearlite  steels  has  been  performed  with  the  finite  element  method. 
It  was  found  that  better  agreement  could  be  reached  between  experimental  uniaxial  tension  tests 
and  simulations,  if  the  pearlite  laminar  spacing  was  incorporated  as  a  work  hardening  parameter 
in  the  two-phase  materials. 
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Figure  5.  Comparisons  between  experiments  and  Voronoi  model,  with  and  without  pearlite 
model. 
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ABSTRACT 

e 

Advanced  martensitic  steels  are  leading  candidate  materials  for  fusion  reactor  structural 
components  due  to  their  resistance  to  void  swelling,  and  good  balance  of  physical  and 
mechanical  properties.  However,  irradiations  at  temperatures  below  about  400X'‘  result  in 
increases  in  the  cleavage-to-microvoid  coalescence  transition  temperature,  as  well  as  reductions 
in  the  upper-shelf  tearing  toughness.  This  paper  reports  on  the  transition  regime  fracture 
toughness  properties  of  two  unirradiated  7-9Cr  martensitic  alloys,  F82H  and  T91.  Effective 
fracture  toughness-temperature  curves,  Ke(T),  were  measured  in  the  transition  regime  using 
relatively  small  pre-cracked  specimens.  Three  sets  of  data  obtained  on  different  specimen  sizes 
and  geometries  for  the  two  steels  are  analyzed.  All  the  data  can  be  placed  on  a  single  so-called 
master-curve,  when  shifts  due  to  size/geometry  and  material  are  taken  into  account.  The  results 
from  mechanical  tests,  finite  element  method  (FEM)  simulations  of  crack  tip  fields  and  confocal 
microscopy-fracture  reconstruction  observations  are  presented.  The  link  between  the  different 
mechanisms  taking  place  at  various  length  scales,  resulting  in  the  complex  process  of  cleavage 
fracture,  is  discussed. 


INTRODUCTION 

While  tempered  martensitic  steels  are  among  the  most  promising  candidate  materials  for 
structural  components  of  fusion  reactors  [1],  they  experience  a  so-called  ductile  to  brittle  fracture 
mode  transition  from  high-temperature  microvoid  coalescence  to  low-temperature  cleavage  [2]. 
As  a  consequence  of  neutron  irradiation,  the  transition  between  the  ductile  and  brittle  regime  is 
shifted  to  higher  temperature,  possibly  limiting  the  use  of  these  steels  in  some  applications  to 
fusion  first  wall  and  blanket  structures.  It  is  therefore  of  primary  importance  to  characterize  both 
the  fracture  properties  of  the  unirradiated  material  and  to  develop  a  methodology,  based  upon  an 
understanding  of  the  fundamental  mechanisms,  to  assess  the  changes  in  fracture  toughness  under 
irradiation  in  order  to  safely  manage  reactor  structures. 

The  macroscopic  failure  in  real  structures  results  from  the  interplay  and  succession  of  a 
series  of  atomic-,  microscopic-,  mesoscopic-  and  macroscopic-scale  mechanisms  which 
eventually  lead  to  fracture.  Studies  and  efforts  to  link  the  information  obtained  at  an  atomic  level 
to  macroscopic  continuum  mechanics  scales  have  been  undertaken,  e.g.  [3,  4,  5]  The  goal  of  this 
paper  is  to  link  our  results  and  investigations  performed  at  different  length  scales.  First, 
macroscopic  measurements  of  effective  fracture  toughness  data  are  obtained  on  two  different 
steels  of  the  7-9Cr  class  with  relatively  small  specimens.  Second,  finite  element  simulations  are 
shown  to  be  a  powerful  tool  to  model  the  fracture  toughness  curve  based  on  a  local  fracture 
criterion.  Finally,  support  for  FEM  simulations  and  insight  into  the  fracture  processes  are  given 
by  means  of  a  fracture  reconstruction  technique  using  confocal  microscopy,  which  allows 
observation  of  the  sequence  of  events  leading  to  failure  from  analysis  of  the  three  dimensional 
topographies  of  the  two  conjugate  fracture  surfaces  of  a  broken  specimen. 
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EXPERIMENTAL  PROCEDURES 


Two  plates  of  advanced  reduced  activation  F82H  tempered  martensitic  steel  were 
investigated  as  part  of  an  International  Energy  Agency  (lEA)  coordinated  program  on 
ferritic/martensitic  steels.  The  F82H  steel  contains  7.65  w't%  Cr,  2  wt%  W,  0.1  wt%  C  and  a  total 
of  less  than  1  wt%  Mn,  Mo,  V,  Ta,  Ti,  Si,  with  the  balance  Fe.  The  steel  was  produced  by  NKK 
Corporation  under  the  sponsorship  of  Japan  Atomic  Energy  Research  Institute  and  was  heat- 
treated  by  normalizing  at  1313  K  for  0.5  h  and  tempering  at  1013  K  for  2  h  [6].  The  results  of 
F82H  presented  here  were  obtained  on  specimens  cut  out  from  two  different  plates.  In  addition,  a 
modified  vanadium-niobium-stabilized  martensitic  steel  was  studied.  The  alloy  is  close  to  the 
ASTM  designation  T91  (Fe-8.26Cr-0.1C-0.95Mo-0.2V-0.075Nb).  It  was  normalized  for  2.5h  at 
1343K  and  tempered  for  4.75h  at  1038K.  It  was  produced  by  CEA-CEREM-DEM-GRENOBLE 
and  provided  by  ECN  Nuclear  Energy  at  Petten. 

As  a  part  of  an  extensive  study  of  the  effect  of  specimen  geometry  and  size  on  fracture 
toughness,  tests  were  carried  out  on  fatigue  pre-cracked,  20%  side-grooved,  small  compact 
tension  specimens,  with  crack  length  a  to  specimen  width  W  ratios  of  about  a/W=  0.5  and  a 
specimen  thickness  (B)  to  width  ratio  of  BAV  =  0.5.  For  F82H,  B  4.6  mm  (0.1 8T  CT)  and  for 
T91,  B  =  5.0  mm  (0.2T  CT).  Static  tests,  at  a  ram  displacement  rate  of  about  4  pm/s,  were 
carried  out  under  displacement  control  on  a  servohydraulic  load  frame  at  temperatures  ranging 
from  77  to  188  K.  Temperature  control  was  provided  by  either  a  liquid-nitrogen-cooled  alcohol 
bath  or  a  regulated  N2  gas  environment.  Test  and  analysis  procedures  to  determine  Kje  or  Kq, 
representing  valid  small  scale  yielding  elastic-plastic  toughness  and  large  scale  yielding 
toughness,  respectively,  were  based  on  ASTM  Standard  Practice  E813  and  El 92 1-97,  where  the 
specimen  geometry  can  also  be  found. 


EXPERIMENTAL  RESULTS  AND  DISCUSSION 

Mechanical  testing 

It  is  now  well  established  that  the  fracture  toughness  temperature  curves  of  reactor  pressure 
vessel  steels  (RPV  steels)  have  a  relatively  constant  shape  [7].  In  1998,  the  ASTM  Standard 
Practice  E  1921-97  was  approved,  which  allows  establishing  a  transition  toughness  curve  with  a 
relatively  small  number  of  specimens  based  upon  several  key  assumptions  including  that  the 
toughness  temperature  curve  has  a  constant  master  curve  (MC)  shape.  The  MC  can  be  indexed 
on  an  absolute  temperature  at  a  reference  temperature  To  corresponding  to  a  given  reference 
toughness  value  (100  MPa  m*"^^)  for  a  specific  loading  conditions.  The  MC  equation  for  RPV 
steels  is  given  by: 


Ke(T)  =30+70exp{0.019(T-To)}  (1) 

Empirical  evidence  on  RPV  steels  suggests  that  irradiation  elevates  To  by  ATo  without 
affecting  the  shape  of  the  toughness-temperature  curve  [7].  Therefore,  the  temperature  shifts  ATo 
induced  by  irradiation  can  be  used  to  place  the  fracture  toughness  curve  on  an  absolute  scale,  by 
replacing  To  measured  on  the  unirradiated  material  by  To+ATo.  More  generally,  other  factors 
such  as  specimen  size  and  geometry  as  well  as  loading  rate  also  induce  ATo  shifts.  Using  the  MC 
concept  and  the  MC-AT  shift  approach,  data  obtained  in  this  study  with  small  compact  tension 
specimens  (CT)  on  the  T91  and  F82H  steel  are  presented  and  compared  with  previous  data 
obtained  on  F82H  with  larger  pre-cracked  Charpy  (PCC)  3-point  bend  specimens  [8].  Note  that 
the  analysis  that  follows  is  not  based  on  the  procedure  in  ASTM  192 1-97.  Rather,  we  follow  the 
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MC-AT  approach  and  simply  compare  the  experimental  toughness  data  associated  with  severe 
constraint  loss  as  well  as  more  valid  elastic  plastic  data  to  the  MC  shape. 

The  0.2T  CT  fracture  test  results  obtained  on  the  T91  steel  are  shown  in  Figure  1.  Note  that 
all  the  specimens  failed  by  a  quasi-cleavage  fracture  mode.  The  data  plotted  on  the  figure  are  IQ, 
the  static  effective  fracture  toughness,  which  intrinsically  depends  on  the  metallurgical  state, 
loading  rate  and  specimen  size  and  geometry  factors. 


Figure  1.  Effective  fracture  toughness  curve  versus  temperature  T91  steel,  0.2T  CT  specimens 

Only  for  restricted  conditions  (plane  strain,  mode  I  loading,  and  much  smaller  plastic  zone 
than  the  characteristic  specimen  dimensions),  can  Ke  be  considered  as  a  material  property.  For 
the  0.2T  CT  geometry  used  here,  the  IQ  data  are  reasonably  valid  up  to  about  100  MPa  m  [9] 
where  in-planc  constraint  is  maintained.  The  few  data  points  lying  above  200  MPa  m'  clearly 
underwent  extensive  loss  of  constraint.  Using  the  equation  of  the  MC  for  the  RPV  steels,  the 
temperature  To  for  the  data  of  the  Figure  1  was  about  -1  lUC.  Ke  data  for  F82H  have  already 
been  presented  in  [9]  and,  for  the  sake  of  clarity,  have  not  been  included  in  the  Figure  1 .  A  fit  of 
the  MC  on  the  F82H  0.18T  CT  data  yielded  a  temperature  To  of-132°C,  It  was  previously 
shown  that  the  MC  for  RPV  steels  well  represented  the  Ke(T)  trends  for  another  plate  of  F82H 
data.  In  this  case  the  tests  were  on  PCC  specimens  with  a/W  =  0.5  and  W=B=10  mm.  In  this 
case  To  was  found  to  be  about  -75  °C.  In  order  to  plot  all  the  data  along  a  single  MC,  chosen  as 
the  curve  for  the  F82H  PCC  specimens,  the  data  of  the  CT  specimens  of  T91  and  F82H  steels 
have  been  shifted  by  ATs  of  36  and  5TC,  respectively.  The  data  are  plotted  in  Figure  2.  Table  I 
summarizes  the  different  conditions  and  respective  shifts  of  the  MC  with  respect  to  the  reference 
curve  of  the  PCC  specimens  of  F82H.  It  appears  that  the  RPV  MC  satisfactorily  models  the 
experimental  IQ  data.  However,  toughness  data  are  associated  with  large  constraint  loss  and  are 
far  from  valid  at  higher  temperatures;  thus,  the  agreement  is  not  entirely  consistent  with  the  MC- 
type  behavior  assumed  in  El 92 1-97. 

As  might  be  expected,  the  smaller  0.18TCT  specimens  of  F82H  exhibit  a  lower  indexed 
temperature  To  than  that  of  the  PCC  specimens.  In  addition  to  plate-to-plate  variations,  one 
difference  is  the  crack  front  length  B,  since  the  ligament  length  b  =  W-a  is  only  slightly  snialler. 
Effects  of  the  crack  front  length  B  on  fracture  toughness  are  usually  associated  with  statistical 
effects  [10],  but  loss  of  lateral  or  out-of-plane  constraint  also  occurs  for  specimens  with  smaller 
crack  front  length.  Both  effects  of  decreasing  B  (statistical  and  out-of-plane  constrain  loss)  lead 
to  a  higher  effective  toughness,  which  is  equivalent  to  a  lower  index  temperature  To-  It  is  still  not 
well  established  how  these  two  effects  can  be  separated  and  quantified  and  studies  are  ongoing  to 
address  this  issue  [1 1].  Of  course,  as  noted  above,  material  differences  can  also  partly  explain  the 
differences  in  To  in  the  three  cases.  However,  the  major  conclusion  is  that  different  sets  of 
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fracture  toughness  data  for  tempered  martensitic  steels  can  be  described  by  an  MC  curv'e-type 
shape. 


Figure  2.  Effective  fracture  toughness  curve  versus  adjusted  temperature  T’.  0.2TCT  T91  steel,  0.18TCT  F82H  and 

DPCC  F82H 


Table  I.  Summaiy  of  the  MC  To  indexes  for  the  different  size/geometry  and  materials  used  in  this  study 


Steel 

Specimen 

geometry 

W  (mm) 

B  (mm) 

a/w 

To(°C) 

AT(°C) 

F82H 

(UCSB  plate) 

Charpy 

10 

10 

0.5 

-75 

0 

F82H 

(PSI  plate)  i 

0.1 8T  CT 

9 

4.5 

0.5 

-132 

57 

T91 

0.2  TCT 

10 

5 

0.5 

-111 

36 

FEM  simulations 


The  microscopic  fracture  behavior  was  modeled  using  FEM  simulations  of  the  stress/strain 
fields  at  the  blunting  crack  tip.  Two  dimensional  plane  strain  simulations  were  performed  with 
the  ABAQUS^^  5.8  code  for  both  the  PCC  specimens  and  0.1 8T  CT  specimens  using  an 
empirical  constitutive  model  for  F82H.  ABAQUS  models  the  effect  of  the  multiaxial  stress  state 
using  the  Mises  stress  potential  and  associated  J2  flow'  law.  The  micromechanical  model  was 
based  on  the  criteria  originally  proposed  by  Ritchie,  Knott  and  Rice  [12]  stating  that  the  cleavage 
occurs  when  a  critical  stress  a*  exceeds  a  certain  value  over  a  critical  distance  X*,  modified  by 
replacing  A,*  by  a  critical  area  A*  or  a  critical  volume  V*.  The  local  quasi -cleavage  fracture 
condition  used  here  assumes  that  quasi-cleavage  occurs  when  o*  encompasses  A*  in  front  of  the 
crack  tip.  As  described  in  [2],  quasi-cleavage  involves  multiple  microcrack  nucleation,  followed 
by  propagation  and  arrest  at  lath  packet  and  prior  austenite  grain  boundaries.  Ductile  tear  ridges 
separate  the  planar  cleavage  facets,  which  coalesce  into  a  microcrack/tear  ridge  process  zone 
which  stably  grows  up  to  a  point  of  instability.  The  instability  condition  corresponds  to  a  critical 
stress  Cf*  over  a  critical  distance  x*  ahead  of  the  crack  tip  and  requires  a  critical  displacement  y* 
perpendicular  to  the  fracture  plane  to  accommodate  the  opening  of  the  process  zone.  The 
combination  of  x*  and  y*  results  in  A*.  The  a*  and  A*  are  assumed  to  be  independent  of 
temperature,  In  the  references  [8,9],  the  results  of  these  simulations  have  been  previously 
presented  for  the  F82H  0.1 8T  CT  and  PCC  specimens.  Values  of  a*-A*  were  estimated  by 
fitting  the  Ke(T)  to  experimental  data,  and  were  found  to  be  about  2400MPa-10'*  m^  and 
2200MPa-8*10'‘^  m^  for  the  0,1 8CT  and  PCC  specimens,  respectively.  The  a*-A*  calculated 
values  are  also  plotted  on  Figure  2. 
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Confocal  microscopv-Fracture  reconstruction 


The  local  approach  to  fracture  assessment  based  upon  the  a*/A*  criterion  can  be  further 
developed  and  validated  by  novel  techniques  such  as  confocal  microscopy(CM)-fracture 
reconstruction  (FR).  This  technique  was  developed  several  years  ago  [13]  using  the  specificity  of 
a  confocal  microscope.  Confocal  microscopy  is  used  to  characterize  three-dimensional  images  of 
the  conjugate  fracture  surfaces  with  a  resolution  of  about  0.5pm  in  each  direction.  The  detailed 
description  of  this  technique  can  be  found  in  [8,  13].  The  objective  of  this  technique  is  to  use  the 
CM  information  to  reproduce  the  sequence  of  microscopic  events  leading  to  macroscopic  failure 
of  the  specimens.  The  location  of  critical  features  such  as  micro-crack  initiation,  void  nucleation, 
crack  growth  and  propagation  of  unstable  crack  can  in  principle  be  identified.  This  is  achieved 
by  overlapping  the  two  deformed  fracture  surfaces  to  reproduce  the  crack  configuration  at  the 
beginning  of  the  test.  During  FR,  the  surfaces  are  then  computationally  separated  by  a  distance 
corresponding  to  the  crack  tip  opening  displacement  6.  The  corresponding  locations  that  separate 
at  various  6  are  revealed.  Thus,  the  overall  evolution  of  the  damage  leading  to  macroscopic 
fracture  can  be  followed  up  to  a  critical  value  of  5.  Example  results  from  the  analysis  are  given 
in  Figure  3,  corresponding  to  the  tougher  0.2T  CT  specimen  of  T91  tested  at  -85°C. 


8  =  250  [im  6  =  260  |J.m  6  =  270 


Figure  3.  Example  of  fracture  reconstruction.  0.2T  CT  specimen  pfT91  atT  =  -85°C  exhibiting  a  large 
amount  of plastic  deformation  before  failure  by  quasi-cleavage. 

The  separated  areas  appear  in  black,  while  the  white  areas  represent  intact  material.  This 
specimen  failed  by  quasi-cleavage  after  a  large  amount  of  plastic  deformation.  It  can  be  seen  that 
the  damage  initiates  at  a  6  of  about  220  pm.  As  the  crack  blunts,  the  damage  evolves  into  a 
bridged  process  zone  crack  [2]  and  ultimately  the  micro-cracks  coalesce  into  a  macroscopic 
unstable  cleavage  crack.  The  unstable  crack  propagates  at  about  6,;  =  260  pm.  This  can  be 
used  to  calculate  the  fracture  toughness  Ks  as  =  (2E’6cCyy)*^  [8].  In  this  case  the  Ks  was  found 
equal  to  264  MPa  m'^^  while  the  Ke  measured  from  the  load  displacement  curve  was  equal  to  270 
to  MPa  m'^^.  Thus,  CM-FR  provides  important  insights  into  the  fundamental  process  of  fracture 
as  well  as  direct  measures  of  fracture  toughness.  Moreover,  correlation  between  the  position  of 
the  damage  initiation  as  found  by  fracture  reconstruction  and  that  of  the  peak  stress  ahead  of  the 
crack  tip  and  ultimately  with  the  o*-A*  criterion  can  be  made  [2], 
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CONCLUSIONS 


A  comparison  between  fracture  toughness  data  of  two  advanced  tempered  martensitic  steels 
was  presented.  It  was  shown  that  the  effective  fracture  toughness  curves  obtained  from  the 
various  small  specimens  of  the  two  different  steels  tend  to  follow  a  constant  master  curve  shape. 
The  master  curve  was  placed  on  an  absolute  temperature  scale  by  a  reference  temperature  T^. 
The  effects  on  To  of  specimen  size  and  geometry,  material  and  material  variability  were 
accounted  for  using  the  AT-MC  method.  Thus,  three  sets  of  different  fracture  data  could  be 
placed  on  a  single  master  curve  after  estimation  of  the  AT  shift  with  respect  to  a  selected 
reference  curve.  FEM  simulations  of  crack  tip  stress  fields  were  combined  with  critical  stress- 
critical  area  local  fracture  criterion  model  K,;(T)  curves.  Finally,  it  was  shown  that  the  CM-FR 
technique  can  be  used  to  follow  the  initiation  and  development  of  damage  ahead  of  the  crack  tip 
as  a  function  of  the  crack  tip  opening  and  to  compare  the  critical  distance  from  cleavage  models 
to  measured  distance  on  the  corresponding  tomographic  images  of  the  damage  development 
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ABSTRACT 

The  present  paper  experimentally  studies  the  cracking  phenomena  of  a  TiN  thin  film 
on  a  titanium  alloy,  and  presents  a  new  approach  to  predict  the  number  of  cracks  under 
tensile  load.  An  elastoplastic  shear-lag  model  is  developed  to  obtain  the  stress 
distribution  caused  by  the  film  cracks,  which  is  found  to  agree  well  with  that  calculated 
with  FEM.  The  number  of  thin  film  cracks  is  predicted  using  a  Monte  Carlo  simulation 
using  the  present  approach,  and  favourably  compared  with  the  experimental  results. 

INTRODUCTION 

Engineering  titanium  alloys  have  attractive  mechanical  properties  and  have  been  used 
in  the  aerospace  field.  However,  its  poor  wear  characteristics  prevent  titanium  alloys 
from  being  widely  used  as  an  engineering  material.  Then,  the  surface  treatment  has  been 
required  to  overcome  this  problem.  One  of  such  techniques  is  the  thin  film  coating. 
However,  many  studies[l,  2]  have  already  reported  that  the  multiple  film  cracks  are 
generated  by  the  residual  thermal  stress  and/or  the  applied  load,  and  can  be  the  cause  of 
the  decrease  in  wear  resistance.  The  main  aim  of  the  present  study  is  to  experimentally 
investigate  the  crack  phenomena  of  a  TiN  thin  film  on  the  titanium  alloy  substrate  and 
to  propose  an  appropriate  crack  evolution  model.  In  the  present  paper,  we  propose  an 
elastoplastic  shear-lag  model  for  a  bi-material  (Ti-alloy/TiN)  plate.  This  model  can 
easily  and  accurately  calculate  the  stress  distribution  in  the  film  on  the  elastoplastic 
substrate.  Utilizing  the  present  model,  a  Monte  Carlo  simulation  is  conducted  for 
predicting  the  number  of  film  cracks  based  on  the  strength  distribution  of  the  observed 
initial  cracks. 

EXPERIMENTAL  PROCEDURE 

A  TiN  film  was  deposited  on  Ti-alloy  flat  plates  (SP-700  (NKK  Corporation))  with 
dimensions  of  100  mm  x  10.0  mm  x  2.0  mm  by  the  arc  ion  plating  method.  The 
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thickness  of  TiN  film  was  1 .7  Jim.  A  uniaxial  tensile  test  was  performed  at  a  constant 
crosshead  speed  of  0.4  mm/min. 


EXPERIMENTAL  RESULTS 

Figure  1  shows  crack  density  versus  the  applied  strain  for  film  thickness  1.7  pm. 
The  crack  density  was  defined  as  the  number  of  cracks  per  unit  length  (1mm).  An  initial 
crack  was  observed  at  about  £c  =  0.2  %.  The  crack  density  kept  increasing  as  the  applied 
strain  increased,  and  was  saturated  at  about  1.1  %  strain.  From  the  view  point  of  the 
engineering  application,  it  should  be  noted  that  the  film  crack  can  be  generated  at  such  a 
low  applied  strain.  Figure  2  shows  the  photograph  of  multiple  film  cracks  after  the 
saturation.  Figure  3  shows  that  the  film  crack  penetrating  into  the  substrate.  The 
substrate  crack  length  was  found  approximately  4  times  as  long  as  the  film  thickness. 


Figure  1.  Experimental  results  of 
film  crack  density 


◄ - ► 

Loading  direction 

Figure  1.  Photograph  of  multiple  film 
cracks  after  the  saturation 


5pm 


◄ - ► 


Loading  direction 


(a) 


Figure  3.  Photograph  of  a  crack  penetrating  into  the  substrate 
When  the  film  is  relatively  thick,  the  cracks  are  generated  only  due  to  thermal 
residual  stresses.  So,  we  fabricated  several  specimens  with  different  film  thicknesses  to 
evaluate  the  thermal  residual  stress.  Figure  4  shows  the  crack  driven  only  by  the  thermal 
residual  stress  (film  thickness:  10  pm).  When  the  thickness  was  less  than  10  pm,  the 
film  cracks  were  not  generated.  The  thermal  residual  stress  oj/,  calculated  by  the  Beuth 
model  [2]  was  358  MPa.  Figure  5  shows  the  Weibull  distribution  for  the  stress  of  the 
initial  crack  in  the  film  obtained  trom  experiments  with  different  films.  Then,  we  can 
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assume  that  the  initial  film  crack  strength  within  the  observed  region  is  Ef^+a,h.  When 
the  final  crack  interval  is  longer  than  the  critical  interval  for  the  influence  of  crack 
interactions  (8  times  of  the  film  thickness),  the  strength  distribution  is  controlled  only 
by  the  distributed  flaw  size  in  the  film.  Therefore,  it  is  found  that  they  reasonably  follow 
the  Weibull  distribution  as  shown  in  Fig.  5. 


In  (T 


Figure  4.  Photograph  of  a  channeling  crack 

Figure  5.  Determination  of  Weibull  parameters 
using  linear  regression 


ELASTOPLASTIC  SHEAR-LAG  MODEL 

The  present  paper  proposes  a  new  approximate  approach  which  considers  the  strain 
hardening  effect  of  the  substrate.  The  present  model  is  shown  in  Fig.  6.  The  model 
includes  a  substrate,  an  interfacial  shear  region  and  a  thin  film.  The  substrate  and 
interfacial  shear  region  are  assumed  to  follow  the  bilinear  elastoplastic  stress-strain 
curve  as  shown  in  Fig.  7.  In  addition,  we  assume  that  an  interfacial  shear  region  does 
not  carry  any  axial  load  and  follows  the  pure  shear  stress-strain  curve  of  the  substrate. 
The  model  is  divided  into  A:  =  100  elements  and  each  node  is  called,  in  turn,  /  =  0,1,...,A: 
as  shown  in  Fig,  6,  The  superscript  5  and / denote  substrate  and  film,  respectively. 
and  EF  are  Young's  and  plastic  tangent  moduli  of  the  substrate  and  interfacial  shear 
region,  respectively  as  shown  in  Fig.  7,  and  G  is  the  shear  modulus  of  the  substrate  and 
interfacial  shear  region.  The  thicknesses  of  the  film  and  interfacial  shear  region  are  h 
and  d,  respectively. 


Strain  (%) 


,  ....  .  .  Figure  7.  Experimental  stress-strain  curve  of 

Figure  6.  Schematic  of  the  present  model 

titanium  alloy 

The  shear-lag  equations  for  film  elements  are  divided  into  two  regions  as  shown  in 


Fig.  6.  One  is  the  case  where  the  film  stress  is  transferred  by  the  elastic  intcrfacial  shear 
region.  The  other  is  the  case  where  the  film  stress  is  transferred  by  the  plastic  interfacial 
shear  region.  The  shear-lag  equations  for  both  regions  are  given  by 

(1) 

dx  h 

and  t=Gy  (Elastic  interfacial  shear  region)  (2) 


or 


(3) 


=  A{y  +  B)  (Plastic  interfacial  shear  region) 


where  ^is  the  shear  strain  and  <t,  is  the  yield  stress  given  by  the  Von-Mises  relation.  The 
equation  (3)  is  expressed  with  the  Hencky  relation. 

The  above  equations  can  be  approximately  rewritten  by  the  nodal  displacements  and 
given  by 

(Elastic  interfacial  shear  region) 


2E>  \,  G  ,  .  f 


(4) 


(Plastic  interfacial  shear  region) 
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The  shear-lag  equations  for  substrate  elements  are  divided  into  four  regions.  It  is 
because  the  substrate  itself  will  be  yielded  at  the  higher  strain.  Thus  it  should  be 
considered  whether  the  interfacial  shear  region  is  elastic  or  plastic  and  the  substrate  is 
elastic  or  plastic. 

The  shear-lag  equation  for  substrate  elements  are  given  by 

^  =  L  (6) 

dx  I 


T=Gy  (Elastic  interfacial  shear  region)  (7) 


r  =  A{y  -I-  B)  (Plastic  interfacial  shear  region)  (8) 
where  /  is  the  thickness  of  the  substrate.  Though  the  substrate  follows  the  elastoplastic 
stress-strain  curve  shown  in  Fig.  7,  we  assume  that  the  interfacial  shear  stress  does  not 
contribute  to  the  increase  of  the  Von-Mises  equivalent  stress.  The  above  equations  can 
be  rewritten  by  the  nodal  displacements  and  given  by 
(Substrate;  Elastic,  Interface:  Elastic) 
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G  2E^  ^  u  f  h'  /  g 


(Substrate:  Elastic,  Interface:  Plastic) 
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(Substrate:  Plastic,  Interface:  Elastic) 
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(Substrate:  Plastic,  Interface:  Plastic) 
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The  stress  distribution  in  the  TiN  film  is  given  by  solving  Eqs.  (1)  to  (12) 
numerically  [3]. 

In  order  to  assert  the  validity  of  the  present  model,  we  conducted  the  elastoplastic 
FEM  calculation  (ABAQUS  code).  Comparison  between  the  elastoplastic  shear-lag 
model  and  the  FEM  analysis  for  different  fragment  intervals  (L/2=  100  and  50  pm)  is 
shown  in  Fig.  8.  In  this  calculation,  we  used  d=21h  for  arbitrary  strain  and  interval 
cracks.  Although  the  present  model  is  very  simple,  the  results  have  good  agreements 
with  various  kinds  of  FEM  results  using  one  fitting  parameter  d. 


Distance  from  the  film  cracking  point  (  nm) 


Distance  from  the  film  cracking  point  ( (tm) 


(a)  1/2  =  100  pm  (b)  Z/2  =  50  pm 

Figure  8.  Analytical  results  for  different  fragment  intervals 

MONTE  CARLO  SIMULATION 

To  study  the  film  cracking  process,  a  Monte  Carlo  simulation[4]  is  conducted.  In  the 
simulation  program,  a  film/substrate  system  of  length  Lq,  which  is  the  same  as  the 
observed  field  length  vvithin  the  microscope,  is  subjected  to  the  tensile  strain  increasing 
with  a  discrete  step,  Afand  the  whole  length  of  the  film  is  divided  into  a  number  of 
smaller  elements.  Assuming  the  strength  of  every  element  follows  a  Weibull  distribution 
as  shown  in  Fig.  5,  the  element  strength  is  computationally  given  by 
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where  ^is  a  length  of  an  unit  element,  Tji  is  a  random  number  generated  between  0  and 
1  in  the  computer  and  (J,i,  is  the  residual  thermal  stress  in  the  film.  As  the  applied  strain 
increases,  it  is  judged  whether  the  elements  are  broken  or  not  by  comparing  each 
strength  with  the  axial  stress  obtained  from  the  present  shear-lag  analysis. 

Figure  9  shows  the  simulated  results  compared  with  experiments.  The  obtained  results 
are  reasonably  in  good  agreement  with  the  experimental  results.  Therefore,  it  is  found 
that  the  spatial  strength  distribution  follows  the  Weibull-Poisson  statistics  and  the 
cracking  phenomena  is  controlled  by  the  nonlinear  stress  transfer  and  the  penetration 
length,  which  affects  the  free  parameter  d. 


Figure  9.  Comparison  between  present  simulation  and  experimental  results 


CONCLUSION 

The  present  paper  proposed  a  new  theoretical  approach  to  predict  the  damage  process 
of  the  TiN  thin  film  on  the  titanium  alloy  substrate  under  the  tensile  load.  A  new 
elastoplastic  shear-lag  model  provided  the  stress  distribution  which  agreed  well  with 
that  calculated  with  the  FEM  analysis.  The  number  of  cracks  was  successfully  simulated 
by  the  Monte  Carlo  Simulation  with  the  present  shear-lag  approach.  This  result  can  be 
very  useful  for  the  damage  characterization  of  TiN  thin  film  coatings. 
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ABSTRACT 

Multiple  layers  of  an  Interstitial  Free  (IF)  steel  microstructure  are  polished  and  analyzed 
using  EBSP  and  Orientation  Imaging  Microscopy  (OIM)  technique.  This  enables  to  build  a  3D 
finite  element  mesh  which  represents  the  actual  grains  arrangement.  Then  a  30  %  reduction  plane 
strain  compression  is  applied  on  this  mesh  in  order  to  capture  the  heterogeneous  deformation  of 
the  aggregate.  After  deformation,  many  grains  show  large  orientation  spreads,  and  thus  do  not 
follow  a  Taylor  type  assumption.  This  computation  also  shows  that  the  stored  energy  distribution 
depends  on  the  chosen  definition. 


INTRODUCTION 

In  polycrystals,  nucleation  preferential  locations  prior  to  recrystallization  are  located  near 
strain  heterogeneities  [1],  e.g.  grain  boundaries  and  triple  junction  areas,  or  interfaces  between 
different  slip  domains.  These  areas  are  frequently  related  to  high  local  stored  energy  distributions 
and  also  to  orientation  gradients.  An  accurate  understanding  of  the  mechanisms  governing 
recrystallization  requires  the  description  of  the  dislocations  arrangements  development  and  the 
evolution  of  the  mechanical  fields  arising  from  their  presence.  The  study  of  polycrystals 
deformation  has  been  realized  for  a  long  time  with  homogenization  models,  especially  the  Taylor 
model  and  its  modified  versions  for  computing  texture  evolution  at  large  strain  [2],  In  spite  of  its 
simplicity  and  its  ability  to  produce  results  in  qualitative  agreement  with  experiments,  the  Taylor 
model  does  not  describe  the  intra-granular  heterogeneity.  Moreover,  as  it  is  based  on  the 
assumption  of  homogeneous  plastic  deformation,  it  can  not  be  used  for  computing  the  stored 
energy.  On  the  contrary,  finite  element  method  enables  to  simulate  the  inhomogeneous 
deformation  of  crystalline  aggregates,  and  brings  a  new  approach  to  get  mesoscopic  information. 
Coupling  it  with  a  recrystallization  model  brings  a  new  way  to  study  the  development  of 
recrystallization  textures  [3].  The  interest  in  such  computations  is  to  analyze  the  bulk  interaction 
effects  between  grains.  Nevertheless,  most  of  the  studies  dealing  with  such  problems  have  not 
considered  the  grains  arrangement  in  the  aggregate  according  to  experimental  considerations.  In 
the  next  part  of  this  paper,  a  methodology  to  build  a  3D  mesh  will  be  detailed  which  will  take 
into  account  an  actual  microstructure  discretization.  Then  a  constitutive  law  based  on  a 
hardening  matrix  depending  on  dislocation  densities  on  all  slip  systems  will  be  presented. 
Dislocation  density  and  plastic  work  distributions,  textures  evolution  and  strain  maps  will  then 
be  deduced  from  the  computation  results. 
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METHODOLOGY 


The  material  used  in  this  simulation  is  a  hot  rolled  IF  steel,  presenting  an  equiaxe  grain 
shape,  an  isotropie  texture,  and  a  grain  size  about  100  pm.  Its  composition  is  given  in  table  I. 
The  crystallographic  orientations  determination  is  carried  out  using  a  SEM  operating  at  25  kV 
and  OIM  software. 


Table  I.  IF  steel  chemical  composition  (10'^  %  weight) 


c 

Mn 

P 

S 

N 

Al 

Ti 

!  Mo 

Si 

Cu 

Cr 

Ni 

Fe 

4.2 

129 

_ 7  j 

5 

3.5 

44 

108 

'  3 

13 

17 

21 

20 

Bal, 

In  order  to  prepare  the  EBSD  acquisition,  a  sample  is  cut  from  a  plate,  and  a  RD-ND  section  is 
polished.  An  area  of  504*504  pm^  is  identified  and  analyzed.  The  incident  electron  beam  is 
displaced  every  8  pm,  in  order  to  obtain  a  grid  of  63*63  elements,  which  orientations  are  known 
by  the  Bunge  angles.  The  Kikuchi  patterns  indexations  are  automatically  performed  with  TSL- 
OIM  analysis  software,  according  to  the  maximum  confidence  index  computed  with  all 
indexations  for  a  given  pattern.  Once  the  analysis  of  the  first  layer  is  complete,  the  sample  is 
polished  one  more  time  in  order  to  remove  a  25  pm  thickness  from  the  surface.  Another  EBSD 
analysis  of  the  area  which  was  previously  identified  is  realized  and  the  procedure  described 
above  is  repeated  in  order  to  obtain  6  layers  (figure  I).  A  150  pm  thickness  is  analyzed  using  this 
technique.  In  order  to  integrate  the  results  produced  by  the  EBSD  acquisition,  a  3D  mesh  was 
created,  which  dimensions  in  the  RD-ND  plane  correspond  to  the  ones  of  the  6  analyzed  layers. 
This  mesh  is  composed  of  12  layers,  in  order  to  obtain  well-balanced  elements.  On  every  layer, 
every  8-nodes  element  with  selective  integration  is  assigned  the  exact  position  and  orientation 
provided  by  the  experimental  analysis,  in  order  to  obtain  the  mesh  shown  on  figure  2.  Boundary 
conditions  are  applied  such  that  the  sample  deforms  by  compression  along  ND  and  by  extension 
along  RD.  The  moving  face  which  normal  is  parallel  to  ND  is  supposed  to  remain  plane,  and  the 
ones  normal  to  TD  are  enforced  not  to  displace.  The  imposed  thickness  reduction  is  30  %,  which 
corresponds  to  a  von  Mises  plastic  strain  £^^=0.41.  The  simulation  is  carried  out  using  Abaqus^'^ 
finite  element  software. 


Figure  2.  3D  finite  element  mesh 
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CRYSTAL  PLASTICITY  MODEL 

The  crystalline  plasticity  constitutive  law  uses  a  large  deformation  framework  based  on  the 
multiplicative  decomposition  of  the  deformation  gradient  into  elastic  and  plastic  parts.  At  room 
temperature,  slip  occurs  on  the  24  slip  systems  {1 10}<11 1>  and  (1 12}<1 1 1>.  The  resolved 
shear  stress  ,  the  critical  shear  stress  and  the  slip  rate  f  are  related  by  a  viscoplastic  power 
law 


xi>x'  and  7=0  otherwise  (1) 

I  ^ 

with  as  a  reference  slip  rate. 

As  long  as  slip  occurs,  hardening  is  caused  by  the  interactions  of  different  slip  systems.  This 
is  usually  modeled  by  a  phenomenological  relationship  between  a  critical  shear  stress  increment 

and  all  slip  strain  increments  weighted  with  an  hardening  matrix  h  . 


to 


A. 


sgn(x )  if 


The  hardening  terms  contained  in  h'"  do  not  remain  constant  during  deformation,  but 
depend  on  internal  variables  (dislocation  densities  on  all  slip  systems)  in  order  to  take  into 
account  the  physical  aspects  of  plasticity  [4],  On  a  particular  slip  system  (5),  the  evolution  of  the 
dislocation  density  p*  is  governed  by  a  production  term  based  on  Orowan’s  relationship  and  is 
balanced  by  an  annihilation  term  which  takes  into  account  the  dynamic  recovery  during 
deformation.  Thus,  it  may  be  shown  [5]  that 


f  \ 


with  L“  representing  the  mean  free  path  of  the  mobile  dislocations  gliding  on  the  system  u. 


t^u 


p  and  b  are  the  respective  shear  modulus  and  burger  vector  magnitude;  gc  is  proportional  to  the 
annihilation  distance  of  dislocation  dipoles;  K  is  a  material  parameter.  a^“  is  an  hardening  matrix 

which  coefficients  depend  on  interactions  between  dislocation  families  s  and  u  (table  II).  The 
physical  meaning  of  the  whole  parameters  set  is  detailed  in  [6].  The  parameters  used  for  this 
simulation  were  identified  [7]  using  a  polycrystalline  model  and  an  inverse  method  from 
experimental  results.  They  are  recapitulated  in  table  III. 
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Table  II.  matrix  interaction  coefficients 


Plane 

I  niOtndlO} 

{110}nm2l  ' 

{112}nfll2}  n 

Identical 

1  0.125  1 

0.162 

Collinear 

0.125  j 

0.131 

0.162 

Not  collinear 

0.143  1 

0.138 

0.186 

Table  III.  Behavior  law  parameters 


Anisotropic  elasticity 

Viscoplasticitv' 

C„(MPa) 

Cn(MPa) 

C44(MPa) 

K 

To  (MPa) 

gc(nni)  !  n  j 

Yo  (s') 

po  (ni'^) 

_ 230__^ 

135  i 

_ m _ j 

30  , 

_ 30 

10  i  200 

hP 

66*1  o'" 

To  and  po  are  the  respective  initial  shear  rate  and  dislocation  density  on  evei^  slip  system  .v.  Cy  are  the  elastic  'moduli 


RESULTS 
Texture  evolution 


The  texture  evolution  is  presented  on  figure  3.  The  area  of  the  black  circle  is  proportional  to 
the  volume  fraction  of  the  considered  orientation  in  the  aggregate.  The  initial  texture  can  be 
assimilated  as  a  random  one.  According  to  the  finite  element  modeling,  the  grains  split  in  many 
orientafions  after  30  %  reduction.  As  a  comparison,  the  texture  predicted  by  a  Taylor  model  in 
which  is  introduced  the  same  hardening  law  as  presented  above,  shows  that  grain  rotation  has 
occurred,  but  of  course  without  any  development  of  orientation  spreading. 


In  this  subsection,  the  effect  of  the  surrounding  grain.s  on  a  particular  layer  located  in  the 
bulk  of  the  aggregate  is  analyzed  (figure  4).  This  layer  presents  heterogeneities  with  highly 
deformed  areas.  Although  a  macroscopic  30%  reduction  is  applied,  the  deformation  in  the 
compressive  direction  extends  from  0.02  to  1.  Some  highly  deformed  bands  seem  to  be  tilted  30 
degrees  from  the  extension  direction.  They  form  a  quite  regular  pattern.  Some  of  them  cross 
several  grains  and  do  not  seem  to  be  affected  by  the  grain  boundary  presence  (figures  4  and  5). 
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Figure  4.  Deformed  grains  shapes 


Figure  5.  Deformation  isovalues  in  the  compression 
direction 


Stored  energy 

Finally,  two  ways  of  estimating  the  stored  energy  are  performed.  After  cold  work,  the  stored 
energy  is  caused  by  the  elastic  energy  of  the  dislocations  arrangements.  Thus,  in  first  approach, 
we  assume  that  the  stored  energy  per  unit  volume  is  proportional  to  the  total  dislocation  density 
p  and  can  be  computed  with  the  formula 

ES=|nb^p  (5) 

According  to  many  papers,  the  stored  energy  can  be  considered  as  a  constant  fraction  of  the 
plastic  work  used  for  straining,  and  the  ratio  between  the  last  quantities  ranges  between  0.5  and 
15  %  [8].  In  the  present  simulation,  the  plastic  work  per  unit  volume  is  calculated  according  to 

W’’=ij|ad8"dV  (6) 

where  V  is  the  volume  of  the  considered  element.  The  both  simulations  results  can  be  seen  on 
figures  6  and  7.  In  both  cases,  these  quantities  are  higher  near  grain  boundaries  (figure  4). 
However,  the  dislocation  density  gradient  between  the  center  of  a  grain  and  the  grain  boundary  is 
higher  than  the  plastic  work  one.  Moreover,  the  dislocation  density  is  inhomogeneous  on  both 
sides  of  a  grain  boundary.  It  is  not  worthy  to  correlate  the  plastic  work  distribution  with  the 
deformation  one. 


Figure  6  Dislocation  density  map  (arbitrary  units)  Figure  7,  Plastic  work  distribution  (arbitrary  units) 


It  may  be  seen  that  high  strained  areas  received  a  great  amount  of  plastic  work  (figures  5  and  7). 
This  means  in  this  computation  that  the  plastic  work  is  mainly  representative  of  a  glide  activity. 
It  is  now  necessary  to  analyze  the  discrepancies  between  these  both  computations.  In  the  present 
model,  the  dislocation  density  and  the  slip  evolutions  on  a  particular  system  are  not  coupled,  as  it 
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is  written  in  equation  (3).Thus,  the  model  enables  to  get  a  slip  increment  on  the  system  0?)  and  at 
the  same  time,  a  steady-state  regime  for  the  dislocation  density. 

Now,  the  question  of  the  pertinence  of  these  stored  energy  estimations  has  to  be  discussed.  First, 
the  total  plastie  work  is  not  a  state  variable.  Equation  (6)  depends  on  the  deformation  path.  Thus, 
it  is  not  of  great  evidence  that  this  quantity  represents  the  stored  energy. 

In  the  same  way,  it  has  been  recently  shown  [9]  that  the  stored  energy  does  not  follow  a  linear 
law  with  the  dislocation  density  for  high  strains.  Then,  it  seems  to  be  necessary  to  analyze  in  a 
more  specific  way  the  means  of  computing  the  stored  energy  of  cold  work  before  trying  to 
modeling  recrystallization. 


CONCLUSION 

A  3D  finite  element  mesh  has  been  built,  according  to  an  actual  microstructurc.  Then  a  plane 
strain  compression  was  computed.  It  enabled  to  obtain  cartographies  which  have  shown  the 
heterogeneous  deformation  of  the  grains.  Moreover,  the  texture  evolution  was  analyzed  and  does 
not  follow  a  Taylor  type  assumption.  Then,  two  usual  ways  of  estimating  the  stored  energy  of 
cold  work  were  performed.  Some  discrepancies  were  observed  between  the  both  results.  They 
proceed  from  the  non-proportionality  between  the  strain  and  dislocation  densities  rates  in  the 
model. 
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